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PREFACE 


This  volume  contains  papers  presented  at  the  1998  MRS  Fall  Meeting  in  Boston, 
Massachusetts,  in  Symposium  M,  entitled  "Fracture  and  Ductile  vs.  Brittle 
Behavior— Theory,  Modelling  and  Experiment."  The  symposium  brought  together 
the  many  communities  that  investigate  the  fundamentals  of  fracture,  with  special 
emphasis  on  the  ductile/brittle  transition  across  a  broad  spectrum  of  material 
classes,  fracture  at  interfaces,  and  modelling  fracture  over  various  length  scales. 
Theoretical  techniques  discussed  ranged  from  first-principles  electronic  structure 
theory  to  atomistic  simulation  to  mesoscale  and  continuum  theories,  along  with 
studies  of  fractals  and  scaling  in  fracture.  Experimental  and  theoretical  talks  were 
interspersed  throughout  all  sessions,  rather  than  being  segregated. 

The  contributions  to  this  volume  generally  follow  the  topical  outline  upon 
which  the  symposium  was  organized.  The  first  part,  dealing  with  ductile  vs.  brittle 
behavior  in  metals,  concerns  itself  with  investigations  of  high-strength  steel, 
magnesium  alloys,  ordered  intermetallics,  and  Fe-Cr-Al  alloys.  The  development 
of  analytical  methods  based  on  micromechanical  models,  such  as  dislocation 
mechanics  and  cohesive/contact  zone  models,  are  covered  in  a  follow-up  section, 
nonmetals,  including  silicon,  are  considered  in  Parts  III  and  IV.  Fractals,  chaos, 
and  scaling  theories  are  taken  up  in  Part  V,  with  a  special  emphasis  on  fracture  in 
heterogeneous  solids.  Modelling  based  on  large  populations  of  dislocations  has 
substantially  progressed  during  the  past  three  years;  hence,  a  section  devoted  to 
crystal  plasticity  and  mesoscale  dislocation  modelling  appears  next.  Finally,  the 
technologically  significant  area  of  interfacial  fracture,  with  applications  to 
composites  and  intergranular  fracture,  is  taken  up  in  Part  VII. 

We  hope  that  this  volume  will  serve  as  a  useful  reference,  and  will  help  to  incite 
new  ideas  in  fracture  research  not  only  for  those  engineers,  theoreticians,  and 
experimentalists  who  have  been  working  in  the  field,  but  also  for  those  who  are 
new  to  the  field. 

Thanks  are  due  to  Peter  Qumbsch,  who  assisted  in  the  preliminary  planning  of 
the  symposium;  to  Christine  Townsley,  who  provided  invaluable  administrative 
support  at  UCSB;  to  Margherita  Chang  and  Lisa  Fischer,  who  assembled  the  table  of 
contents  and  indices;  to  the  MRS  staff,  who  offered  excellent  logistical  support;  and 
to  the  1998  MRS  Fall  Meeting  Chairs,  Clyde  L.  Briant,  Eric  H.  Chason,  Howard  E. 
Katz,  and  Yuh  Shiohara. 

The  symposium  was  generously  supported  by  the  Office  of  naval  Research,  the 
Army  Research  Office,  the  Air  Force  Office  of  Scientific  Research,  and  the  Center 
for  Theoretical/Computational  Materials  Science  at  the  national  Institute  of 
Standards  and  Technology.  The  organizers  would  like  to  offer  our  personal  thanks 
to  Dr.  Brian  Sanders  and  Dr.  Ozden  Ochoa  of  AFOSR;  Dr.  Peter  Reynolds  of  OHR; 
and  Dr.  Sharon  Glotzer  and  Dr.  Jim  Warren  of  CTCMS/HIST  for  their  role  in 
encouraging  excellence  in  fracture  research. 


Glenn  E.  Beltz 

Robin  L.  Blumberg  Selinger 

Kyung-Suk  Kim 

Michael  P.  Marder 

January  1999 
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ABSTRACT 

Dynamic  simulations  of  the  fracture  toughness  as  a  function  of  the  orientation  and  tem¬ 
perature  were  carried  out  and  compared  with  experimental  results  obtained  by  in-situ  loading 
pre-cracked  NiAl  single  crystals  inside  a  scanning  force  microscope  (SFM).  In  order  to  compare 
the  simulations  with  the  experiments  the  problem  of  the  short  crack  with  dislocations  was  solved 
for  general  loading  and  arbitrary  slip  line  directions.  The  stress  and  strain  field  obtained  could  be 
directly  connected  to  FEM  calculations  which  allowed  the  examination  of  the  stability  of  micro 
cracks  at  notches.  The  effect  of  different  fracture  conditions  for  biaxial  loading  were  studied  in 

detail.  ... 

The  dynamic  simulation  yielded  predictions  of  Kic,  slip  line  length  and  dislocation  distri¬ 
butions  as  a  function  of  loading  rate,  temperature  and  orientation.  These  predictions  were  tested 
by  in-situ  loading  NiAl  single  crystals  inside  a  SFM  at  various  temperatures.  The  local  COD,  slip 
line  length  and  apparent  dislocation  distribution  at  the  surface  were  measured  as  a  function  of  the 
applied  load  and  the  temperature.  The  experiments  clearly  demonstrated  that  dislocations  emit 
from  the  crack  tip  before  unstable  crack  jumps  occur.  The  local  COD  could  be  directly  related  to 
the  number  of  dislocations  emitted  from  the  crack  tip.  With  increasing  temperature  the  number 
of  dislocations  and  the  local  COD  increased  before  unstable  crack  jumps  or  final  fracture  oc¬ 
curred. 

INTRODUCTION 

Fracture  processes  in  complicated  alloys  are  influenced  by  the  material  properties  at  differ¬ 
ent  size  scales.  To  establish  the  boundary  condition  for  a  fracture  problem  constitutive  equations 
combined  with  FEM  calculations  are  needed.  This  is  the  macroscopic  size  scale.  However,  in 
order  to  understand  the  influence  of  microstructure  on  crack  nucleation  and  growth  the  local 
stresses  which  result  from  the  incompatibility  stresses  of  grains  and  grain  boundaries  must  be 
known.  These  stresses  act  on  dislocations  which  either  nucleate  cracks  (by  piling  up  at  inter¬ 
faces)  or  blunt  and  shield  cracks  from  the  applied  load,  this  nowadays  is  called  the  mesoscopic 
scale.  Last  but  not  least  the  local  fracture  stress  as  well  as  the  interactions  and  reactions  between 
dislocations  must  be  understood  in  order  to  predict  the  behavior  of  different  materials,  this  is  the 
microscopic  scale.  This  paper  addresses  experimentally  as  well  as  theoretically  open  questions 
connected  with  the  meso-macro  connection.  Special  experiments  are  described  from  which 
quantitative  data  of  the  deformation  processes  at  a  crack  tip  can  be  obtained  at  the  mesoscopic 
scale. 

The  detailed  processes  at  crack  tips  in  quasi  brittle  materials  are  still  an  open  issue.  There¬ 
fore  we  designed  an  experiment  that  gives  us  the  quantitative  data  directly  which  are  needed  in 
mesoscopic  dislocation  models. 

In  the  first  part  the  model  which  lead  us  to  the  experiments  is  briefly  described.  Based  on 
the  simple  concept  of  a  dynamically  loaded  crack  shielded  by  the  emission  of  dislocations  [1]  we 
will  consider  a  microcrack  embedded  in  an  elastic-plastic  stress  field  near  a  notch.  The  second 
part  will  focus  on  the  experimental  set  up  and  on  the  results  in  detail. 
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In  principle  we  have  to  measure  the  dislocation  distribution  at  a  crack  tip  as  a  function  of 
the  applied  load,  loading  rate  and  temperature  and  this  quantitatively.  This  seems  to  be  ambi¬ 
tious,  however,  a  scanning  force  microscope  (SFM)  allows  to  measure  deformations,  at  least 
perpendicular  to  surfaces,  extremely  precise.  Therefore  a  special  tensile  stage  for  in  situ  loading 
at  various  temperatures  was  designed  which  fits  under  a  SFM. 

But  not  only  the  instrument,  the  specimens  as  well  have  to  fulfil  several  conditions:  a)  they 
must  have  a  brittle  to  ductile  transition  near  room  temperature  since  the  scanner  of  a  SFM  oper¬ 
ates  only  in  a  limited  temperature  range  and  b)  it  must  be  possible  to  relate  the  deformations 
measured  at  the  surface  to  the  deformation  in  the  center  of  the  specimen.  For  this,  single  crystals 
with  special  orientations  are  needed. 

For  the  tests,  NiAl  single  crystals  were  used  with  Burgers  vectors  parallel  to  the  surface  in 
order  to  ensure  plane  deformation.  To  connect  internal  properties  with  the  properties  measured 
on  the  surface,  fracture  toughness  tests  with  large  and  small  specimens  were  conducted.  The  re¬ 
sults  were  compared  with  the  predictions  obtained  from  the  measured  elastic  deformation  field 
at  the  crack  tip,  the  local  COD  and  the  displacement  field  within  the  slip  bands  at  the  crack  tip 
The  last  three  can  only  be  obtained  with  an  SFM  combined  with  an  in  situ  loading  device. 

THE  MESO-MACRO  CONNECTION 

In  order  to  study  the  behavior  of  small  cracks  in  polycrystalline  specimens  computer 
simulations  of  the  dynamic  crack-tip  shielding  process  were  combined  with  a  Finite  Element 
Analysis.  The  simulation  of  the  stability  of  a  crack  which  emits  dislocations  is  based  in  principle 
on  the  mesoscopic  model  of  Hirsch  et  al.  [1].  However,  instead  of  a  semi-infinite  crack  loaded  in 
mode  HI,  a  crack  of  finite  length  loaded  in  mode  I  and  in  mixed  mode  I/II  is  considered  here. 

The  tractions  acting  on  the  crack  are  obtained  from  the  macroscopic  FEM-model  by  a  procedure 
fully  described  elsewhere  [2].  The  idea  of  the  new  model  is  sketched  in  Fig.  1. 


Fig.  1 .  Meso-macro  connection,  a)specimen,  b)  enlarged  FEM  net,  c)  boundary  stresses  for  the 

simulation 

A  macroscopic  specimen  (a)  is  supposed  to  contain  small  cracks.  Because  of  the  three- 
axial  stress  state  the  notch  area  is  of  primary  concern  (b).  Assuming  a  microstructure  within  one 
finite  element  (Fig.  lc),  a  crack  of  length  2a  is  generally  loaded  in  mixed  mode  (c).  The  stability 
of  this  micro  crack  can  be  calculated  using  the  mesoscopic  simulation  model  [3]  with  the  local 
boundary  conditions.  The  external  load  is  increased  linearly  with  a  constant  rate.  For  each  load¬ 
ing  step  the  boundary  conditions  for  the  mesoscopic  model  were  obtained  from  the  elastic-plastic 


FEM  model.  The  elastic  plastic  model  can  be  considered  as  a  first  approximation  to  incorporate 
work  hardening  into  the  mesoscopic  model. 

Instead  of  the  well  known  equations  for  the  semi-infinite  crack  [4]  we  therefore  need  the 
far  field  solution  of  the  finite  crack  which  is  loaded  with  a  constant  rate  and  with  dislocations  on 
slip  planes  which  are  not  symmetrical  to  the  crack  tip.  The  far  field  solution  is  needed  in  order  to 
use  the  boundary  tractions  from  the  FE  element  chosen  for  the  micro  crack  location  [5]. 

The  stress  fields  of  the  loaded  crack  and  the  surrounding  dislocations  can  be  obtained  by 
applying  the  technique  of  Muskhelishvili  [6].  The  procedure  for  evaluating  a  crack  of  finite 
length  with  arbitrary  orientation  and  loading  conditions  is  briefly  described  below.  The  model 
and  results  obtained  by  this  model  are  given  in  detail  elsewhere  [2].  Solving  the  following  sys¬ 
tem  of  equations  individually  for  the  loaded  crack  without  dislocations  and  for  the  crack  with 
dislocations  but  without  external  load,  respectively,  yields  the  complete  stress  field  by  superpo¬ 
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For  constant  applied  loads  off  ,ol2f  ,cr|f  the  analytic  function  (p’(z)  is  given  by  Rice  [7]. 
From  this  ®’(z)  and  the  stresses  can  be  obtained  in  a  straightforward  manner.  To  obtain  the  com¬ 
plete  stress  field  the  applied  loads  <r“f  22  musf  be  added  afterwards. 

For  a  linearly  increasing  load  used  in  the  simulation  (p’(z)  can  be  calculated  in  an  analo¬ 
gous  manner: 


cp'(z) 


-(o2°2-iCTi°)  *WaZ  -t2 
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The  nonanalytic  function  co’(z)  and  the  stresses  are  than  obtained  easily. 

Dislocations  exert  stresses  on  the  crack,  too.  The  procedure  to  derive  dislocation  stress 
fields  is  slightly  different  and  analogous  to  the  method  described  by  Lin  and  Thomson  [4].  The 
complete  stress  field  is  again  given  by  the  complex  functions 

9’  =cpo’  +  <Pi’,  (8) 

©’  =©0’  +  ©r,  (9) 

with  <p0’(z)  and  ®o’(z)  Siven  in  t4!  311(1  <P’i 1S  given  below, 
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with  Aj  = 


\xb 


27lj(K  + 1) 

and  a>i’  can  be  calculated  easily.  This  set  of  equations  was  used  to  calculate  the  momentary 
stress  field  on  a  microcrack  in  front  of  a  notch.  The  load  was  taken  from  the  stress  at  the  FEM 
element  which  contains  the  micro  crack.  The  algebraic  sums  obtained  for  the  stresses  and  forces 
are  complicated  and  handled  by  an  algebraic  program  like  mathematica  [5, 2]. 

From  the  resulting  stress  field  the  various  interaction  forces  between  crack  and  dislocations 
can  now  be  calculated  for  different  crack  and  slip  plane  orientations  applying  the  Peach-Koehler 
equation.  The  results  of  dynamic  simulations  depend  strongly  on  the  assumptions  used  for  the 
emission  criterion,  the  velocity  law  and  the  dislocation  interactions  considered.  This  is  discussed 
elsewhere  [8].  Here,  as  an  example,  only  the  effect  of  the  loading  mode  is  shown  (Fig.  2). 
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Fig.  2:  Dynamic  simulation  of  Kic  as  a  function  of  the  Kn/Ki-ratio 

Ki  and  Kn  represent  the  applied  load  that  cause  a  mode  I  crack-tip  field  and  a  mode  II 
crack-tip  field,  respectively.  For  a  crack  length  of  100  pm  and  a  temperature  of  500  K  the  influ¬ 
ence  of  increasing  Kn  ratio  is  investigated.  In  this  case  the  fracture  criterion  can  be  given  either 
from  macroscopic  energy  considerations  at  notches  by 

(ki, local)2  +  (kn,iocai)2  =  ken2  {criterion  II)  (1 1) 

or  by  kjjocai  =  kor  ( criterion  I )  where  the  second  criterion  seems  to  be  more  reasonable  for 
a  micro  crack. 

With  increasing  Kn-loading,  the  crack  behaves  either  more  and  more  ductile  as  expected 
from  experiments  on  single  crystals  or  more  brittle  if  a  process  zone  is  considered.  This  is  not 
trivial  because  in  a  dynamic  model  not  only  the  normal  stress  decreases  but,  in  parallel,  the  stress 
on  the  dislocations  increases  and  causes  shielding  as  well  as  higher  dislocation  velocities.  Hence 
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for  the  same  external  loading  conditions  a  micro  crack  can  behave  either  ductile  or  brittle  de¬ 
pending  where  the  crack  initiates  in  the  micro  structure  of  the  notch. 

However,  as  mentioned  above,  the  results  of  the  simulation  depend  strongly  on  the  as¬ 
sumptions.  Therefore  experiments,  which  yield  information  of  the  local  dislocation  distribution 
at  the  crack  tip  as  a  function  of  the  orientation  and  applied  loading  conditions  are  needed.  First 
results  obtained  on  single  crystals  loaded  in  four  point  bending  are  given  below  for  uniaxial 
loading.  But  the  bending  device  can  easily  be  modified  for  biaxial  loading. 

EXPERIMENT 


Specimens 


Large  NiAl  single  crystals  were  grown  by  the  Bridgman  technique.  From  the  crystal  plates 
4-point-bend  specimens  were  cut  with  dimensions  of  roughly  3x2x15  mm3  and  3x2x25  mm3 
(Fig.  3).  Two  orientations  were  examined:  the  soft  orientation  with  a  <11 0>  loading  axis  and  the 
hard  orientation  with  a  <100>  loading  axis  given  in  detail  in  Fig.  4.  The  surface  was  mechani¬ 
cally  polished  with  diamond  paste  of  %  pm  grain  size  which  produced  the  fine  markings  on  the 


surface  used  for  the  slip  offset  evaluation. 

Sharp  cracks  were  initiated  either  by  a  razor  blade  pressed  under  load  into  the  bottom  of 
the  notch  (soft  orientation)  or  by  cyclic  loading  in  compression-compression  fatigue  \9]. 
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Fig.  3:  4-point-bending  specimen  for  the  AFM 
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Fig.  4:  Specimen  orientation 


Tensile  Machine 

Important  design  criteria  for  the  loading  device  are:  the  loading  device  must  fit  under  an 
SFM,  the  construction  must  be  rigid  and  compact  in  order  to  allow  the  examination  of  quasi  sta¬ 
ble  crack  growth.  A  photograph  of  the  loading  device  is  given  in  Fig.  5.  The  load  must  be  con¬ 
trolled  exactly  to  avoid  discontinuities.  Displacement  and  load  must  be  continuously  monitored 
in  order  to  compare  the  external  data  with  the  microscopic  data. 

For  loading  a  piezo  stack  (black  cylinder  in  Fig.  5)  with  a  maximum  elongation  of  39,5  pm 
and  a  loading  range  of  up  to  200  N  is  used.  The  piezo  stack  is  controlled  by  a  DMS  bridge  to 
correct  for  hysteresis  effects  (especially  for  the  loading  at  higher  temperatures).  The  load  and 
strain  are  measured  with  a  calibrated  bar. 

The  four  point  bending  rig  is  designed  for  point  loading  to  avoid  moments  from  unprecise 
machined  specimens.  The  specimen  can  be  moved  in  the  x-y-direction  to  position  the  crack  tip 
within  the  scanning  range  of  the  piezo  scanner. 
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SFM 


Fig.  5:  Loading  device  constructed  by  us  for  in-situ  testing  in  a  SFM 


For  in-situ  loading  a  SFM  with  scanning  tip  design  is  needed  allowing  for  arbitrary  speci¬ 
men  sizes.  The  nanoscope  II  used  has  a  scanning  range  of  100  pm  with  a  vertical  resolution  of 
better  than  1/10  nm  and  a  lateral  resolution  of  approximately  1  nm  (depending  on  the  tip  radii). 
To  suppress  the  mechanical  vibrations  the  loading  device  and  the  SFM  are  damped  by  a  spring 
suspension  system. 

Heating  system 

For  the  tests  at  higher  temperatures  longer  specimens  are  used  to  fix  a  resistance  heater  to 
the  ends.  The  main  problem  for  measuring  at  higher  temperatures  is  the  drift  of  the  piezo  system 
hence  of  the  loading  and  of  the  scanning  device.  The  drift  of  the  loading  piezo  s  is  controlled  by 
strain  gages,  the  drift  of  the  scanner  by  calibration  at  every  temperature.  This  limits  the  tem¬ 
perature  to  400  K. 

EXPERIMENTAL  RESULTS 


“Soft  Orientation” 

Fig.  6  shows  a  typical  mode  I  crack  under  load.  The  crack  propagated  in  micro  pop-ins. 
But  before  every  pop-in  blunting  by  dislocation  emission  was  observed.  For  the  small  specimens 
used  the  crack  front  was  <100>,and  the  crack  plane  {110},  hence  <100>{  100} -slip  can  be  as¬ 
sumed. 


The  two  slip  planes  emanating  from  the  former  crack  tip  are  clearly  visible.  The  Burgers 
vector  lies  in  the  surface  since  nearly  no  deformation  perpendicular  to  the  surface  could  be  de¬ 
tected.  The  surface  displacement  could  be  only  measured  from  the  slip  offset  of  the  polishing 
traces.  From  these  offsets  the  dislocation  distribution  near  the  crack  tip  can  be  estimated.  Sur¬ 
prisingly  a  constant  offset  of  approximately  150  nm  was  measured  up  to  4  pm  from  the  crack  tip 
shown  in  Fig.  7.  This  offset  remained  even  after  unloading.  The  offset  corresponded  directly  to 
the  measured  COD,  hence  a  dislocation  free  zone  of  the  principal  dislocations  (the  dislocations 
responsible  for  the  COD)  must  be  assumed  at  the  surface.  For  the  example  given  approximately 
520  dislocations  were  emitted  before  a  pop  in  occurred. 


Hard  Orientation 


Fig.  8:  Slip  lines  at  a  crack  tip  (hard  orienta¬ 
tion) 


Fig.  9:  Slip  step  height  distribution  as  a  func¬ 
tion  of  the  distance  of  the  crack  tip. 


The  number  of  slip  bands  activated  increased  with  rising  load.  Again  a  zone  of  constant 
offset  was  observed  (Fig.  9).  However,  the  deformation  at  the  crack  tip  had  also  in  plane  compo¬ 
nents.  Therefore  the  number  and  type  of  dislocations  responsible  for  the  COD  could  not  be  esti¬ 
mated  from  the  deformation  field. 


For  the  hard  orientation  the  deformation  at  the  surface  is  much  more  complicated,  since 
several  slip  planes  were  activated  with  displacements  perpendicular  to  the  surface.  A  typical 
crack  tip  is  shown  in  Fig.  8.  However,  in  contrast  to  other  techniques  the  SFM  is  extremely  sen¬ 
sitive  to  deformations  in  the  z-direction  which  can  be  measured  easily. _ _ 


0  2  4  6  8  10  12 

distance  from  the  crack  tip  [pm] 


Soft  Orientation  (400  K1 

In  order  to  measure  the  effect  of  temperature  on  the  deformation  at  the  crack  tip,  the 
specimens  were  heated  inside  the  SFM  up  to  400  K  and  continuously  deformed.  Fig.  10  shows  a 
low  magnification  of  a  crack  tip  for  two  different  temperatures,  taken  at  approximately  the  same 
COD. 
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Fig.  10:  Crack  tip  for  two  different  temperatures  (soft  orientation,  low  magnification) 

Fig.  1 1  shows  the  corresponding  higher  magnification.  At  room  temperature  again  unstable 
crack  growth  was  observed,  at  400  K  however,  the  specimens  deformed  heavily  before  final 
fracture  was  observed. 


I  Fig.  1 1 :  Higher  magnification  of  Fig.  1 0 

The  slip  band  length  increased  from  20-40  |im  to  approximately  90  pm,  the  local  COD  in¬ 
creased  as  well  as  KIC.  For  the  small  specimens  used  in  the  SFM,  the  BDT  lay  200  K  below  the 
temperature  measured  with  large  specimens.  But  again  unstable  crack  growth  was  observed  after 
excessive  blunting.  However,  it  must  be  kept  in  mind  that  the  local  COD’s  are  in  the  range  of 
nanometers. 

DISCUSSION 

The  brittle  to  ductile  transition  of  metals  has  a  long  standing  discussion  in  the  literature. 
Theoretically,  it  was  assumed  that  a  material  can  be  either  ductile  or  brittle.  Emission  of  disloca¬ 
tions  before  fracture  was  the  critical  event.  But  the  ideas  of  Thomson  [10]  and  Weertman  [11], 
that  dislocations  can  shield  a  crack  from  the  applied  load  brought  further  progress.  Roberts  and 
Hirsch  [1]  following  ideas  of  St.  John  [12]  combined  the  picture  of  dislocation  emission  with 
dislocations  which  moved  in  the  field  of  the  crack.  From  their  model  evolved  a  model  which  for 


the  first  time  gave  a  physical  picture  of  the  BDT.  However,  the  model  is  based  on  many  sunplifi- 
cations  and  assumptions.  Particularly,  only  a  small  number  of  dislocations  is  needed  to  shield  the 
crack  resulting  in  much  smaller  plastic  zones  as  measured  experimentally. 

Therefore  we  used  the  SFM  to  compare  the  theoretical  predictions  with  experimental  re¬ 
sults.  The  model  used  is  two-dimensional.  A  direct  quantitative  prediction  cannot  be  expected. 
Therefore  the  effects  of  loading  rate,  loading  mode,  temperature,  orientation  and  interfaces  were 
examined  theoretically  and  compared  with  the  experimental  data.  Qualitative  agreement  between 
experiment  and  model  was  found  to  be  excellent.  The  BDT  of  NiAl  could  be  simulated  and  the 
influence  of  the  specimen  orientation  and  of  interfaces  [B]  on  the  BDT  were  predicted  correctly 
[13]. 

However,  the  model  predicts  slip  line  lengths  and  dislocation  distributions  which  result  in 
unstable  fracture  as  a  function  of  temperature.  These  predictions  can  be  proven  directly  with  the 
SFM,  at  least  at  the  surface  for  suitably  oriented  specimens  (plane  strain  deformation).  For  the 
measured  KiC-values,  the  slip  lines  were  a  factor  of  ten  longer  than  predicted  by  the  model.  On 
the  other  hand,  the  simulation  predicts  larger  Kjc-values  with  increasing  shear  stresses  and  slip 
band  length  when  fracture  criterion  I  is  used  (Fig.  2).  This  corresponds  directly  to  the  measure¬ 
ments.  Hence,  for  micro  cracks  and  cracks  in  single  crystals,  criterion  I  is  more  appropriate. 

In  the  simulation,  the  dislocation  free  zone  depends  on  the  emission  criterion  used,  but  it 
was  an  order  of  magnitude  smaller  than  the  experimental  values  given  in  Figures  7  and  9  for  all 
emission  criteria  tested.  The  pictures  taken  in  the  SFM  are  equilibrium  pictures  since  it  takes 
several  seconds  to  obtain  a  picture.  In  addition,  the  COD  did  not  change  when  the  crack  was  un¬ 
loaded.  In  the  simulation,  however,  it  is  difficult  to  reach  an  equilibrium  because  for  high  rates 
very  small  time  steps  are  needed  and  dislocations  move  backwards  when  the  crack  is  unloaded  in 
the  computer.  In  an  analytic  calculation,  the  dislocation  free  zone  and  the  dislocation  distribution 
cannot  be  obtained  independently  [14].  For  a  given  Kic  and  a  given  dislocation  free  zone  a  corre¬ 
sponding  dislocation  density  distribution  can  always  be  found.  Since  all  three  variables  can  be 
measured  with  the  SFM  it  can  be  used  to  test  appropriate  equilibrium  calculations.  Measure¬ 
ments  and  calculations  of  this  kind  are  under  way.  In  addition,  the  surface  preparation  must  be 
improved  to  obtain  a  better  resolution  and  more  data  at  different  stresses,  rates  and  temperatures 
are  needed  for  detailed  comparisons. 

SUMMARY  AND  CONCLUSIONS 

Dynamic  simulations  of  the  fracture  toughness  as  a  function  of  the  orientation  and  tem¬ 
perature  were  carried  out  and  compared  with  experimental  results  obtained  by  in-situ  loading 
pre-cracked  NiAl  single  crystals  inside  a  SFM. 

Since  in  general,  a  micro  crack  in  a  structure  is  loaded  by  biaxial  stresses  and  the  orienta¬ 
tion  of  a  grain  which  contains  a  micro  crack  varies  from  grain  to  grain,  the  problem  of  the  short 
crack  with  dislocations  was  solved  for  general  loading  and  arbitrary  slip  line  directions.  The 
stress  and  strain  field  obtained  could  be  directly  connected  to  FEM  calculations  which  allowed 
the  examination  of  the  stability  of  micro  cracks  at  notches.  The  effect  of  different  fracture  condi¬ 
tions  for  biaxial  loading  were  studied  in  detail. 

The  dynamic  simulation  yields  predictions  of  Kic,  slip  line  length  and  dislocation  distribu¬ 
tions  as  a  function  of  loading  rate,  temperature  and  orientation.  These  predictions  were  tested  by 
in-situ  loading  experiments  inside  a  SFM.  The  local  COD,  slip  line  length  and  apparent  disloca¬ 
tion  distribution  at  the  surface  were  measured  as  a  function  of  the  applied  load  and  the  tempera¬ 
ture.  The  experiments  clearly  demonstrate  that  dislocations  emit  from  the  crack  tip  before 
unstable  crack  jumps  occur.  The  local  COD  could  be  directly  related  to  the  number  of  disloca¬ 
tions  emitted  from  the  crack  tip.  With  increasing  temperature  the  number  of  dislocations  and  the 
local  COD  increased  before  unstable  crack  jumps  or  final  fracture  occurred. 
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These  findings  are  in  excellent  agreement  with  the  theoretical  predictions.  However,  even 
if  the  temperature  dependence  of  KIC  is  predicted  quite  well,  the  prediction  of  the  dislocation 
distribution  and  the  slip  line  length  is  much  worse.  This  is  not  surprising  since  the  model  is  two 
dimensional  and  neither  blunting  nor  the  exact  velocity  law  is  incorporated  in  the  model. 

ACKNOWLEDGEMENTS 

The  financial  support  by  the  DFG  and  by  the  VW  foundation  is  greatly  acknowledged. 
REFERENCES 

1.  P.B.  Hirsch,  S.G.  Roberts,  Phil.  Mag.  A,  64,  55,  (1991) 

2.  M.  GroBe  Gehling,  H.  Vehoff,  The  behavior  of  microcracks  in  NiAl  polycrystals,  to  be  pub¬ 
lished  in  Mat.  Sci.  &  Eng.,  A, 

3.  P.  Ochmann,  H.  Vehoff,  Mat .  Sci.  &  Eng. ,  A  192,  364  (1995) 

4. 1.H.  Lin,  R.  Thomson,  Acta  Metall.,  34,  No.  2, 187,  (1986) 

5.  M.  GroBe  Gehling,  Ph.D.  thesis,  Universitat  des  Saarlandes,  (1999) 

6.  N.I.  Muskhelishvili,  Some  basic  problems  in  the  mathematical  theory  of  elasticity,  Noordhoff, 
Groningen,  Holland 

7.  J.  Rice,  in  Fracture ,  II  3,  (ed.  by  H.  Liebowitz),  Academic  Press,  New  York,  191,  (1968) 

8.  H.  Vehoff,  P.  Ochmann,  M.  Goken,  M.  GroBe  Gehling,  Mat.  Sci.  &  Eng.,  A  239-249  378 

(1997)  ’  ’ 

9  G.  Bergmann,  H.  Vehoff,  Scr.  Metall.  Mater.  30,  969,  (1994) 

10  R.  Thomson,  in  Physical  Metallurgy  III  (eds.  R.W.  Cahn,  P.  Haasen),  North  Holland  1996 
2207 

11  J.  Weertmann,  Acta  Met.  26, 1731,  (1978) 

12  C.  St.  John,  Phil.  Mag.  A,  1193,  (1975) 

13  M.  Goken,  M.,  MaBmann,  F.  Thome,  and  H.  Vehoff,  H.,  Structural  Intermetallics  1997,  641- 

648,  Eds.  M.  V.  Nathal  et  al.,  The  Minerals,  Metals  &  Material  Society  (1997) 

14  S.-J.  Chang,  S.M.  Ohr,  J.  Appl.  Phys.,  52,  7174,  (1981) 


12 


THE  CHARGE  REDISTRIBUTON  ACCOMPANYING 
SLIP  AND  CLEAVAGE: 

ELECTRONIC  STRUCTURE  CALCULATIONS  IN  ALLOY  DESIGN 
M.E.  EBERHART*,  C.  WOODWARD**,  AND  A.F.  GIAMElt 

*Department  of  Chemistry  and  Geochemistry,  Colorado  School  of  Mines,  Golden,  Co 
80401,  Meberhar@mines.edu;  **Materials  Research  Division,  UES  Inc.,  Dayton,  OH  45432; 
tunited  Technologies  Research  Center,  East  Hartford,  CT  06108 

ABSTRACT 

Extracting  full  information  from  electronic  structure  calculations  requires  the  ability  to 
compare  differences  in  bonding  between  two  molecules  or  solids.  Often  these  comparisons 
use  qualitative  models  of  the  chemical  bond  in  an  unsuccessful  attempt  to  account  for 
subtle  variations  in  molecular  properties.  Correlating  electronic  structure  with  properties 
requires  an  unambiguous  and  quantifiable  description  of  the  chemical  bond.  Here,  we  show 
that  such  a  description  is  contained  within  the  geometric  properties  of  the  charge  density, 
which  can  be  obtained  from  quantum  mechanical  calculations.  This  description  is  used  to 
rationalize  the  previously  unexplained  variation  in  the  mechanical  properties  of  a  scries  of 
ordered  intermetallic  alloys.  The  ease  with  which  this  description  of  chemical  bonding  can 
be  applied  to  problems,  which  have  defied  simple  bonding  explanations,  suggests  that  it 
may  be  useful  in  accounting  for  the  properties  of  any  molecular  system  which  arise  from 
the  making,  breaking,  or  rearrangement  of  bonds. 

INTRODUCTION 

As  part  of  an  attempt  to  accelerate  the  pace  at  which  new  metallic  alloys  are  developed, 
increasing  attention  has  been  directed  toward  providing  a  more  fundamental  understanding 
of  the  mechanisms  responsible  for  brittle  versus  ductile  fracture1-9.  While  both  of  these 
processes  are  forms  of  materials  failure,  they  are  distinguished  by  the  scale  of  slip,  or 
plastic  deformation,  observed  before  fracture.  Fracture,  without  prior  deformation,  is 
termed  brittle,  while  fracture  following  deformation  is  termed  ductile.  The  consequences 
of  ductile  failure  are  often  less  catastrophic  than  those  of  brittle  failure,  accounting  for 
the  strong  preference  to  design  structural  components  with  ductile  materials.  Despite  this 
preference,  there  is  no  existing  framework  that  allows  the  alloy  designer  to  systematically 
alter,  through  alloy  chemistry,  the  failure  mechanism  of  a  brittle  material.  Because  the 
introduction  of  improved  alloys  is,  in  part,  dependent  on  such  a  framework,  many  aspects 
of  alloy  design  still  proceed  solely  through  empiricism,  slowing  the  development  of  new 
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technologies  dependent  on  metallic  materials.  Substituting  theory  for  empiricism  requires 
a  new,  more  versatile,  description  of  the  chemical  bond. 

A  case  in  point  is  provided  by  the  transition  metal  aluminides  with  the  B2  structure. 
Of  these,  NiAl  is  of  greatest  interest  as  a  potential  high  temperature  material.  However, 
because  it  is  characterized  by  brittle  failure  mechanisms,  this  alloy  has  yet  to  realize  this 
potential.  In  an  effort  to  understand  and  then  augment  the  failure  properties  of  NiAl, 
theorists  have  first  sought  an  explanation  for  the  variations  in  the  mechanical  properties 
of  neighboring  aluminides,  in  particular,  FeAl  and  CoAl.  These  alloys  have  different  me¬ 
chanical  behaviors:  FeAl  is  more  ductile  than  NiAl,  which  is  more  ductile  than  CoAl.  This 
variation  is  thought  to  be  controlled  by  the  potential  surface  at  the  tip  of  an  atomically 
sharp  crack.  For  a  few  points  on  this  surface,  quantum  mechanics  permits  one  to  calculate 
the  corresponding  potential.  Using  these  techniques  researchers  have  investigated  the  vari¬ 
ation  in  failure  modes  of  these  alloys.  For  the  most  part,  the  results  of  these  calculations 
are  rationalized  in  terms  of  features  of  the  bonding  of  the  bulk  crystal  as  inferred  from  the 
charge  density7-9.  While  a  great  deal  can  be  learned  through  the  study  of  alloy  charge  den¬ 
sity,  these  studies  remain  qualitative  and  subject  to  multiple  interpretations.  For  example, 
using  full-potential  lincar-APW  methods  Hong  and  Freeman7  suggested  that  directional 
bonding  is  responsible  for  the  brittle  fracture  of  NiAl.  While,  using  the  same  method, 
Fu8  concluded  that  the  brittle  behavior  of  NiAl  was  due  to  reduced  directional  bonding. 
Such  conflicting  results  motivated  the  systematic  theoretical  investigation  of  Schultz  and 
Davenport9,  where  the  bonding  of  FeAl,  CoAl,  and  NiAl  were  compared.  Schultz  et  al. 
used  a  full  potential  LASTO  approach  to  compare  charge  densities  through  this  series. 
It  was  reasoned  that  because  the  transition  between  ductile  and  brittle  behavior  occurs 
most  dramatically  between  FeAl  and  CoAl,  there  should  also  be  a  corresponding  change 
in  the  character  of  the  charge  density  between  these  two  alloys.  However,  Schultz  et  al. 
concluded  that  there  was  no  discernible  difference  in  the  bonding,  which  could  account  for 
the  trends  in  mechanical  properties.  The  bonding  of  CoAl  was  judged  to  be  intermediate 
to  that  of  FeAl  and  NiAl. 

In  much  of  the  current  theoretical  work,  the  character  of  the  bonding  is  gauged  in 
terms  of  qualitative  and  semi-quantitative  features  of  the  charge  density  of  the  bulk  crystal. 
However,  flow  and  fracture  arc  dynamic  properties,  reflecting  the  character  and  evolution 
of  crystal  bonding  as  a  function  of  strain.  Attempts  to  correlate  the  static,  crystalline 
bonding  with  deformation  and  fracture  properties  do  not  capture  the  relevant  details  of 
bond  evolution.  For  example,  thermodynamic  rationale  accounting  for  the  competition 
between  slip  and  fracture  are  based  on  energy  differences  of  atomic  configurations  along 
the  deformation  path  10.  Similarly,  to  describe  the  electronic  origins  of  fracture  and  slip 
a  dynamic  description  of  the  bonding  as  it  evolves  through  the  deformation  or  fracture  is 
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required. 

In  what  follows  we  briefly  review  a  quantifiable  description  of  the  bonding  based  on 
the  total  self-consistent  charge  density.  This  description  is  used  to  compare  the  evolution 
of  the  bonding  accompanying  slip  and  fracture  through  the  series  FeAl,  CoAl,  and  NiAl.  It 
will  be  shown  that  this  description  provides  for  a  consistent  explanation  for  the  observed 
variations  in  the  mechanical  behaviors  of  these  alloys. 

BONDS  AND  BOND  BREAKING 

Structure  in  the  Charge  Density 

Our  model  of  bonding  builds  on  that  of  Bader11-16,  which  in  turn,  draws  part  of  its 
validity  from  Morse  theory17,  allowing  for  the  assignment  of  a  topology  to  every  scalar  field. 
As  the  charge  density,  p{r),  is  a  scalar  field,  it  must  have  a  topology.  By  incorporating  the 
topology  of  the  initial  and  final  lattice  structures,  this  model  provides  rules  as  to  which 
pathways  are  available  for  plastic  deformation  and  the  flow  of  charge  expected  along  that 
path. 

The  topology  of  a  scalar  field  is  determined  by  the  position  and  type  of  its  critical 
points,  which  arc  the  zeroes  of  the  gradient  of  this  scalar  field.  Following  Bader,  there 
are  four  kinds  of  critical  points  in  a  three  dimensional  space:  a  local  minimum,  a  local 
maximum,  and  two  kinds  of  saddle  points.  These  critical  points  (cps)  are  denoted  by  an 
index  which  is  the  number  of  positive  curvatures  minus  the  number  of  negative  curvatures; 
for  example,  a  minimum  cp  has  positive  curvature  in  the  three  orthogonal  directions, 
therefore  it  is  called  a  (3,  3)  cp,  where  the  first  number  is  simply  the  number  of  dimensions 
of  the  space,  and  the  second  number  is  the  net  number  of  positive  curvatures.  A  maximum 
would  be  denoted  by  (3,  -3),  since  all  three  curvatures  are  negative.  A  saddle  point  with 
two  of  the  three  curvatures  negative  is  denoted  (3,  -1),  while  the  other  saddle  point  is  a 
(3,  1)  cp. 

For  every  scalar  field,  one  can  construct  a  system  of  space  filling  polyhedra  such  that 
there  is  a  homeomorphism  between  the  critical  points  of  this  field  and  the  corners,  edges, 
and  faces  of  the  packed  polyhedra.  Under  this  homeomorphism  (3,  -3)  cps  are  mapped  one- 
to-one  onto  polyhedral  corners,  the  path  connecting  two  (3,  -3)  cps  which  is  a  maximum 
with  respect  to  every  neighboring  path  must  pass  through  a  (3,  -1)  cp  and  maps  one-to- 
one  onto  polyhedral  edges,  the  smallest  ring  of  such  paths  originating  and  returning  to 
the  same  (3,  -3)  cp  must  necessarily  define  a  surface  which  contains  a  (3,  1)  cp.  These 
critical  points  map  one-to-one  onto  polyhedral  faces.  Finally,  the  smallest  volumes  which 
can  be  constructed  from  the  union  of  the  (3,  1)  defined  surfaces  must  contain  a  (3,  3)  cp. 
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These  can  be  placed  in  one-to-one  correspondence  with  the  polyhedra  filling  space.  The 
scalar  field  and  the  system  of  packed  polyhedra  are  topologically  equivalent  under  this 
homeomorphism. 

Bader  proposed  that  the  topology  of  p(r ),  describes  much  of  what  is  considered  chem¬ 
ical  structure  and  bonding.  The  corners  of  the  packed  polyhedra  are  the  locations  of 
atoms.  The  bonds  between  these  atoms  correspond  to  the  edges  of  the  polyhedra.  The 
“bond  path”  then  becomes  the  ridge  of  maximum  charge  density  connecting  two  nuclei 
and  passing  through  a  (3,  -1)  cp.  Because  a  (3,  -1)  cp  is  both  a  necessary  and  sufficient 
condition  for  the  existence  of  a  bond  path,  this  critical  point  is  sometimes  referred  to  as 
a  bond  critical  point.  Other  types  of  critical  points  must  correlate  with  other  features  of 
molecular  structure.  A  (3,  1)  cp  is  required  at  the  center  of  ring  structures  like  benzene. 
Accordingly,  this  critical  point  has  been  designated  as  a  ring  critical  point.  Cage  structures 
are  always  characterized  by  a  single  (3,  3)  cp  somewhere  within  the  cage  and  again  have 
been  given  the  descriptive  name  of  cage  critical  points.  Finally,  maxima  in  the  charge 
density,  (3,-3)  cps,  are  known  as  atom  or  pseudo-atom  critical  points 

Both  fracture  and  deformation  are  processes  that  involve  the  breaking  of  bonds,  and 
hence,  changes  in  topology;  as  such,  the  model  of  Bader  is  ideally  suited  to  describe  the 
changes  accompanying  these  processes.  For  example,  fracture  must  be  accompanied  by  a 
topological  change  including  the  disappearance  of  polyhedral  edges  and  the  appearance  of 
ring  cps.  We  recognize  this  process  as  bond  breaking  and  surface  formation.  In  terms  of 
the  charge  density,  it  must  be  associated  with  the  disappearance  of  (3,  -1)  cps.  However, 
topology  only  constrains  the  type  of  transformation  allowed,  it  says  nothing  about  how 
susceptible  a  particular  bond  is  to  breaking,  i.c.  how  near  a  (3,  -1)  cp  is  to  instability.  This 
can  only  be  ascertained  by  providing  a  metric  which  measures  the  “distance”  between  two 
charge  densities. 

Quantifying  the  Charge  Redistribution 

We  have  constructed  such  a  metric  which  is  discussed  in  detail  elsewhere18-20.  Briefly, 
the  magnitude  of  the  charge  density  at  a  cage  critical  point  must  be  less  than  that  at  a 
ring  cp  of  this  cage.  In  turn,  the  charge  density  at  this  ring  cp  must  be  less  than  that  at 
a  bond  cp  of  this  ring,  which  must  be  less  than  that  at  an  atom  or  pseudo  atom  cp  at  the 
ends  of  the  bond  path.  Hence,  a  topological  transformation,  which  must  involve  changes 
in  the  character  of  critical  points,  will  be  accompanied  by  a  predictable  redistribution  of 
charge,  with  some  critical  points  gaining  charge  density  and  some  losing  density.  The 
charge  density  metric  allows  one  to  estimate  the  distance  between  two  charge  densities  by 
providing  information  regarding  the  amount  of  charge  that  must  be  lost  or  gained  in  order 
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to  change  the  character  of  a  critical  point.  This  distance  then  is  related  to  the  magnitude 
of  the  perturbation  necessary  to  produce  the  specified  change  in  the  charge  density. 

The  distance  between  two  charge  densities  is  given  in  terms  of  the  quantities  that 
determine  the  geometric  properties  of  the  charge  density  in  the  neighborhood  of  a  critical 
point.  Note  that  the  character  of  a  critical  point  is  determined  only  by  the  real  space 
curvatures  of  the  charge  density  at  the  critical  point.  This  is  written  as  the  Hessian  of  the 
charge  density,  Hijp{r)  =  This  tensor  has  the  same  transformation  properties  as 

the  coefficients  of  a  quadratic  polynomial,  often  referred  to  as  the  representation  quadric. 
When  expressed  in  a  diagonal  basis,  the  representation  quadrics  can  be  described  by  the 
equation 

PU^i  +  P22x2  +  P33*l  =  1  W 

where  x\,  and  $3  arc  the  eigenvectors  and  pn,  P22>  and  P33  arc  the  curvatures  of  the 
charge  density  in  these  directions;  these  are  the  eigenvalues  or  principal  curvatures  of  the 
charge  density. 

The  type  of  critical  point  described  by  equation  (1)  is  determined  only  by  the  signs 
of  the  principal  curvatures.  At  a  cage  critical  point,  for  example,  all  of  the  eigenvalues  of 
7iijp(f)  are  positive.  Therefore,  its  quadric  corresponds  to  an  ellipsoid.  The  quadric  of 
a  ring  critical  point  (two  positive  and  one  negative  eigenvalue)  is  an  hyperboloid  of  one 
sheet  with  the  axis  of  the  hyperboloid  normal  to  the  ring.  The  quadric  of  a  bond  critical 
point  corresponds  to  an  hyperboloid  of  two  sheets.  Here  the  axis  of  the  quadric  is  parallel 
to  the  bond  path.  Finally  the  representation  quadric  for  a  maximum,  a  (3,  3)  cp  (an 
atom  or  pseudo- atom),  corresponds  to  a  negative  ellipsoid,  which  has  the  same  geometric 
properties  as  an  ellipsoid. 

The  shape  of  the  quadric  can  be  specified  to  within  a  scale  factor  by  the  ratios  of  the 
principal  curvatures.  Therefore,  a  function  of  these  ratios  can  serve  as  a  charge  density 
metric.  We  have  found  that  the  charge  density  at  a  critical  point  times  the  square  root 
of  the  ratio  of  the  appropriate  principal  curvatures  correlates  well  with  the  amount  of 
charge  redistribution  required  to  produce  a  specified  change  in  the  character  of  a  critical 
point.18  An  intuitive  understanding  as  to  why  this  particular  function  should  correlate 
with  charge  redistribution  is  seen  in  its  geometrical  significance.  At  a  bond  critical  point, 
the  square  root  of  the  ratio  of  one  of  the  eigenvalues  perpendicular  to  the  bond  path,  to  the 
eigenvalue  parallel  to  the  bond  path,  is  the  tangent  of  the  angle  between  the  perpendicular 
eigenvector  and  the  asymptotic  surface  (an  elliptic  cone)  which  bounds  the  representation 
quadric  (Figure  1).  The  directions  of  zero  curvature  through  the  critical  point  lie  in  this 
cone.  As  charge  is  removed  from  this  critical  point,  the  cone  becomes  more  obtuse,  finally 
becoming  a  disk  when  the  perpendicular  eigenvalues  vanish.  The  perpendicular  eigenvector 
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is  then  contained  in  the  cone  of  zero  curvature.  Thus,  the  inherent  stability  of  a  bond  can 
be  visualized  in  terms  of  the  angles  between  the  directions  of  principal  curvature  and 
asymptotic  elliptic  cone  defining  the  directions  of  zero  curvature.  Likewise,  the  stability 
of  other  critical  points  is  related  to  the  angles  which  define  the  shape  of  the  corresponding 
representation  quadric20. 

Slip  Versus  Fracture  in  the  B2  Aluminides 

With  a  knowledge  of  the  crystalline  charge  density  and  a  way  to  access  the  distance 
between  two  densities,  it  becomes  possible  to  compare  the  amount  of  charge  redistribution 
associated  with  deformation  or  fracture  for  different  alloys  with  the  same  topology.  Us¬ 
ing  a  full  potential  Linear  Augmented  Slater-type  Orbital  (LASTO)  electronic  structure 
code,21’22  the  charge  density  of  B2  FcAl,  CoAl,  and  NiAl  have  been  determined.  The 
B2  structure  is  a  simple  cubic  structure  with  basis  atoms  at  the  origin  and  at  the  body 
center.  In  this  paper,  we  will  consider  the  transition  metal  as  being  located  at  the  origin 
(cube  corners)  and  the  aluminum  atom  as  being  located  at  the  body  center.  All  of  these 
aluminides  share  the  same  topology,  with  bond  critical  points  located  between  each  pair 
of  first  neighbor  aluminum-transition  metal  atoms,  not  surprisingly  indicating  that  these 
atoms  are  bound.  However,  there  are  also  bond  critical  points  centered  on  the  cube  edges, 
indicative  of  second  neighbor  transition  metal- transition  metal  bonds.  In  the  center  of 
each  cube  face,  the  charge  density  achieves  a  minimum,  giving  rise  to  cage  critical  points 
at  these  locations.  The  cage  critical  points  characterize  the  polyhedra  whose  corners  are 
represented  by  four  transition  metal  atoms  and  two  aluminum  atoms.  There  are  of  course 
ring  critical  points  in  each  of  the  eight  faces  of  these  polyhedra. 

Figure  1  shows  the  bonding  polyhedra,  which  characterize  all  of  the  aluminides  dis¬ 
cussed  in  this  paper.  Additionally,  the  representation  quadrics  of  the  aluminum- transition 
metal  bond,  and  the  cage  critical  point  are  shown  with  the  angles  needed  to  compare  the 
charge  redistribution  of  the  three  aluminides  designated.  We  will  consider  the  evolution  of 
the  charge  density  accompanying  (111)  slip  in  an  attempt  to  account  for:  i)  the  extreme 
brittle  behavior  of  CoAl,  ii)  the  existence  of  (111)  slip  in  FeAl  and  its  absence  in  CoAl  and 
NiAl,  and  iii)  the  (110)  cleavage  plane  of  CoAl. 

It  has  been  argued10  that  slip,  to  good  approximation,  can  be  modeled  by  the  rigid 
displacement  of  one  semi-infinite  crystal  relative  to  another.  This  process  is  shown  schemat¬ 
ically  in  Figure  2.  During  (111)  slip  the  (110)  slab  containing  the  atoms  designated  3,  4, 
and  a  will  shift  along  (111)  directions  relative  to  the  plane  containing  atoms  1,  2,  and  /?, 
so  in  Figure  2,  the  upper  slab  moves  rigidly  with  respect  to  the  lower  slab  such  that  atom 
a  moves  to  the  position  of  atom  4  creating  an  antiphase  boundary  (APB).  During  (111) 
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Figure  1.  The  bonding  polyhedral  for  the  B2  aluminides  with  aluminum  atoms  at  the  apex  of  the 
polyhedron  and  the  transition  metal  atoms  sitting  in  the  equitorial  plane.  Also  shown  are  the 
representation  quadrics  of  the  cage  critical  point  as  well  as  the  bond  critical  points  between 
aluminum  and  transition  metal  atoms.  The  disappearance  of  the  angles  marked  will  result  in 
various  kinds  of  topological  instabilities  discussed  in  the  text. 
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Figure  2.  The  designations  given  to  the  atoms,  helping  to  explain  the  bond  breaking  and 
formation  which  will  occur  during  <1 1 1>  slip.  Only  first  neighbor  bonds  across  the  slip  plane 
for  one  bonding  polyhedra  are  shown.  A)  The  bonding  of  the  perfect  crystal.  B)  The  bonding  as 
the  slip  proceeds  with  the  aluminum -to-transition-metal  bonds  shown  as  breaking  as  the 
aluminunvto  aluminum  bond  forms.  C)  The  bonding  across  the  slip  plane  for  the  APB.  The 
formation  of  the  bond  between  the  aluminum  atoms  will  act  to  lower  the  Peierls  energy. 


slip  to  form  an  APB,  per  bonding  polyhedron,  at  most  four  aluminum- transition  metal 
bonds  will  break.  In  the  Figure,  these  arc  shown  as  the  1-to-a  and  2-to-o,  3-to-/?,  and 
4-to-/?  bonds,  also  a  new  bond  may  form  in  the  process,  this  is  the  c*-to-/?,  bond. 

There  are  two  outcomes  to  the  slip  process.  If  bond  breaking  occurs  earlier  in  the  slip 
than  bond  formation,  the  result  will  be  cleavage  along  (110)  planes.  On  the  other  hand, 
if  bond  formation  occurs  earlier,  or  at  a  comparable  rate  to  bond  breaking,  slip,  with 
the  formation  of  an  APB,  may  occur.  The  competition  between  bond  breaking  and  bond 
formation  controls  the  point  along  the  slip  of  the  Peierls  barrier  (the  activation  energy  for 
slip).  In  turn,  the  greater  the  atomic  displacements  at  the  barrier,  the  larger  the  Peierls 
energy.  We  assume  here  that  it  is  the  making  and  breaking  of  first  neighbor  bonds  which 
will  dominate  the  position,  and  hence  height,  of  the  Peierls  barrier.  Of  these  first  neighbor 
bonds,  those  in  which  the  intcrnuclcar  distance  is  increasing  more  rapidly,  will  be  the  first 
to  break,  while  those  which  are  closest  throughout  the  slip,  will  be  the  first  to  form.  In 
the  Figure,  the  first  bonds  to  break  will  be  2- to- a  and  3- to-/?  bonds.  The  first  to  form  will 
be  the  a- to -/?  bond. 

The  breaking  of  bonds  can  not  proceed  independently  from  the  formation  of  bonds. 
The  bond  breaking  must  be  accompanied  by  a  loss  of  charge  density  from  the  bond  cp, 
while  bond  formation  is  the  result  of  charge  accumulation  at  the  forming  bond  cp.  It  is 
the  redistribution  of  charge  from  breaking  to  forming  bonds  which  drives  the  process.  The 
qualitative  differences  in  deformation  properties  of  the  three  aluminides  being  studied  can 
be  explained  in  terms  of  this  charge  redistribution. 

Consider  first  the  bond  breaking  process.  The  tangent  of  the  angle  designated  6  in 
Figure  1  is  a  measure  of  the  amount  of  charge  which  must  be  transferred  from  the  first 
neighbor  bond  critical  point  to  cause  bond  breaking.  As  0  approaches  zero  there  will  be 
a  flow  of  charge  density  from  the  critical  point,  causing  the  direction  of  zero  curvature  to 
coincide  with  the  perpendicular  curvatures  of  the  Hessian  of  the  charge  density.  At  this 
point,  by  definition,  the  bond  is  broken.  Our  calculations  reveal  that  the  value  of  tan(0) 
for  FcAl,  CoAl,  and  NiAl  arc  respectively  1.63,  1.37,  and  1.43.  Thus,  the  first  neighbor 
bonds  in  both  CoAl  and  NiAl  require  smaller  transfers  of  charge  density  from  the  bond 
critical  point  to  induce  the  transition,  with  CoAl  requiring  the  least. 

The  charge  density  lost  from  the  breaking  bonds  will  be  accumulated  in  the  critical 
points  between  the  bonds  being  formed;  in  the  example  there  will  be  a  flow  of  electron 
density  to  the  cage  critical  point  between  atoms  a  and  /?.  The  flow  of  density  to  the  cage 
critical  point  can  be  a  component  of  a  number  of  transformations.  If  a  bond  is  to  form 
between  a  and  /?,  the  curvature  of  the  charge  density  perpendicular  to  the  a-fi  axis  must 
go  from  positive  to  negative  and  the  angle  designated  as  (p  in  Figure  1  must  vanish  at  the 
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transition  point.  On  the  other  hand,  a  topological  transition  will  result  if  the  curvature 
along  the  a-fi  axis,  vanishes  resulting  in  a  ring  cp.  In  this  case,  the  angle  designated 
in  Figure  1  will  vanish.  The  loss  of  a  cage  critical  point  without  the  formation  of  a  bond 
is  topological  allowed  through  the  formation  of  a  free  surface,  i.e.  fracture.  The  values  of 
tan(<^>)  for  FeAl,  CoAl,  and  NiAl  are  respectively  0.50,  0.68,  and  0.51.  While  the  values  of 
tan(-0)  for  FeAl,  CoAl,  and  NiAl  are  respectively  1.97,  1.47  and  1.96. 

It  can  be  seen  that  FeAl  and  CoAl  arc  extremes  in  terms  of  the  charge  redistribution 
necessary  to  induce  topological  transformations.  FeAl  requires  the  greatest  charge  redis¬ 
tribution  to  break  the  Fc-Al  bond  while  requiring  the  least  to  form  an  Al-Al  bond.  FeAl 
also  requires  the  greatest  charge  redistribution  to  form  a  free  surface.  One  can  conclude 
that  during  (111)  slip,  bonds  will  be  formed  early,  resulting  in  an  early  Peierls  barrier  with 
a  concomitant  low  energy.  The  competing  process  of  free  surface  formation  can  not  be 
realized,  as  the  charge  redistribution  necessary  for  this  process  is  accommodated  in  the 
forming  bonds.  CoAl,  on  the  other  hand,  requires  the  least  charge  redistribution  to  break 
the  Co-Al  bond,  the  greatest  to  form  Al-Al  bonds,  and  the  least  to  form  a  free  surface. 
During  (111)  slip  bond  formation  would  happen  very  late  in  the  slip,  leading  to  a  large 
Peierls  energy.  However,  before  bond  formation  occurs,  the  charge  lost  from  the  bond  crit¬ 
ical  points  across  the  (110)  planes  is  accumulated  in  the  cage  critical  point  transforming  it 
to  a  ring  critical  point,  inducing  a  topological  transformation  resulting  in  free  surface.  In 
short,  the  amount  of  charge,  which  must  be  redistributed  in  CoAl  to  produce  free  surface, 
is  less  than  required  to  produce  an  APB.  In  FeAl,  the  opposite  is  the  case.  Consistent  with 
all  observations,  NiAl  has  charge  redistribution  properties  intermediate  to  FeAl  and  CoAl. 

SUMMARY 

The  competition  between  fracture  and  slip  are  controlled  by  the  relative  redistribution 
of  charge  density  accompanying  these  processes.  In  general,  the  process  requiring  the  lessor 
charge  redistribution  will  dominate.  The  theory  of  Bader  can  be  extended,  allowing  one 
to  compare  the  charge  flow  accompanying  any  allowed  topological  transformation,  thus 
permitting  accurate  predictions  as  to  whether  fracture  or  flow  are  more  likely  to  occur. 
Altering  properties  now  becomes  a  mater  of  choosing  alloying  elements  that  will  direct 
charge  density  to  desired  locations  within  the  crystal  lattice. 
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Abstract 

The  models  that  have  been  successfully  used  to  control  the  ductile-brittle  transition  in  high 
strength  structural  steels  are  qualitative  in  nature,  and  address  the  microstructural  control  of  the 
mechanisms  of  brittle  fracture.  The  basic  idea  is  incorporated  in  the  "  Yoffee  diagram  ,  which  dates 
from  the  1920's  and  attributes  the  ductile-brittle  transition  to  the  competition  between  deformation 
and  fracture;  the  more  difficult  brittle  fracture  becomes,  the  lower  the  temperature  at  which  ductile 
processes  dominate.  There  are  two  important  brittle  fracture  modes:  intergranular  separation  and 
transgranular  cleavage.  The  intergranular  mode  is  usually  due  to  chemical  contamination,  and  is 
addressed  by  eliminating  or  gettering  the  contaminating  species.  There  are  also  examples  of  brittle 
fracture  that  is  due  to  inherent  grain  boundary  weakness.  In  this  case  the  failure  mode  is  overcome 
by  adding  beneficial  species  (glue)  to  the  grain  boundary.  Transgranular  cleavage  is  made  more 
difficult  by  refining  the  effective  grain  size.  In  high  strength  steel  this  is  done  by  refining  the  prior 
austenite  grain  size,  by  interspersing  islands  of  metastable  austenite  that  transform  martensitically 
under  plastic  strain,  or  by  disrupting  the  crystallographic  alignment  of  ferrite  grains  or  martensite 
laths.  The  latter  mechanism  offers  intriguing  possibilities  for  future  steels  with  exceptional  tough¬ 
ness. 

Introduction 

The  main  technological  motivation  for  interest  in  the  ductile-brittle  transition  of  structural 
steels  has  shifted  considerably  over  the  thirty  (or  so)  years  that  the  present  author  has  been  in¬ 
volved  with  the  problem.  In  the  late  60’s  and  early  70’s  most  of  the  relevant  research  was 
motivated  by  the  need  for  low  alloy  steels  for  arctic  service,  and  for  cryogenic  steels  that  might  be 
used  for  the  handling  and  storage  of  liquefied  natural  gas.  In  the  80’s  the  research  interest  shifted 
to  steels  that  remained  tough  at  1-4K  for  the  severely  loaded  structures  of  high-field  supercon¬ 
ducting  magnets.  More  recently  the  emphasis  has  returned  to  applications  near  ambient 
temperature,  including  high-strength,  low-alloy  steels  and  weldments  for  use  in  general  structural 
applications,  and  ultrahigh  strength  steels  for  use  in  specialty  applications  such  as  high  strength 
bolts,  cables  and  aircraft  landing  gear.  To  further  these  objectives,  both  Japan  and  Korea  have  es¬ 
tablished  national  "supersteel"  research  programs  (Japan,  in  fact,  has  two). 

At  least  since  the  mid-1 970’s,  the  bulk  of  this  research  has  been  based  on  a  rough  consen¬ 
sus  regarding  the  basic  approach  needed  to  control  the  ductile-brittle  transition:  the  grain 
boundaries  are  cleaned  or  modified  to  eliminate  intergranular  fracture,  and  the  effective  grain  size  is 
refined  to  control  transgranular  fracture.  The  precise  manner  in  which  this  is  done 'differs,  de¬ 
pending  on  the  alloy,  the  geometry  of  the  product,  and  the  processing  that  can  be  tolerated. 

Metallurgical  Objectives 

The  notion  that  the  ductile-brittle  transition  is  associated  with  the  competition  between  plas¬ 
tic  deformation  and  brittle  fracture  goes  back  at  least  to  the  1920’s  and  the  "Yoffee  diagram", 
which  is  illustrated  in  Fig.  1.  Yoffee  noted  the  characteristic  temperature  dependence  of  the  yield 
stress  and  reasoned  that  brittle  fracture  would  intrude  when  decreasing  temperature  caused  the  yield 
stress  to  rise  above  the  stress  required  for  brittle  fracture.  While  modem  theories  have  refined  the 
meaning  of  "yield  stress"  in  this  context,  the  basic  idea  holds.  The  Yoffee  diagram  sets  the  frame¬ 
work  for  the  metallurgical  control  of  the  ductile-brittle  transition.  Since  one  would  like  the  strength 
to  be  as  high  as  possible,  the  principle  focus  of  the  relevant  metallurgical  research  is  to  increase  the 
brittle  fracture  stress. 


23 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  539  ®  1999  Materials  Research  Society 


The  first-order  determinant  of  the  fracture  stress  is  the  fracture  mode.  There  are  two  basic 
brittle  fracture  modes:  intergranular  separation  and  transgranular  cleavage.  The  ductile-brittle  tran¬ 
sition  is  governed  by  the  easier  of  the  two.  This  is  the  dominant  brittle  mode,  and  can  be  identified 
from  fractographic  observations  on  samples  fractured  below  Tg-  The  transition  temperature  (TB) 
decreases  as  the  critical  stress  for  the  dominant  brittle  mode  is  raised. 


Temperature  _ 

Tb  Tb  T 

Fig.  1.  Illustration  of  the  change  in  fracture  mode  at  the  ductile-brittle  transition, 
and  its  qualitative  representation  by  the  Yoffee  diagram. 

Of  the  two  possible  modes,  intergranular  fracture  is  "extrinsic"  in  that  it  is  strongly  affected 
by  chemical  adsorption  on  the  grain  boundaries.  The  causes  and  cures  for  intergranular  fracture 
are  now  sufficiently  well  known  that  it  is  rarely  a  problem  in  well-controlled  alloys.  Intergranular 
fracture  of  high  strength  steels  is  ordinarily  caused  by  metalloid  impurities,  such  as  sulfur  and 
phosphorous,  that  adsorb  on  grain  boundaries  and  induce  embrittlement.  When  this  is  the  prob¬ 
lem,  there  are  several  possible  solutions:  alloy  purification  to  minimize  harmful  impurities, 
"gettering"  by  species  that  react  with  harmful  impurities  to  form  relatively  innocuous  precipitates’ 
and  thermal  treatments  that  avoid  the  intermediate  temperatures  at  which  impurity  segregation  is 
most  pronounced.  On  the  other  hand,  there  are  alloys,  such  as  high-Mn  steels,  that  fracture  in 
what  appears  to  be  an  inherent  intergranular  mode.  Their  weakness  can  be  addressed  by  adding 
chemical  species  that  segregate  to  grain  boundaries  and  strengthen  them.  Boron  is  spectacularly 
successful  in  this  regard,  decreasing  the  TB  of  12Mn  steel  by  more  than  200  °C  [1].  Small  con¬ 
centrations  of  C  and  Si  are  also  useful. 

When  intergranular  fracture  is  not  dominant,  the  brittle  mode  is  transgranular  cleavage;  this 
is  the  problem  that  must  be  overcome  in  modem  high-strength  steels.  As  was  made  clear  by  the 
successful  development  of  relatively  low-alloy,  high-toughness  steels  in  the  1970's,  the  effective 
transgranular  cleavage  stress  in  a  high  strength  steel  depends  much  more  strongly  on  its  micro¬ 
structure  than  on  its  composition  (though  composition  can  have  an  important  influence  on 
microstructure,  as  nickel  promotes  the  formation  of  dislocated  martensites  with  favorable  fracture 
properties).  The  pertinent  characteristic  of  the  microstructure  is  the  effective  grain  size,  which  de¬ 
termines  the  mean  free  path  of  a  cleavage  crack  [2,3].  While  there  is  still  no  quantitative  theoretical 
treatment  known  to  this  author,  the  experimental  data  is  clear:  grain  refinement  raises  the  cleavage 
fracture  stress  and  lowers  Tg.  Consequently,  the  achievement  of  an  ultrafine  grain  size  is  the  ob¬ 
jective  of  virtually  all  metallurgical  research  toward  ductile  high-strength  steels. 

High-strength,  low-aduoy  steels 

The  nature  of  the  "effective  grain  size"  and  the  methods  that  are  successful  in  refining  the 
grain  size  change  with  the  composition  of  the  steel  and  the  geometry  in  which  it  is  produced.  The 
simplest  case  to  describe  is  that  of  high-strength,  low-alloy  (HSLA)  steels  with  basically  ferritic 
microstructures.  In  the  reference  case  the  microstructure  consists  of  individual  grains  of  BCC  iron 
separated  by  high-angle  grain  boundaries.  The  grain  size  controls  the  strength,  via  the  Hall-Petch 
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effect,  as  well  as  the  ductile-brittle  transition  temperature.  In  most  cases  grain  refinement  lowers 
Tb  despite  the  fact  that  it  raises  the  yield  strength  (in  the  qualitative  language  of  the  Yoffee  diagram, 
the  critical  stress  for  cleavage  fracture  increases  more  rapidly  than  the  effective  yield  strength  as  the 
grain  size  is  refined).  In  these  steels  the  grain  size  is  ordinarily  controlled  by  thermomechanical 
processing  [4]  The  high-temperature  austenite  (y  phase)  is  severely  deformed  and  recrystallized 
into  a  fine-grained  structure  prior  to  cooling  to  form  ferrite  (a).  Sometimes  deformation  is  contin¬ 
ued  after  the  steel  has  transformed  into  a  two-phase,  partially  ferritic  structure  ("mtercntical 
deformation").  The  final  grain  size  decreases  with  greater  mechanical  work,  lower  working  tem¬ 
perature,  and  more  rapid  subsequent  cooling  to  room  temperature.  Recent  research  in  Japan  [5] 
and  Korea  [6]  has  demonstrated  grain  sizes  near  1  pm  in  HSLA  steels  after  controlled,  severe  hot 
deformation  at  very  high  strain  rates.  .  .  .  . 

For  many  applications  these  high  strength  steels  must  be  welded,  and  special  techniques  are 
required  to  preserve  fine  grain  size  in  the  weld  metal  and  heat-affected  zone.  One  method  that  is 
being  actively  pursued  is  to  "seed"  the  ferritic  steel  with  a  high  density  of  fine,  stable  oxide  inclu¬ 
sions.  When  the  steel  retransforms  to  ferrite  after  exposure  to  high  temperature,  the  fine  particles 
act  as  preferential  nucleation  sites  to  achieve  fine  grain  size.  This  method  achieves  a  low  Tb,  but  at 
some  cost;  the  oxide  "seeds"  also  act  as  void  nucleation  sites  during  ductile  fracture,  lowering  the 
toughness. 

High-strength  martensitic  steels 

The  steels  that  provide  the  best  combination  of  strength  and  toughness  are  martensitic  steels 
with  "dislocated  lath"  microstructures.  These  include  the  workhorse  cryogenic  steels,  such  as 
"9Ni"  steel,  and  the  advanced  high-strength  maraging  and  secondary  hardening  steels  for  service  at 
ambient  temperature.  These  alloys  are  often  made  in  plate  form,  and  rely  primarily  on  thermal 
processing  to  achieve  fine  grain  size. 

The  effective  grain  size  of  a  lath  martensitic  steel  is  not  obvious,  and  can  be  very  difficult  to 
identify.  While  dislocated  lath  martensites  appear  fine-grained  in  optical  or  bright-field  transmis¬ 
sion  electron  micrographs,  they  usually  are  not.  The  martensite  laths  are  organized  into  blocks 
or  "packets"  [7]  whose  laths  have  very  similar  crystallographic  orientations.  In  particular,  they 
share  {100}  cleavage  planes  [3].  Hence,  as  illustrated  in  Fig.  2  for  a  9Ni  steel,  the  effective  grain 
size  is  the  size  of  the  oriented  packet,  which  may  be  many  times  the  lath  size.  In  these  steels, 
"grain  refinement"  means  decreasing  the  mean  free  path  of  {100}  cleavage  cracks  through  aligned 
martensite  packets. 


Fig.  2.  Scanning  electron  micrograph  of  etched  cross-section  of  9Ni  steel  broken  below  TB. 

The  cleavage  cracks  follow  common  { 100}  planes  across  parallel  laths  in  a  packet. 

At  least  three  alternative  thermal  treatments  are  available  to  accomplish  this  [8].  The  first 
uses  thermal  cycling  treatments  to  refine  the  martensite  packet  size.  The  basic  step  is  a  reversion 
treatment  in  which  the  steel  is  heated  to  reverse  the  martensitic  phase  transformation.  The  reverted 
austenite  is  then  recrystallized  into  fine  grains  that  are  quenched  into  martensite.  If  multiple  cycles 
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are  used  in  a  systematic  way,  it  is  possible  to  achieve  very  fine  grain  sizes,  and  ductile-brittle  tran¬ 
sition  temperatures  below  4K  [9]. 


ft) 


Fig.  3.  (a)  B  right-field  transmission  electron  micrograph  of  lath  martensitic  steel  after 
intercritical  tempering,  (b)  Companion  dark-field  image;  precipitated  austenite  appears  bright. 

,  The  second  method  uses  an  "intercritical  temper"  to  create  a  dense  distribution  of  stable 
retained  austenite  phase  along  the  lath  boundaries,  effectively  breaking  up  the  alignment  of  laths 
within  a  packet  (Fig.  3).  To  use  this  mechanism,  it  is  critically  important  that  the  retained  austenite 
be  stable  with  respect  to  thermal  transformations  on  cooling  to  test  temperature  and  to  small  me¬ 
chanical  loads  during  the  test  [10].  If  the  austenite  retransforms  on  cooling  or  under  small  loads  it 
transforms  into  the  dominant  crystallographic  variant  of  the  packet  and  does  not  refine  the  grain 
size.  In  9Ni  steel  the  alloy  content  is  sufficiently  rich  that  a  dense  distribution  of  stable  austenite  is 
created  by  a  smgle  tempering  treatment  in  the  low-temperature  part  of  the  two-phase  (a+v)  region 
ot  the  Fe-Ni  phase  diagram.  It  is  possible  to  form  a  similarly  beneficial  distribution  of  stable 
austenite  m  steels  of  much  lower  Ni  content,  or  with  Mn  in  place  of  Ni,  but  more  complicated 
thermal  treatments  are  needed  to  achieve  the  dual  requirements  that  the  austenite  distribution  be 
dense  and  stable. 


Fig.  4.  Transmission  electron  micrograph  of  the  interior  of  a  packet  in  AerMet  100 
showing  crystallographic  misalignment  between  adjacent  laths. 

The  third  method  uses  a  rapid  cyclic  reversion  to  the  high-temperature  v-phase  to  disrupt 
the  crystallographic  alignment  of  laths  within  a  packet  ("packet  refinement").  When  this  method  is 
successful  it  leads  to  an  exceptionally  fine  grain  size.  Interestingly,  this  approach  was  first  applied 
to  weldments.  It  is  possible  use  ferritic  weld  metal  to  weld  9Ni  steel  for  cryogenic  service  if  one 
uses  a  multipass  TIG  process  in  which  each  pass  imposes  a  rapid  thermal  cycle  on  the  heat-affected 
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material  beneath  it  [11,12].  The  resulting  weldment  has  a  refined  microstructrue  and  a  very  low 
Tp>-  we  once  made  up  a  plate  entirely  of  weld  metal  with  Tb  <  4K.  Recent  research  in  Japan  sug¬ 
gests  that  cyclic  reversion  can  be  used  to  achieve  packet  refinement  in  relatively  thick  plates  of 
high-strength  maraging  steel  [13].  In  this  case  the  alloy  is  doped  with  boron  to  suppress  austenite 
recrystallization,  and  permit  packet  refinement  with  the  relatively  slow  heating  rates  that  are  achiev¬ 
able  in  plates.  The  developers  of  this  technique  report  very  high  toughness  at  the  2.5  GPa  strength 

We  [14]  have  recently  found  a  fascinating  third  example  of  packet  refinement  in  AerMet 
100  an  llNi-13Co-3Cr-l.2Mo-0.23C  secondary  hardening  steel  developed  by  Carpenter  Tech¬ 
nology  [15],  which  has  fracture  toughness  of  1.1  GPavm  or  higher  at  yield  strengths  over  1.7 
GPa.  (UTS  >1.9  GPa).  This  alloy  naturally  develops  a  highly  refined  packet  structure  after  the 
cyclic  reversion  heat  treatment  that  is  applied  to  relatively  thick  plates  in  commercial  practice  (Fig. 
4).  In  keeping  with  its  refined  microstructure,  the  alloy  is  exceptionally  resistant  to  brittle  fracture 
by  transgranular  cleavage.  At  least  some  examples  remain  ductile  to  below  77K  at  the  2.5  GPa 
strength  level.  The  metallurgical  source  of  packet  refinement  in  this  alloy  is  not  yet  clear. 


Fig.  5:  Scanning  electron  fractograph  of  a  sample  of  AerMet  100 
broken  in  impact  at  77K.  The  fracture  mode  is  ductile. 
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ABSTRACT 

Recent  studies  have  shown  that  high  stress  concentrations  at  moving  crack  tips  in  the 
intermetallic  compound  NiTi  can  induce  a  crystalline-to-amorphous  (C-A)  transformation  of  the 
crack  tip  region.  This  stress-induced  C-A  transformation  has  a  temperature  dependence  and 
crystallization  behavior  similar  to  those  of  ion  irradiation-induced  C-A  transformation  of  NiTi. 
The  present  study  examines  if  these  similarities  between  stress-  and  irradiation-induced 
amorphization  hold  true  for  two  other  intermetallic  compounds,  CuTi  and  Ni3Ti.  In  situ 
straining  was  performed  in  an  intermediate-voltage  transmission  electron  microscope.  The 
presence  or  absence  of  an  amorphous  phase  was  determined  by  dark  field  imaging  and  selected 
area  diffraction  of  crack  tip  regions.  Crack  tips  in  both  CuTi  and  Ni3Ti  were  found  to  remain 
crystalline  upon  fracture.  The  observed  absence  of  stress-induced  amorphization  in  Ni3Ti  is 
consistent  with  its  known  absence  during  irradiation,  but  the  absence  in  CuTi  differs  from  its 
known  irradiation-induced  amorphization  behavior.  Reasons  for  the  similarity  and  difference  are 
discussed. 

INTRODUCTION 

A  fundamental  understanding  of  fracture  is  of  considerable  technological  importance. 
While  it  is  known  that  the  stress  concentration  at  a  crack  tip  is  the  primary  driving  force  for 
fracture,  the  mechanism  of  strain  energy  release  is  not  well  understood.  In  this  study ,  we 
investigate  the  possibility  whether  this  release  can  occur  via  local  melting  of  the  crack  tip. 

This  possibility  is  illustrated  in  Figure  1  which  shows  the  free  energy  curves  of  an 
unstressed  perfect  crystal,  two  stressed  crystals,  and  the  liquid.  Also  shown  are  the  ideal  glass 
[1],  the  glass  that  has  the  same  entropy  as  a  perfect  crystal,  and  two  unrelaxed  glasses  associated 
with  cooling  rates  such  that  Tgi  >  Tg2;  Tgj  represents  the  respective  glass  transition 
temperatures,  and  TK  is  the  ideal  glass  transition  temperature  as  defined  by  Kauzmann  [13- 
Figure  1  illustrates  how  heat-induced  (ordinary)  melting  of  a  perfect  crystal  occurs  when  its  free 
energy  drops  to  a  level  equal  to  that  of  the  liquid;  the  temperature  at  this  point  (T° )  is  defined 
as  the  melting  temperature.  However,  the  free  energy  curve  for  the  stressed  crystal  intersects 
that  of  the  liquid  at  a  temperature  T£  below  that  for  melting  of  the  unstressed  crystal.  This 
stress-induced  reduction  in  the  melting  temperature  can  also  occur  locally  at  regions  of  high  stress 
concentrations  such  as  at  crack  tips. 

Further  evidence  supporting  the  possibility  of  stress-induced  melting  of  the  crack  tip 
comes  from  Monte  Carlo  (MC)  simulations  of  fracture  [2].  In  these  simulations,  fee  elemental 
crystals,  subjected  to  uniaxial  tension,  were  observed  to  melt  prior  to  failure  at  temperatures  as 
low  as  0.35  T° .  These  MC  simulations  also  indicate  that  the  melted  regions  (which  cannot 
sustain  a  tensile  load)  immediately  reciystallize  leaving  behind  no  trace  that  melting  has  occurred. 
This  nearly  instantaneous  recrystallization  indicates  that  the  detection  of  stress-induced  melting 
may  not  be  possible  for  elemental  crystals.  However  for  intermetallic  compounds,  stress- 
induced  melting  may  be  detectable  at  low  temperatures  as  a  stress-induced  crystal-to-amorphous 
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(C-A)  transformation.  This  is  illustrated  in  Figure  1  which  shows  that  the  C-A  transformation 
can  be  induced  by  raising  the  free  energy  of  a  crystal  to  the  level  of  the  ideal  glass  (which  is  the 
glassy  state  with  the  lowest  free  energy).  For  example,  C-A  transformations  in  intermetallics 
such  as  N1T1  can  be  readily  induced  by  particle  irradiation.  However,  direct  observation  of  a 
stress-induced  C-A  transformation  at  crack  tips  has  been  reported  only  recently  [3].  In  situ 
TEM  studies  of  fracture  in  NiTi  (Figure  2a)  have  revealed  that  this  stress-induced  C-A 
transformation  has  a  similar  temperature  dependence  as  ion  irradiation-induced  C-A 
transformation  of  NiTi.  In  addition,  the  isothermal  crystallization  temperature  of  the  resulting 
glass  was  found  to  be  identical  to  that  predicted  for  the  ideal  glass,  providing  strong  support  for 
the  stress-induced  melting  concept. 

In  this  paper,  we  report  the  results  of  our  recent  examinations  of  crack  tips  for  signs  of 
stress-induced  amorphization  in  two  other  compounds:  CuTi,  which  undergoes  an  electron 
irradiation-induced  C-A  transformation,  and  Ni3Ti,  which  does  not  [4,5].  Cracks  in  these 
compounds  propagate  during  straining  inside  an  intermediate-voltage  (300  kV)  electron 
microscope  and  are  observed  in  situ  using  dark-field  imaging  and  selected  area  diffraction. 

EXPERIMENT 

Miniature  tensile  TEM  specimens  were  prepared  from  alloy  buttons  by  diamond 
sectioning  and  subsequent  polishing  to  a  200  pm  thickness.  Disks  3.0  mm  in  diameter  were  cut 
from  the  thinned  material  with  a  core  drill,  and  two  parallel  ends  were  truncated  with  a  wire  saw 
to  produce  modified  disk  specimens  2.5  mm  wide  necessary  to  fit  on  stainless  steel  straining 
bases.  Modified  disks  were  then  annealed  at  900°C  for  1  hour  to  remove  any  mechanical  damage 
before  electropolishing  to  electron  transparency.  Prior  to  straining  (24  hours),  the  disks  were 
attached  to  the  straining  bases  using  a  vacuum  epoxy. 

In  situ  straining  was  performed  in  a  Hitachi  9000  TEM  using  a  single  tilt  heating-straining 
stage.  Crack  tips  and  edges  that  propagated  during  straining  at  room  temperature  were  examined. 
The  presence  or  absence  of  amorphization  was  determined  by  selected  area  diffraction  (SAD) 
from  these  regions  using  a  10  micron  selected  area  aperture.  Cracks  in  both  electron-transparent 
and  electron-opaque  regions  were  examined  since  the  previous  NiTi  studies  indicated  amoiphous 
halos  were  easier  to  detect  in  thicker  regions  due  to  the  greater  sampled  diffracting  volume. 

RESULTS 

The  result  of  fracture  in  CuTi  is  discussed  first.  CuTi  specimens  had  large-grain 
microstructures  so  that  crack  propagation  occurred  mainly  through  single  crystalline  regions 
rather  than  along  grain  boundaries.  Upon  application  of  tensile  stress,  crack  propagation 
occurred  veiy  quickly.  In  fact,  propagation  could  not  be  captured  by  the  30  frame/second 
recording  speed  of  the  video  cassette  recorder  used  to  monitor  the  in  situ  experiments. 

Dislocation  bands  were  observed  to  form  ahead  of  crack  tips  during  propagation.  Examination  of 
crack  tips  and  edges  for  signs  of  amorphization  was  done  by  analyzing  SAD  patterns  from  35 
different  regions  in  CuTi.  In  all  of  these  patterns,  no  diffuse  intensity  halos  typical  of  an 
amoiphous  structure  were  detected.  Instead,  crack  tips  and  edges  either  remained  ciystalline  or 
became  polycrystalline.  Figure  2b  shows  a  typical  crack  that  propagated  in  CuTi  along  with  its 
associated  polycrystalline  diffraction  pattern.  The  strong  complete  ring  comes  from  CuTi  (110) 
reflections;  the  other  weaker  rings  can  be  indexed  to  additional  CuTi  reflections  Such 
polycrystalline  rings  were  detectable  only  in  thick  regions  of  the  specimen  where  the  diffracting 
volume  was  sufficient  to  produce  ring  patterns. 
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Figure  1.  Thermodynamic  basis  for  stress-induced  melting  criterion. 


31 


Like  CuTi,  the  Ni3Ti  specimens  had  a  large-grain  microstructure,  and  subsequent  crack 
propagation  was  through  single  crystalline  regions.  As  in  the  case  of  CuTi,  dislocation  bands 
were  detected  extending  far  ahead  of  crack  tips  after  propagation.  Examination  for  amorphization 
was  performed  by  analyzing  SAD  patterns  from  32  crack  tips  and  edges,  and  like  CuTi,  no 
diffuse  intensity  halos  were  detected  which  revealed  that  crack  tip  regions  remained  single 
crystalline  or  became  polyciystalline.  However,  in  this  case,  the  majority  of  crack  tips  and  edges 
were  not  polycrystalline.  Figure  2c  shows  a  typical  crack  that  propagated  in  Ni3Ti.  Its 
associated  SAD  pattern  has  the  same  single  crystalline  structure  as  the  matrix  away  from  the 
crack  regions.  Polycrystalline  rings  were  detected  in  only  2  of  the  32  regions  examined. 

These  results  indicate  that  neither  CuTi  nor  Ni3Ti  undergo  a  stress-induced  C-A 
transformation.  The  absence  of  this  transformation  in  Ni3Ti  was  expected  since  it  does  not 
become  amorphous  during  particle  irradiation.  However,  the  absence  of  a  stress-induced  C-A 
transformation  in  CuTi  was  surprising  since  it  is  highly  susceptible  to  electron-induced 
amorphization.  The  unexpected  behavior  of  CuTi  can  be  examined  in  terms  of  the  driving  force 
for  the  C-A  transformation.  In  order  for  such  a  transformation  to  occur,  the  free  energy  of  the 
perfect  crystal  must  be  raised  to  the  level  of  the  ideal  glass.  In  the  case  of  particle  irradiation, 
antisite  defects  (chemical  disorder)  are  known  to  provide  the  primary  driving  force  for 
amorphization  of  CuTi.  The  process  of  chemically  disordering  a  crystal  lattice  allows  strain 
energy  (and  hence  free  energy)  to  accumulate  to  the  point  where  a  C-A  transformation  is 
possible.  However,  the  driving  force  mechanisms  for  stress-induced  amorphization  are  still 
unclear.  For  NiTi,  the  evidence  suggests  the  involvement  of  chemical  disorder.  The  majority  (20 
of  25)  of  SAD  patterns  from  partially  amorphized  crack  tips  that  propagated  below  300°C  in 
NiTi  showed  no  superlattice  reflections  indicating  the  absence  of  chemical  long-range  order. 
However,  NiTi  superlattice  reflections  were  present  in  the  majority  (15  of  22)  of  SAD  patterns 
taken  from  cracks  that  propagated  above  300°C  where  thermal  recovery  was  possible. 

In  contrast  to  the  behavior  of  NiTi,  the  majority  (7  of  1 0)  of  SAD  patterns  from  crack 
tips  and  edges  in  CuTi  revealed  that  superlattice  reflections  were  present.  This  absence  of 
chemical  disorder  provides  an  explanation  why  CuTi  is  not  amorphized  by  stress  at  crack  tips 
while  it  is  amorphized  by  particle  irradiation.  These  results  suggest  that  chemical  disorder  is  an 
important  driving  force  for  stress-induced  amorphization  and  that  either  the  excess  free  energy 
associated  with  chemical  disordering  at  crack  tips  in  CuTi  has  not  reached  the  point  necessary  to 
drive  the  C-A  transformation  or  that  the  strain  energy  must  have  been  released  by  another 
mechanism  during  fracture.  The  nature  of  this  alternate  process  is  unclear,  but  the  observation  of 
dislocation  bands  ahead  of  crack  tips  suggests  that  some  strain  energy  is  dissipated  by  dislocation 
emission.  Figure  3  shows  a  band  of  dislocation  segments  and  loops  extending  horizontally  from  a 
typical  crack  tip.  They  are  superimposed  on  long  dislocations  (at  a  45°  inclination)  that  were 
present  before  fracture.  Analysis  of  the  dislocations  indicates  that  they  move  along  (001)  slip 
planes.  This  identification  is  based  on  both  TEM  analysis  and  atomistic  simulations.  TEM 
analysis  indicates  that  the  dislocations  appear  edge-on  when  the  (001)  planes  are  tilted 
perpendicular  to  the  viewing  direction;  in  addition,  atomistic  simulations  [6]  indicate  that 
vacancy  migration  energies  are  very  low  along  these  planes.  The  fact  that  dislocations  move 
along  these  slip  planes  so  far  ahead  of  cracks  indicates  that  strain  energy  from  the  tips  can  be 
dissipated  over  this  entire  distance. 

CONCLUSIONS 

Crack  tips  were  examined  in  both  CuTi  and  Ni3Ti  for  signs  of  a  stress-induced  C-A 
transformation.  Such  a  transformation  was  not  detected  in  either  material.  This  is  consistent 
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Figure  3.  Dislocation  band  observed  ahead  of  typical  crack  tip.  Imaging  conditions 
arc  such  that  the  (001)  planes  arc  inclined  at  (a)  61°.  (b)  79°.  and  (c)  90°  to 
observation  direction. 
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with  the  irradiation  behavior  of  Ni3Ti,  but  the  absence  of  stress-induced  amorphization  in  CuTi 
differs  from  its  known  irradiation-induced  amorphization  behavior.  This  difference  in  behavior  of 
CuTi  is  attributed  to  the  absence  of  chemical  disorder  at  crack  tips  necessary  to  drive  a  C-A 
transformation  whereas  in  the  case  of  particle  irradiation,  chemical  disorder  provides  most  of  the 
driving  force  for  amorphization.  Also  in  CuTi,  the  long  bands  of  dislocations  extending  from 
crack  tips  suggest  that  dislocation  emission  is  an  important  energy  release  mechanism. 
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ABSTRACT 

In  this  investigation,  the  fracture  and  tensile  properties  of  die  cast  and  thixomolded  magnesium 
alloys  are  compared  and  shown  to  be  dependent  on  the  microstructure  of  the  test  specimens.  The 
principal  features  of  a  die  cast  structure  that  inhibit  crack  propagation  and  contribute  to  high 
ductility  are  the  presence  of  highly  structured  primary  a-magnesium  dendrites  and  a  continuous 
network  of  the  a-magnesium  phase.  The  lower  tensile  properties  of  thixomolded  magnesium  alloys 
are  attributed  to  the  presence  of  nodular  a-magnesium  dendrites.  Cracks  propagate  around  the 
nodular  dendrites  through  the  divorced  eutectic  that  surrounds  the  nodular  a-magnesium  dendrites. 
In  the  thixomolded  alloys,  there  is  also  a  less  developed  continuous  network  of  the  a-magnesium 
phase. 

INTRODUCTION 

Die  casting  and  thixomolding  are  two  methods  used  to  make  near  net  shape  magnesium  alloy 
components.  In  die  casting,  molten  alloy  is  forced  under  pressure  into  a  closed  cavity  mold.  The 
microstructure  of  a  die  cast  magnesium  alloy  consists  of  primary  a-magnesium  dendrites  m  a 
matrix  consisting  of  a-magnesium  phase  and  p-phase  (MgnAlii).  A  typical  die  cast  AZ91 
magnesium  alloy  microstructure  is  shown  in  Figure  1.  In  thixomolding  [1],  a  semisolid  alloy,  that 
is  at  a  temperature  between  its  liquidus  and  solidus,  is  forced  under  pressure  into  a  closed  cavity 
mold  By  controlling  the  temperature  of  the  alloy  between  its  liquidus  and  solidus  the  amount  ol 
solid  phase  and  liquid  phase  is  controlled.  Because  of  a  shearing  action  on  the  thixotropic 
semisolid  magnesium  alloy  (caused  by  rotation  of  a  screw  within  a  barrel),  the  a-magnesium 
dendrites  become  nodular  in  shape.  The  microstructure  of  a  thixomolded  magnesium  alloy  consists 
of  nodular  a-magnesium  dendrites  in  a  matrix  consisting  of  a-magnesium  phase  and  p-phase 
(M217AI12).  A  typical  thixomolded  AZ91  magnesium  alloy  microstructure  is  shown  in  Figure  2. 

In  this  investigation,  the  influence  of  microstructure  on  the  fracture  and  tensile  properties  of 
two  magnesium  alloys  (AM60  and  AZ91)  is  discussed.  Different  microstructures  are  obtained  by 
making  die  cast  and  thixomolded  test  specimens  (Figures  1  and  2). 


Figure  1.  Die  cast  AZ91  magnesium  alloy.  Figure  2.  Thixomolded  AZ91  magnesium  alloy. 


MATERIALS  AND  TEST  METHODS 

Two  magnesium  alloys,  AM60  and  AZ91,  are  evaluated  in  this  investigation.  AM60  is  a 
magnesium  alloy  that  contains  6  wgt.%  aluminum  and  a  minimum  of  0.25  wgt.%  manganese.  The 
magnesium  alloy,  AZ91,  contains  9  wgt.%  aluminum,  0.7  wgt.%  zinc,  and  a  minimum  of  0.15 
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wgt%  manganese.  Die  casting  and  thixomolding  are  used  to  make  tensile  bars  of  these  magnesium 
alloys.  Die  cast  AM60  and  AZ91  tensile  bars  are  from  Spartan  Aluminum  Products,  Inc.,  Gibbs 
Die  Casting  Aluminum  Coiporation,  and  Dow  Chemical  Company.  Thixomolded  AM60  and  AZ91 
tensile  bars  and  a  thixomolded  AM60  component  having  >50%  a -magnesium  nodules,  from  which 
tensile  bars  are  machined,  are  from  Thixomat,  Inc.  The  compositions  of  the  magnesium  alloy 
tensile  bars  are  listed  in  Table  I.  The  aluminum  and  zinc  contents  of  the  tensile  bars  are  within  the 
ASTM  composition  limits  for  a  specific  magnesium  alloy  (ASTM  Standard  B  94-93). 

Table  I.  Source  and  Composition  of  Die  Cast  and  Thixomolded  Tensile  Bars. 


Magnesium 

Alloy 

Process 

Source  of 
Tensile  Bars 

Number 
of  Samples 

Aluminum 

ppm 

Manganese 

ppm 

Zinc 

PPm 

AM60 

Die  Cast 

Spartan  Aluminum 
Products,  Inc. 

10 

59882 

3667 

111 

AM60 

Die  Cast 

Gibbs  Die  Casting 
Aluminum  Corp. 

10 

62378 

2922 

466 

AM60 

Thixomolded 

Thixomat,  Inc. 

10 

64181 

3694 

<5 

AM60 

Thixomolded 

Component  from 
Thixomat,  Inc. 

6 

64330 

3103 

2016 

AZ91 

Die  Cast 

Spartan  Aluminum 
Products,  Inc. 

8 

89153 

1875 

7958 

AZ91 

Die  Cast 

Dow  Chemical 
Company 

10 

90380 

995 

7552 

AZ91 

Thixomolded 

Thixomat,  Inc. 

10 

89669 

2744 

8362 

The  die  cast  tensile  bars  of  AZ91  and  AM60  from  Spartan  Aluminum  Products,  Inc.  and  the 
tensile  bars  of  AM60  machined  from  a  thixomolded  component  having  >50%  a-magnesium 
nodules  have  a  gage  length  of  1.00  inch.  The  die  cast  tensile  bars  of  AM60  from  Gibbs  Die 
Casting  Aluminum  Coiporation  and  of  AZ91  from  Dow  Chemical  Company  have  a  gage  length  of 
2.00  inches.  The  thixomolded  tensile  bars  of  AM60  and  AZ91  from  Thixomat,  Inc.  have  a  gage 
length  of  2.00  inches.  An  Instron  Mechanical  Tester  is  used  to  determine  the  tensile  properties  of 
the  test  bars  using  a  strain  rate  of  0.01  inch/inch/minute.  The  elongation  of  the  tensile  bars  within 
the  gage  section  is  measured  with  an  extensometer. 

The  porosity  of  the  tensile  bars  is  determined  by  the  Archimedes’  method.  The  formula  used  is: 

%  Porosity  =  100  (pMg  Alloy  -  pTensile  Bar)  /  pMg  Alloy  ( 1) 

where  pMg  Alloy  is  the  density  of  the  magnesium  alloy  (pAZ9i  is  1.81  grams/cms  and  pAM60  is  1.79 
grams/cm3).  pTensile  Bar  is  the  measured  density  of  the  tensile  bar.  The  location  of  macro  porosity  in 
the  tensile  bars  is  determined  from  real  time  X-ray  images  taken  by  the  Institute  of  Magnesium 
Technology. 

To  examine  the  microstructure  of  the  magnesium  alloys,  polished  metallographic  specimens  are 
etched  with  a  glycol  etch  -  ASTM  No.  118  consisting  of  75  vol.%  ethylene  glycol,  24  vol.% 
deionized  water,  and  1  vol.%  concentrated  nitric  acid.  The  images  of  the  magnesium  alloy 
microstructures  are  obtained  with  an  Olympus  PMG-3  metallograph. 

TEST  RESULTS 

The  microstructure  of  die  cast  AZ91  and  AM60  magnesium  alloys  consists  of  structured 
primary  a-magnesium  dendrites,  fragments  of  dendrites,  and  a  divorced  eutectic  consisting  of  the 
a-magnesium  phase  and  the  intermetallic  compound,  MgnAli2  (see  Figure  1).  The  thixomolded 
AZ91  and  AM60  magnesium  alloy  tensile  bars  have  a  microstructure  composed  of  approximately 


36 


20  to  25%  a-magnesium  nodules  dispersed  in  a  matrix  consisting  of  a-magnesium  particles  and  a 
divorced  eutectic  of  the  a-magnesium  phase  and  MgnAli2  (see  Figure  2).  Tensile  bars,  which  are 
machined  from  an  AM60  thixomolded  component,  have  a  microstructure  with  >50%  a-magnesium 
nodules  that  are  closely  packed  in  a  matrix  rich  in  eutectic  structure. 

The  tensile  properties  of  die  cast  and  thixomolded  AZ91  and  AM60  magnesium  alloys  are  listed 
in  Table  II.  For  a  given  magnesium  alloy,  the  thixomolded  magnesium  alloy  has  tensile  properties 
(stress  at  fracture  and  strain  at  fracture)  that  are  less  than  the  die  cast  magnesium  alloy.  For 
example,  the  thixomolded  AZ91  alloy  has  an  average  stress  at  fracture  of  31,180  psi  and  an 
average  strain  at  fracture  of  3.07%.  The  die  cast  AZ91  magnesium  alloy  specimens  from  Spartan 
Aluminum  Products,  Inc.  and  Dow  Chemical  Company  have  an  average  stress  at  fracture  of 
37,990  psi  and  35,270  psi  respectively  and  have  an  average  strain  at  fracture  of  7.61%  and  6.00% 
respectively.  The  same  trend  is  also  observed  for  the  thixomolded  and  die  cast  AM60  magnesium 
alloy.  The  die  cast  AM60  magnesium  alloy  specimens  from  Spartan  Aluminum  Products,  Inc.  and 
Gibbs  Die  Casting  Aluminum  Corp.  have  an  average  stress  at  fracture  of  38,220  psi  and  36,990 
psi  respectively  and  have  an  average  strain  at  fracture  of  21.94%  and  16.00%  respectively.  The 
thixomolded  AM60  magnesium  alloy  specimens  have  tensile  properties  that  are  less  than  the  die 
cast  AM60  specimens.  The  thixomolded  AM60  alloy  with  approximately  20  to  25%  a-magnesium 
nodules  has  an  average  stress  at  fracture  of  32,3 10  psi  and  an  average  strain  at  fracture  of  10.31%. 
The  thixomolded  AM60  alloy  with  >50%  a-magnesium  nodules  has  an  average  stress  at  fracture  of 
19,360  psi  and  an  average  strain  at  fracture  of  2.46%. 

The  porosity  of  the  die  cast  and  thixomolded  magnesium  alloy  tensile  bars  ranges  from  1.06% 
for  the  die  cast  AM60  tensile  bars  from  Gibbs  Die  Casting  Aluminum  Corporation  to  2.56%  for  the 
thixomolded  AM60  tensile  bars  from  Thixomat,  Inc.  The  porosity  of  the  tensile  bars  machined 
from  the  thixomolded  component  of  AM60  alloy  is  0.50%,  which  is  less  than  the  porosity  of  the 
die  cast  and  thixomolded  tensile  bars.  Most  of  the  porosity,  however,  in  the  thixomolded  and  die 
cast  tensile  bars  (determined  by  real  time  X-ray  images)  occurs  in  the  grip  sections  of  the  bars,  not 
in  the  gage  section. 

Table  II.  Tensile  Properties  and  Porosity  of  Die  Cast  and  Thixomolded  Magnesium  Alloys. 


Magnesium 

Alloy 

Process 

Source  of 
Tensile  Bars 

Number 

of 

Samples 

Average 

Porosity, 

% 

Average 
Stress  at 
Fracture,  psi 

Average 
Strain  at 
Fracture,  % 

AM60 

Die  Cast 

Spartan  Aluminum 
Products,  Inc. 

10 

1.43 

38,220 

21.94 

AM60 

Die  Cast 

Gibbs  Die  Casting 
Aluminum  Corp. 

10 

1.06 

36,990 

16.00 

AM60 

Thixomolded 

Thixomat,  Inc. 

10 

2.56 

32,310 

10.31 

AM60 

Thixomolded 

Component  from 
Thixomat,  Inc. 

6 

0.50 

19,360 

2.46 

AZ91 

Die  Cast 

Spartan  Aluminum 
Products,  Inc. 

8 

1.21 

37,990 

7.61 

AZ91 

Die  Cast 

Dow  Chemical 
Company 

10 

1.88 

35,270 

6.00 

AZ91 

Thixomolded 

Thixomat,  Inc. 

10 

1.48 

31,180 

3.07 

DISCUSSION  OF  RESULTS 

The  die  cast  AZ91  and  AM60  magnesium  alloys  have  greater  stress  and  strain  at  fracture  than 
the  thixomolded  AZ91  and  AM60  alloys.  There  are  a  number  of  factors  that  may  contribute  to  this 
behavior  and  include  the  following:  1)  microstructure,  2)  matrix  enrichment  with  alloying 
elements,  and  3)  porosity. 
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Microstructure 


Die  cast  magnesium  alloys  have  a-magnesium  dendrites  that  are  highly  structured.  In  the  die 
cast  tensile  bars,  the  structured  a-magnesium  dendrites,  dendrite  fragments,  and  a-magnesium 
phase  from  the  divorced  eutectic  form  a  continuous  network.  Cross  sections  of  fractured  AZ91  and 
AM60  die  cast  tensile  bars  are  shown  in  Figures  3  and  4  respectively.  Fracture  occurs  primarily 
through  the  divorced  eutectic  matrix.  The  multi-armed  structured  dendrites  and  continuous  network 
of  a-magnesium  phase  hinder  crack  propagation  by  providing  dead  end  and  torturous  pathways  for 
crack  propagation.  The  continuous  network  of  a-magnesium  phase  also  provides  a  high  ductility 
framework  to  the  structure. 

Thixomolded  magnesium  alloys  have  large  nodular  dendrites  that  are  more  or  less  spherical  in 
shape  (see  Figure  2).  Cross  sections  of  fractured  AZ91  and  AM60  thixomolded  tensile  bars  are 
shown  in  Figures  5  and  6  respectively.  Fracture  occurs  predominantly  through  the  divorced 
eutectic  matrix  and  around  the  nodular  a-magnesium  dendrites.  The  portion  of  the  fracture  around 
the  nodular  dendrites  occurs  through  the  divorced  eutectic  structure  that  surrounds  the  nodules. 
Figure  7  shows  the  Mg  17AI12  phase  surrounding  a  nodular  dendrite.  An  enlarged  cross  section  of  a 
fracture  surface  is  shown  in  Figure  8.  It  shows  the  bare  surface  of  a  nodular  dendrite  where 
fracture  occurred.  Fracture  probably  occurs  at  the  interface  between  the  a-magnesium  phase  and 
the  Mg  17 A1 12  phase  of  the  divorced  eutectic.  The  nodular  dendrites  do  not  contribute  significantly  to 
the  development  of  a  continuous  network  of  the  a-magnesium  phase  since  they  are  almost 
completely  surrounded  by  the  MgnAlu  phase  of  the  divorced  eutectic.  There  are  also  fewer  dead 
end  and  torturous  pathways  to  inhibit  crack  propagation  in  the  thixomolded  magnesium  alloy 
structure.  This  difference  in  structure,  when  compared  to  the  die  cast  structure,  is  considered  a 
major  factor  contributing  to  the  lower  tensile  properties  of  the  thixomolded  magnesium  alloys. 

Matrix  Enrichment  with  Alloying  Elements 

The  AZ91  and  AM60  magnesium  alloys  have  compositions  that  impart  a  melting  temperature 
range  in  these  alloys.  As  a  consequence,  constituent  segregation  occurs  during  solidification.  The 
degree  and  nature  of  segregation  are  influenced  by  cooling  rate  during  solidification  and  holding 
time  at  a  temperature  between  the  liquidus  and  solidus  temperature.  In  die  casting,  the  cooling  rate 
is  very  rapid  after  injection  into  a  mold,  and  there  is  minimal  constituent  segregation  in  the  die  cast 
structure.  In  thixomolding,  however,  the  magnesium  alloy  is  held  in  the  barrel  of  the  thixomolder 
at  a  temperature  between  its  liquidus  and  solidus  temperature.  The  alloy  is  in  a  semisolid  state.  The 
a-magnesium  dendrites  form  in  the  barrel  of  the  thixomolder  and  become  nodular  in  shape  due  to 
rotation  of  the  screw  in  the  barrel  of  the  thixomolder.  The  number,  size,  and  composition  of 
nodular  dendrites  formed  are  dependent  on  the  temperature  of  the  alloy  and  length  of  time  within 
the  barrel.  The  lower  the  temperature  is,  the  greater  the  number  of  nodular  dendrites  and  the  more 
enriched  the  remaining  liquid  becomes  with  alloying  elements,  especially  aluminum.  The 
microstructure  of  the  thixomolded  AZ91  alloy  (Figures  2,  5,  7,  and  8),  which  has  20  to  25% 
nodular  a-magnesium  dendrites,  is  obtained  with  a  barrel  temperature  of  585° C.  This  structure  has 
more  constituent  segregation  than  the  die  cast  structure,  due  to  the  formation  of  large  a-magnesium 
nodular  dendrites.  The  remaining  liquid,  which  surrounds  the  nodular  dendrites,  is  enriched  with 
aluminum,  and  when  it  has  solidified,  there  is  a  greater  amount  of  eutectic  structure  (a-magnesium 
phase  and  Mg  17AI12)  in  the  space  between  the  nodular  dendrites.  When  the  barrel  temperature  is 
even  lower,  the  AM60  alloy  microstructure,  shown  in  Figures  9  and  10,  is  obtained.  The  nodular 
a-magnesium  dendrites  make  up  most  of  the  microstructure.  The  liquid  alloy  that  is  present  in  the 
space  between  the  nodular  dendrites  is  very  enriched  in  aluminum.  As  a  consequence,  a  large 
amount  of  MgnAli2  phase  (component  of  the  eutectic)  forms  in  the  limited  space  between  the 
nodular  dendrites  during  solidification  of  the  remaining  liquid.  Fracture  occurs  through  the  eutectic 
structure  between  the  nodular  dendrites.  The  tensile  properties  of  tensile  bars  with  this  structure  are 
very  low  (average  stress  at  fracture  is  19,360  psi  and  average  strain  at  fracture  is  2.46%).  Figure  9 
shows  crack  propagation  through  the  eutectic  matrix.  Figure  10  shows  the  eutectic  structure 
between  the  nodular  dendrites.  The  low  tensile  properties  are  attributed  to  aluminum  enrichment 
and  resulting  increased  amount  of  eutectic  structure  in  the  space  between  the  nodular  dendrites. 
There  is  also  very  little  development  of  a  continuous  a-magnesium  network  to  inhibit  crack 
propagation  and  provide  a  high  ductility  framework. 
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Nodular  a-Mg  Dendrites 


Figure  9.  Fractured  thixomolded  AM60  Figure  10.  Thixomolded  AM60  tensile  bar  with 
tensile  bar  with  >50%  a-magnesium  nodules.  MgnAlu  phase  between  a-magnesium  nodules. 
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Porosity 


The  porosity  of  the  die  cast  magnesium  alloy  tensile  bars  ranges  from  1.06%  to  1.88%,  and  the 
porosity  of  the  AZ91  and  AM60  thixomolded  tensile  bars  is  1.48%  and  2.56%  respectively  (see 
Table  II).  Real  time  X-ray  images  indicate  that  macro  porosity  is  present  in  the  grip  sections  of  the 
die  cast  and  thixomolded  tensile  bars.  Macro  porosity  is  not  seen  in  the  gage  section  of  the  tensile 
bars  and  does  not  influence  the  fracture  and  tensile  properties.  Micro  shrinkage  porosity,  however, 
is  seen  at  the  surface  of  a  nodular  a-magnesium  dendrite  in  the  thixomolded  AZ91  microstructure 
shown  in  Figure  7.  Micro  porosity  cannot  be  ruled  out  as  a  contributing  factor  to  the  lower  tensile 
properties  of  the  thixomolded  tensile  bars. 

CONCLUSIONS 

The  nature  of  the  tensile  fracture  and  the  tensile  properties  of  magnesium  alloys  are  dependent 
on  microstructure  and  matrix  enrichment  with  alloying  elements.  The  features  of  a  die  cast  structure 
that  inhibit  crack  propagation  and  contribute  to  high  ductility  are  the  presence  of  structured  primary 
a-magnesium  dendrites  and  the  formation  of  a  continuous  network  of  the  a-magnesium  phase.  The 
lower  ductility  of  thixomolded  magnesium  alloys,  which  have  nodular  a-magnesium  dendrites  in 
their  microstructure,  is  due  to  the  lack  of  dead  end  and  torturous  pathways  to  inhibit  crack 
propagation.  In  the  thixomolded  alloys,  cracks  propagate  around  the  nodular  a-magnesium 
dendrites  through  the  divorced  eutectic  structure  that  surrounds  the  nodular  dendrites.  For 
thixomolded  tensile  bars  made  with  an  enrichment  of  aluminum  in  the  matrix  between  the  nodular 
dendrites,  the  tensile  properties  are  very  low  and  cracks  propagate  through  the  eutectic  structure  in 
the  limited  space  between  the  a-magnesium  nodular  dendrites.  In  the  thixomolded  magnesium 
alloys,  a  continuous  a-magnesium  supporting  network  is  not  as  well  developed  as  in  the  die  cast 
structures. 
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ABSTRACT 

The  mechanical  behavior  of  Fe-Cr-Al-alloys  was  investigated  at  different  temperatures  and  after 
several  heat-treatments  in  order  to  determine  critical  conditions  for  the  ductility  of  the  material.  It 
was  found  that  a  significant  embrittlement  takes  place  during  deformation  at  higher  temperatures 
around  400  °C  as  well  as  after  heat-treatments  at  temperatures  above  1000  °C  in  combination 
with  very  high  or  very  low  cooling  rates.  Possible  reasons  for  this  behavior  are  discussed  with 
respect  to  the  results  of  transmission  electron  microscopy  (TEM),  Auger  spectroscopy  (AES), 
positron  annihilation  spectroscopy  (PAS)  and  measurements  of  the  electrical  resistivity. 

INTRODUCTION 

Fe-Cr-Al  alloys  show  a  marked  resistance  to  oxidation  and  sulfidation  even  at  high  temperature 
and  a  high  electrical  resistivity,  which  makes  them  special  candidates  for  high  temperature 
applications  like  industrial  furnaces  or  automotive  exhaust  systems  as  well  as  for  heat  conducting 
elements  [1].  Processing  of  Fe-Cr-Al  alloys,  however,  is  complicated  by  their  poor  cold 
workability  and  by  the  formation  of  hot  cracks  during  casting.  For  this  reason,  the  composition 
range  of  conventionally  processed  alloys  is  restricted  to  about  25.0  wt.%  Cr  and  5.5  wt.%  Al. 

The  existence  of  ordered  phases  is  frequently  discussed  as  one  possible  reason  for  the 
embrittlement  of  Fe-Cr-Al-alloys,  but  until  today,  neither  the  reasons  for  the  tendency  to  brittle 
behavior  nor  the  conditions  which  favor  embrittlement,  especially  concerning  composition  and 
heat  treatment,  have  been  clarified  satisfactorily. 

This  paper  presents  results  of  a  research  program  which  was  carried  out  to  determine  the 
microstructural  background  responsible  for  the  embrittlement  of  commercial  Fe-Cr-Al  alloys.  In 
the  beginning,  extensive  work  on  mechanical  testing  was  necessary  to  find  out  critical  heat 
treatments  concerning  the  deformability  of  the  material.  Subsequently,  the  microstructure  of 
embrittled  specimens  was  examined  carefully  by  transmission  electron  microscopy  (TEM)  and 
Auger  spectroscopy  (AES).  Electrical  resistivity  measurements  were  carried  out  to  monitor  phase 
transformations  within  the  material.  Finally,  the  importance  of  point  defects  on  phase  changes 
was  evaluated  by  positron  annihilation  spectroscopy  (PAS). 

EXPERIMENT 

The  results  presented  in  this  study  are  restricted  to  a  commercial  Fe-Cr-Al  alloy  (FeCr20A15) 
with  a  composition  of  20.5  %  Cr  and  5.3  %  Al  (wt.%).  Further  additions  include  Si  (0.44  wt.%), 
Mn  (0.23  wt.%)  and  Ni  (0.15  wt.%).  The  C-  and  N-content  was  defined  to  0.002  wt.%  and 
0.005  wt.%.  The  experiments  were  carried  out  on  polycrystalline  specimens  in  order  to  ensure 
the  transferability  of  the  results  to  the  industrial  fabrication  process.  After  being  machined  from 
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hot  rolled  and  cold  rolled  strips,  the  specimens  were  heat  treated  at  1000  °C  for  3  min  and 
afterwards  air  cooled  to  room  temperature  (RT). 

RESULTS  AND  DISCUSSION 

As  a  result  of  quasi-static  tensile  tests  at  different  temperatures  between  RT  and  800  °C,  Figure  1 
tCnSlle  elongation’  .the  °-2%  yield  strength  and  the  ultimate  tensile  strength  of 
eCr20A15  as  a  function  of  testing  temperature.  While  the  material  shows  a  good  ductility  at  RT 
(total  elongation  -20  %),  the  total  elongation  is  reduced  in  the  temperature  range  around  400  °C 
to  ~14  %.  Specimens  which  were  deformed  to  fracture  in  this  temperature  range  show  the 
presence  of  transgranular  cleavage  cracks  within  the  grains  (Figure  2a).  The  fracture  surface  is 
characterized  by  small  cleavage  areas  which  are  embedded  in  a  dimpled  structure  (Figure  2b) 
This  mixed  appearance  is  typical  for  specimens  which  have  been  deformed  at  temperatures 
between  325  °C  and  450  °C.  Tensile  tests  were  also  carried  out  at  RT  on  specimens  which  had 
been  aged  at  400  °C  for  2d.  In  this  special  state,  no  reduction  of  elongation  could  be  found  with 
respect  to  the  original  condition.  This  result  indicates  that  the  underlying  mechanism,  which  is 
responsible  for  the  embrittlement,  can  take  place  only  in  combination  with  plastic  deformation 
around  400  °C. 


Figure  1:  Effect  of  testing  temperature  on  tensile  properties  of  FeCr20A15 

Impact  bending  tests  at  RT  on  specimens  which  had  been  heat  treated  at  temperatures  between 
900  °C  and  1200  °C  for  10  min  show  strongly  varying  impact  strength  values.  The  impact 
strength  depends  to  a  high  degree  on  the  cooling  rate  between  annealing  temperature  and  RT. 
Figure  3  clearly  indicates  that  the  highest  values  of  the  impact  strength  are  reached  after  air 
cooling,  while  those  specimens  which  have  been  cooled  at  low  rates  (furnace  cooling,  50  °C/h) 
and  high  rates  (water  quenching)  show  small  values,  especially  for  high  annealing  temperatures. 
These  results  can  be  interpreted  only  by  assuming  that  two  different  mechanisms  are  responsible 
for  the  reduced  ductility  after  high  temperature  heat  treatments. 

In  contrast  to  the  results  of  the  impact  bending  test,  which  had  been  carried  out  on  specimens 
machined  from  hot  rolled  strips,  tensile  tests  at  RT  on  recrystallized  cold  rolled  specimens 
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Figure  2:  Etched  cross-section  (a)  and  fracture  surface  (b)  of  a  tensile  specimen  deformed  to 
fracture  at  a  temperature  of  425  °C  (FeCr20A15) 


Figure  3:  Impact  strength  at  RT  as  a  function  of  annealing  temperature  and  cooling  rate 
(FeCr20A15) 

showed  no  loss  in  ductility  after  high  temperature  heat  treatments  in  combination  with  high 
cooling  rates.  The  embrittling  effect  after  low  cooling  rates,  however,  could  be  confirmed.  The 
results  concerning  the  total  elongation  and  the  ultimate  tensile  strength  given  in  Figure  4 
represent  tensile  tests  on  specimens  which  were  furnace  cooled  (50  °C/h)  from  1100  °C  (1  h)  and 
subsequently  water  quenched  at  different  temperatures  between  600  °C  and  1000  °C.  As  it  can  be 
taken  from  Figure  4,  a  steep  decrease  in  total  elongation  can  be  found  between  900  °C  (state  I) 
and  800  °C  (state  II),  which  indicates  clearly  that  the  embrittling  mechanism  during  slow  cooling 
takes  place  within  this  temperature  range.  A  cross-cut  through  the  fracture  region  shows  a  highly 
deformed  microstructure  in  state  I  (Figure  5a),  while  transgranular  cleavage  and  a  highly  twinned 
microstructure  can  be  recognized  in  state  II.  Further  experiments,  which  are  not  described  here, 
showed,  that  the  embrittled  state  could  be  removed  by  an  additional  heat  treatment  at 
temperatures  above  900  °C  in  connection  with  rapid  cooling  to  RT.  Efforts  to  produce  the 
embrittled  state  only  by  annealing  the  specimens  within  the  temperature  range  between  900  °C 
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and  800  °C  failed.  Thus  the  conclusion  was  drawn  that  the  mechanism  responsible  for  the  loss  in 
ductility  only  takes  place  during  continuous  cooling. 


Figure  4:  Tensile  elongation  and  ultimate  tensile  strength  at  RT  after  slow  cooling  from  1 100  °C 
(1  h)  and  subsequent  water  quenching  at  the  given  temperature  (FeCr20A15) 


Figure  5:  Etched  cross  section  through  the  fracture  region  of  tensile  specimens  after  slow 

cooling  from  1100  °C  (1  h)  and  subsequent  water  quenching  at  (a)  900  °C  (ductile 
state)  and  (b)  800  °C  (embrittled  state)  (FeCr20A15) 

To  summarize  the  mechanical  results,  three  important  aspects  have  to  be  emphasized:  Fe-Cr-Al- 
alloys  undergo  significant  embrittlement  during  plastic  deformation  in  the  temperature  range  of 
400  °C  as  well  as  as  a  result  of  cooling  from  high  annealing  temperatures  at  very  low  or  very 
high  cooling  rates.  In  the  following  section,  possible  reasons  for  this  behavior  will  be  discussed 
in  the  view  of  some  additional  observations. 

Careful  metallographic  examinations  did  not  yield  direct  information  about  microstructural 
reasons  for  the  evolution  of  transgranular  microcracks  during  deformation  around  400  °C.  The 
development  of  ordering  was  excluded  by  TEM  diffraction  patterns  in  the  case  of  FeCr20A15.  By 
electrical  resistivity  measurements,  the  formation  of  the  so-called  K-state  [2]  could  be  observed 
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following  aging  up  to  300  °C.  This  temperature,  however,  is  too  low  to  explain  the  loss  of 
ductility  around  400  °C.  During  aging  at  400  °C,  the  electrical  resistivity  of  FeCr20A15  decreases 
continuously  even  after  aging  times  above  140  h.  In  agreement  with  [3,4]  it  is  assumed  that  the 
underlying  aging  process  is  the  precipitation  of  a  Cr-rich  alpha’-phase  which  stems  from  the 
binary  alloy  system  FeCr  due  to  the  existence  of  a  wide  miscibility  gap.  This  process  leads  to  the 
formation  of  a  very  fine-scaled  microstructure  which  affects  the  mechanical  behavior  to  a  high 
degree,  but  develops  extremely  slow.  It  is  reported  that  the  size  of  the  Cr-rich  zones  is  around  22 
nm  after  aging  for  34.000  h  at  475  °C  [5].  The  reason  why  this  aging  process  can  lead  to 
embrittlement  in  the  short  time  during  deformation  at  400  °C  is  considered  to  be  the  formation  of 
excess  vacancies  by  dislocation  climb  and  intersection  [6]  which  enhance  the  diffusion  process. 
A  verification  of  this  could  be  found  by  PAS.  During  a  very  slow  heating  process,  the  positron 
lifetime  increases  in  the  temperature  range  between  400  °C  and  550  °C  and  decreases  sharply 
around  600  °C,  followed  by  a  second  increase  due  to  the  formation  of  thermal  vacancies.  The 
first  increase  is  an  unexpected  result,  which  can  only  be  interpreted  by  the  demixing  process.  It 
could  be  shown  within  this  study,  that  the  first  increase  in  positron  lifetime  depends  strongly  on 
the  concentration  of  excess  vacancies  in  the  original  state,  which  was  controlled  by  cold  work. 
With  higher  concentrations  of  vacancies,  the  increase  begins  at  lower  temperature  and  the 
maximum  value  is  increased  significantly,  which  gives  direct  evidence  that  the  demixing  process 
is  enhanced  by  excess  vacancies.  A  TEM  study  showed  that  a  specimen  deformed  at  400  °C 
shows  a  planar  dislocation  structure  and  a  high  density  of  dislocation  pile-ups,  while  specimens 
deformed  at  RT  and  520  °C  are  characterized  by  a  more  cell-like  dislocation  structure.  This 
observation  indicates  that  dislocation  reactions  are  enabled  at  RT  and  520  °C,  but  nearly  disabled 
at  400  °C,  which  can  also  be  explained  by  the  short  range  clustering  process.  Corresponding  to 
the  work  of  Gerold  and  Kamthaler  [7],  planar  slip  is  favored  in  alloys  which  show  short  range 
ordering  or  short  range  clustering.  This  is  due  to  the  cutting  of  favorable  bonds  on  glide  planes 
done  by  the  leading  dislocations.  For  the  following  dislocations,  the  resistivity  on  activated  glide 
planes  is  smaller  than  on  undisturbed  ones,  which  is  the  reason  for  the  local  concentration  of 
dislocations  on  special  glide  planes  typical  for  planar  dislocation  structures. 

During  slow  cooling  from  high  annealing  temperatures,  Fe-Cr-Al  alloys  undergo  a  significant 
loss  in  ductility  in  the  temperature  range  between  900  °C  and  800  °C.  TEM  examinations  of  the 
embrittled  state  did  not  yield  any  information  about  the  origins  of  this  behavior,  e.g.  ordering 
processes.  AES  analyses,  however,  showed  the  formation  of  Cr-depleted  areas  (Cr-content  ~14 
wt.%)  around  the  grain  boundaries  within  this  temperature  range  (Figure  6).  This  could  be  due  to 
the  formation  of  Cr-rich  precipitates  at  the  grain  boundaries  which,  however,  could  not  be 
experimentally  detected.  While  the  reason  for  the  development  of  Cr-depleted  areas  in  the  case  of 
FeCr20A15  is  still  not  clarified,  this  observation  gives  a  possible  explanation  for  the 
embrittlement  occurring  between  900  °C  and  800  °C.  According  to  Demo  [8],  the  Cr-depleted 
zones  can  undergo  a  local  a-y  phase  transformation  which  may  cause  large  localized  stress 
concentrations.  By  this  mechanism,  the  grain  boundaries  should  represent  barriers  to  dislocation 
motion  and  therefore  should  explain  the  evolution  of  high  internal  stresses  leading  to  the 
formation  of  microcracks. 

The  observed  embrittlement  after  rapid  cooling  from  high  annealing  temperatures  is  attributed  to 
the  presence  of  interstitial  C+N  atoms  which  have  a  great  influence  on  the  deformation  behavior 
of  bcc  alloys  [9].  Literature  shows  that  carbides  and  nitrides  dissolve  at  temperatures  above 
950  °C,  therefore  quenching  in  water  should  produce  a  highly  supersaturated  solid  solution.  A 
significant  reduction  of  the  dislocation  mobility  should  enhance  the  formation  of  localized  stress 
concentrations  and  the  formation  of  microcracks  on  the  one  hand.  The  growth  of  those 
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microcracks  should  be  unlimited  if  the  dislocation  mobility  is  too  small  to  cause  blunting  and 
screening  of  the  crack  tip  and  to  reduce  the  stress  concentrations  on  the  other  hand. 
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Figure  6:  Polished  cross-section  (a)  and  Cr-map  (b)  of  a  specimen  after  slow  cooling  from 
1 100  °C  (1  h)  and  subsequent  water  quenching  at  800  °C  (FeCr20A15) 


CONCLUSIONS 


Fe-Cr-Al  alloys  show  a  good  ductility  which  may  be  reduced  to  a  high  degree  under  critical 
conditions.  Those  conditions  are  reached  during  plastic  deformation  in  the  temperature  range  of 
400  °C  (I)  as  well  as  after  cooling  from  high  annealing  temperatures  at  very  low  (II)  or  very  high 
(HI)  cooling  rates.  As  reasons  for  this  behavior,  an  acceleration  of  a  demixing  process  in  the 
temperature  range  of  400  °C  by  excess  vacancies  (I),  the  formation  of  Cr-depleted  zones  around 
the  grain  boundaries  in  correlation  with  a  local  a-y  phase  transformation  (II)  and  the  production 
of  a  supersaturated  solid  solution  with  interstitial  C+N  atoms  (HI)  are  discussed. 
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ABSTRACT 

We  propose  a  self-consistent  criterion  for  crack  propagation  versus  dislocation  emission,  taking 
into  account  the  effects  of  crack-tip  blunting.  Continuum  concepts  are  used  to  evaluate  the 
evolving  competition  between  crack  advance  and  dislocation  nucleation  as  a  function  of  crack- 
tip  curvature.  This  framework  is  used  to  classify  crystals  as  intrinsically  ductile  or  brittle  in 
terms  of  the  unstable  stacking  energy,  the  surface  energy,  and  the  peak  cohesive  stresses 
achieved  during  opening  and  shear  of  the  atomic  planes.  We  find  that  ductile-brittle  criteria 
based  on  the  assumption  that  the  crack  is  ideally  sharp  capture  only  two  of  the  four  possible 
fracture  regimes.  One  implication  of  the  present  analysis  is  that  a  crack  may  initially  emit 
dislocations,  only  to  reinitiate  cleavage  upon  reaching  a  sufficiently  blunted  crack-tip  geometry. 

INTRODUCTION 

Ductile  versus  brittle  behavior  of  crystalline  materials  is  among  the  least  understood  of 
the  fundamental  mechanical  phenomena  in  materials  science.  The  conventional  procedure  for 
applying  continuum-based  theories  to  predict  the  mechanical  response  of  cracked  bodies  is  to 
assume  that  the  crack  is  atomically  sharp,  then  to  analyze  how  the  body  responds  to  an  applied 
load.  Rice  and  Thomson  [1]  instituted  this  approach  by  comparing  the  load  required  to 
propagate  the  crack  with  the  load  necessary  to  emit  a  dislocation  on  a  slip  plane  inclined  to  the 
crack  plane  and  intersecting  the  crack  front  (see  Figure  1).  If  dislocation  emission  occurs  at  a 
load  lower  than  that  required  for  crack  propagation,  then  the  material  is  said  to  be  "intrinsically" 
ductile;  otherwise,  it  is  said  to  be  "intrinsically"  brittle.  This  type  of  physical  modeling  has 
evolved  considerably  over  the  years  to  account  for  factors  such  as  nonlinear  defect  core 
structures,  realistic  slip  systems,  and  three-dimensional  dislocation  configurations  [2];  however, 
the  role  of  crack  blunting  when  dislocation  emission  initially  occurs  has  received  extremely 
limited  attention  [3-7],  Atomistic  studies  [4,5]  agree  on  one  major  point:  the  favorability  of 
crack  advance  versus  dislocation  emission  can  change  when  the  crack  tip  blunts.  Therefore,  a 
crystal  should  not  be  classified  as  intrinsically  ductile  or  brittle  based  on  the  emission  Of  the 
first  dislocation. 

Presently,  we  consider  the  ongoing  competition  between  crack  propagation  and 
subsequent  dislocation  nucleation  as  the  crack-tip  curvature  evolves  toward  steady  state.  We 
identify  the  key  material  parameters  that  govern  the  outcome  of  this  competition,  allowing  a 
reassessment  of  the  fundamental  ductile-brittle  response  of  crystalline  materials. 
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(b)  (c) 

Fig.l  Illustration  of  the  competition  between  dislocation  emission  and  cleavage 
decohesion  at  an  initially  sharp  crack  tip  with  an  intersecting  slip  plane,  (a)  The  starting 
crack  configuration  leads  to  either  (b)  crack-tip  bond  rupture  or  (c)  dislocation  emission 
and  consequent  crack-tip  blunting. 

MODEL 

We  first  consider  crack  propagation.  According  to  the  Griffith  theory  [8],  a  sharp  crack 
will  advance  when  the  applied  energy  release  rate,  b,  attains  2ys,  the  energy  per  unit  area 
required  to  create  two  free  surfaces.  Formally,  b  is  the  rate  of  decrease  of  stored  elastic  energy 
in  the  system  per  unit  area  of  crack  advance,  b  scales  directly  with  the  intensity  of  loads 
applied  to  the  body  and  is  related  to  the  stress  intensity  factor,  K,  by  the  Irwin  relation  [9] 


where  E  is  Young’s  modulus  and  v  is  Poisson’s  ratio.  For  illustration,  we  consider  pure  mode  I 
loading,  wherein  the  symmetry  of  the  applied  load  is  such  that  the  crack  faces  tend  to  open 
rather  than  shear  against  one  another  (the  formalism  can  readily  be  extended  to  mixed-mode 
loading).  The  material  parameter  2ys  is  graphically  depicted  in  Figure  2  as  the  area  under  the 
stress  versus  displacement  curve  for  the  atomic  planes  undergoing  separation  during  the 
fracture  process.  In  the  Griffith  theory,  the  critical  applied  load  for  fracture  does  not  depend  on 
op,  the  maximum  of  the  stress  vs.  separation  curve,  but  only  on  the  area  underneath  it.  This 
lack  of  dependence  on  op  is  also  borne  out  by  cohesive  zone  models  [10]. 

We  envision  a  crack  that  is  capable  of  blunting  on  the  atomic  scale  in  response  to  the 
applied  load.  The  crack-tip  blunting  can  represent  either  purely  elastic  deformation  or 
dislocation  emission  on  slip  planes  intersecting  the  crack  front.  A  slender  elliptical  slit  is  used 
to  approximate  the  blunting  crack  (Figure  2).  The  approximation  of  the  crack  as  an  ellipse  not 
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Fig.2  The  blunted  crack  configuration  is  approximated  as  an  elliptical  slit  having  a  major 
axis  of  length  2a  and  a  minor  axis  of  length  2b.  The  crack-tip  curvature  is  p=b2/a.  On  the 
crack  plane,  the  opening  displacement,  Aopen,  adheres  to  a  traction-separation  law,  a(Aopen), 
schematically  illustrated  in  (a).  Along  the  slip  plane  inclined  by  an  angle  0  to  the  crack 
plane,  the  slip  displacement,  Asup,  adheres  to  the  Peierls-like  relationship,  t(Asiip), 
illustrated  in  (b).  2ys  and  yus  correspond  to  the  areas  under  the  opening  and  shear  traction 
curves,  respectively. 


only  makes  our  calculations  tractable,  but  it  also  introduces  a  length  scale,  p  (radius  of 
curvature  of  the  tip),  into  the  analysis.  The  elliptical  crack-tip  profile  represents  a  drastic 
departure  from  the  sharp  comer  (and  its  associated  stress  singularity)  that  would  result,  from  a 
continuum  viewpoint,  when  dislocations  emit  along  a  single  slip  plane  (e.g..  Figure  lc).  The 
angled  crack  tip  (which  does  retain  a  sharp  comer)  has  received  some  attention  in  the  literature, 
notably  from  Schiptz  et  al.  [4].  However,  atomistic  simulations  by  Gumbsch  [5]  suggest  that, 
at  the  atomic  scale,  it  makes  little  sense  to  exploit  a  shape  that  contains  a  stress  singularity  in 
the  continuum  description. 

We  now  consider  an  infinite,  two-dimensional,  solid  containing  an  elliptical  cut-out 
having  a  major  axis  of  length  2a  and  a  minor  axis  of  length  2b  (Figure  2).  A  remote  tensile 
stress  of  magnitude  gm  is  applied  perpendicular  to  the  major  axis.  The  radius  of  curvature  at  the 
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tip,  p,  is  equal  to  b  /a.  The  elasticity  solution  for  this  problem,  given  by  Inglis  [11]  and 
Muskhelishvili  [12],  predicts  that  the  stress  at  the  crack  tip  is 
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Assuming  the  crack  is  not  sharp  (and  thereby  departing  from  the  Griffith  theory),  we  impose  the 
condition  that  the  crack  propagates  in  a  brittle  fashion  when  the  local  stress  given  by  Equation 
(2)  achieves  the  cohesive  strength  of  the  solid,  ap.  To  a  remote  observer  who  sees  the  cut-out 
simply  as  a  finite  crack,  the  stress  intensity  factor  is  Kj  =  o^V^a  [13].  Combining  Equations 
(1)  and  (2)  and  solving  for  the  critical  energy  release  rate  leads  to 
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where  E’ s  E/(l-v2)  for  plane  strain.  We  have  used  the  approximation  in  Equation  (3)  that 
p«a,  i.e.,  the  crack  is  of  some  macroscopic,  "laboratory"  dimension,  while  p  is  of  atomic 
dimension.  Although  Equation  (3)  is  linear  in  p,  it  is  expected  to  break  down  as  p  approaches 
zero.  In  order  to  maintain  a  finite  toughness  in  the  ideally  sharp  crack  limit,  the  Griffith  theory 
must  prevail  as  p  becomes  vanishingly  small.  For  p  approaching  zero,  the  applied  energy 
release  rate  for  crack  advance  must  approach  the  Griffith  limit,  2ys.  For  larger  values  of  p, 
^cleave  should  asymptotically  approach  the  straight  line  given  by  Equation  (3).  This  is  indicated 
schematically  in  Figure  3.  The  transition  zone  between  the  two  limits  has  been  assumed  to  be 
smooth.  However,  detailed  mechanical  analyses  of  the  exact  form  of  j^cieaveCp)?  using  realistic 
relations  to  represent  the  stress  vs.  separation  curves  of  Figure  2,  are  in  progress,  and  initial 
results  confirm  the  basic  behavior  indicated  in  Figure  3  [14]. 

The  crossover  curvature,  below  which  blunting  effects  are  superseded  by  the  Griffith 
limit,  is  8YsE’/7tOp.  This  crossover  appears  to  be  consistent  with  atomistic  results  given  by 

Schiptz  et  al.  [4]  and  Gumbsch  [5],  who  found  that  only  moderate  increases  in  crack  initiation 
load  above  the  Griffith  limit  are  noted  for  slight  excursions  from  an  ideally  sharp  crack  tip.  In 
the  latter  study,  more  significant  increases  in  the  failure  thresholds  were  noted  for  significantly 
blunter  cracks. 

Dislocation  nucleation  follows  an  analogous  treatment  to  that  presented  for  cleavage. 
Recently,  Rice  and  coworkers  [15,16]  provided  an  analysis  of  the  threshold  load  for  dislocation 
nucleation.  They  considered  a  slip  plane  intersecting  a  sharp  crack.  The  slip  plane  was  taken  to 
obey  an  interplanar  potential  associated  with  rigid  block  sliding  in  a  homogeneous  lattice 
(Figure  2).  The  principal  result  is  that  the  critical  applied  b  (the  prevailing  energy  release  rate  if 
the  crack  were  to  move  as  a  classical  singular  crack,  without  a  shear  or  decohesion  zone  at  its 
tip)  associated  with  dislocation  nucleation  is 
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where  0  is  the  inclination  of  the  slip  plane  with  respect  to  the  crack  plane.  Equation  (4) 
assumes  the  Burgers  vector  lies  completely  within  the  plane  of  Figure  2  (i.e.  has  no  component 
parallel  to  the  crack  front)  and  overestimates  Ajisi  for  0  >  0  because  it  ignores  shear-tension 
coupling  (i.e.,  the  effects  of  tension  normal  to  the  slip  plane)  and  uses  an  approximate  stress 
solution  on  inclined  slip  planes  [15-17].  The  crack-tip  shear  stress,  are,  along  the  inclined  slip 
plane  is  given  approximately  by 
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which  is  essentially  Equation  (2)  scaled  by  the  appropriate  Schmidt  Factor.  Equation  (5)  is 
valid  for  slip  plane  inclination  angles  up  to  about  70°,  beyond  which  the  equation  breaks  down 
because  the  maximum  shear  stress  does  not  occur  directly  at  the  crack  tip.  Equating  (5)  with 
the  peak  shear  stress,  tp,  and  solving  for  the  critical  applied  energy  release  rate  for  dislocation 
nucleation  gives 
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Although  $disL  scales  linearly  with  p,  the  relation  must  not  be  interpreted  physically  for  p 
approaching  zero,  whereupon  the  dislocation  nucleation  criterion  is  given  by  Equation  (4).  The 
transition  in  #disi  from  Equation  (4)  to  Equation  (6)  is  again  assumed  to  be  smooth,  as  shown  in 

Figure  3.  The  crossover  crack-tip  curvature  is  approximately  32yusE’cos  0  /  mp  (1  +  cos0) . 


DISCUSSION 

Based  upon  the  threshold  criteria  derived  above,  we  can  now  differentiate  between  an 
intrinsically  ductile  and  an  intrinsically  brittle  crystal.  Imagine  a  material  with  an  initially  sharp 
crack.  Knowing  the  parameters  2ys,  yus,  ap,  and  xp  (and  elastic  moduli),  plots  of  A  disl  and  ^cleave 
vs.  p  can  be  constructed,  which  can  follow  one  of  only  four  possibilities,  as  indicated  in  Figure 
3: 

Case  (i):  As  depicted  in  Figure  3(a),  2ys  is  less  than  g(0)yus,  and  op  is  less  than 
Tp/sin0cos0.  When  the  material  is  loaded,  the  crack  advances  by  crack-tip  cleavage. 
Because  the  condition  for  dislocation  nucleation  is  never  satisfied,  no  blunting  (aside  from 
the  elastic  relaxation,  pei)  occurs,  and  we  classify  this  material  as  intrinsically  brittle.  Many 
ceramics  below  their  ductile-to-brittle  transition  temperature  and  glasses  below  their  glass 
transition  temperature  would  be  expected  to  fall  under  this  category. 

Case(ii):  As  depicted  in  Figure  3(b),  2ys  is  less  than  g(0)yus,  but  Gp  is  greater  than 
Tp/cos0sin0,  giving  rise  to  a  crossover  between  ^disi(P)  and  $cieave(p)-  However,  cleavage  is 
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favored  over  dislocation  nucleation,  and  an  initially  sharp  crack  remains  sharp.  This 
material  is  intrinsically  brittle;  however,  it  is  evident  that  a  pre-existing,  sufficiently  blunt 
crack  could  sustain  ductile  behavior  and  continue  to  blunt.  The  latter  behavior  is,  however, 
metastable,  as  a  perturbation  in  the  local  crack-tip  curvature  could  cause  it  to  spontaneously 
sharpen  and  proceed  to  extend  via  cleavage. 


Fig.3  Four  possible  fracture  regimes  are  anticipated  by  the  present  model,  (a)  Ideal 
cleavage,  characterized  by  a  Griffith  fracture  criterion  and  near-zero  tip  curvature,  occurs 
when  2ys<g(0)yus  and  Gp<Tp/sin0cos0.  (b)  Ideal  cleavage  with  a  metastable  blunting  regime 
occurs  when  2ys<g(0)yus  and  Gp>tp/sin0cos0.  The  metastable  regime  is  marked  by  the 
ability  of  a  pre-blunted  crack  to  continue  blunting  by  persistent  dislocation  emission 
although  sharp-tip  cleavage  is  the  more  stable  configuration,  (c)  Persistent  blunting, 
characterized  by  repeated  dislocation  emission  and  consequent  crack-tip  blunting,  occurs 
when  2ys>g(0)yus  and  op>Tp/sin0cos0.  (d)  Blunt-tip  cleavage,  characterized  by  the  cleavage 
of  a  fmite-blunted  crack,  occurs  when  2ys>g(0)yus  and  ap<Tp/sin0cos0. 
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Case(iii):  As  depicted  in  Figure  3(c),  g(0)yus  is  less  than  2ys  and  Xp/sin6cos0  is  less  than 
Gp.  Now,  dislocation  nucleation  is  the  preferred  response  to  applied  load.  As  the  crack 
blunts  and  p  continues  to  increase,  $disi  remains  less  than  $cieave>  and  persistent  dislocation 
nucleation  remains  the  preferred  mode.  Therefore,  the  material  is  classified  as  intrinsically 
ductile.  Most  fee  metals  at  room  temperature  are  expected  to  fall  under  this  regime. 

Case(iv):  As  in  the  previous  case,  g(0)yus  is  less  than  2ys,  and  initial  dislocation  nucleation 
is  preferred.  However,  Tp/sin0cos©  is  greater  than  gp  and  crossover  occurs  at  a  critical 
value  of  p,  as  shown  in  Figure  3(d).  Therefore,  when  the  crack  tip  blunts  to  a  critical  radius 
of  curvature,  cleavage  becomes  energetically  more  favorable  than  dislocation  nucleation 
and  the  crack  advances.  This  behavior  is  representative  of  what  is  believed  to  occur  in 
some  bcc  metals  and  at  certain  metal-ceramic  interfaces. 

Although  the  present  model  extends  our  ability  to  predict  the  competition  between 
cleavage  and  blunting  beyond  the  first  dislocation  emission  event,  a  number  of  issues  remain  to 
be  resolved.  The  motion  of  surrounding  dislocations  in  the  crystal  is  not  accounted  for  in  this 
treatment,  nor  are  three-dimensional  aspects  associated  with  dislocation  nucleation  on  "oblique" 
slip  planes  that  intersect  the  crack  tip  at  a  point  rather  than  along  a  line.  For  the  cases  described 
above,  in  which  dislocations  are  emitted  from  the  crack  tip,  the  applied  energy  release  rates 
should  rigorously  be  interpreted  as  those  based  on  the  local,  or  screened,  crack-tip  field,  which 
can  differ  from  the  macroscopic  field  due  to  other  dislocations,  crystalline  anisotropy,  and 
various  other  local  heterogeneities.  Although  emitted  dislocations  are  assumed  to  be  swept 
sufficiently  far  away  that  we  may  ignore  these  shielding  effects,  the  importance  of  external 
dislocations  and  plastic  dissipation  on  the  ductile  versus  brittle  competition  have  been  shown  to 
play  a  critical  role  in  the  actual  applied  loads  necessary  to  maintain  the  "local"  loads  described 
in  this  paper  [18-22].  This  notion  can  be  exploited  to  predict  the  macroscopic  fracture 
toughness,  as  well  as  to  explain  the  large  dependence  of  ductile  vs.  brittle  fracture  energies  on 
temperature,  for  example  in  [22]. 

Much  work  has  been  done  on  correlating  yus  and  2ys  with  observed  fracture  processes, 
especially  in  the  area  of  numerical  simulations  of  fracture.  The  present  model  highlights  the 
relevance  of  the  traction  law  parameters  Gp  and  Tp.  The  determination  of  peak  tensile  stresses 
(e.g.,  in  the  spirit  of  Rose  et  al.  [23])  and  peak  shear  stresses  (e.g,.  as  in  the  work  by  Cleri  et  al. 
[17])  and  their  role  in  the  ductile  versus  brittle  behavior  of  crystals  should  be  assessed  in  future 
simulations  and  experiments  on  fracture. 
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ABSTRACT 

A  continuum  model  based  upon  the  Peierls-Nabarro  description  of  a  dislocation  ahead  of  a 
crack  is  used  to  evaluate  the  critical  mode  I  loading  for  dislocation  nucleation  at  the  tip  of  a  finite, 
pre-blunted  crack.  A  similar  approach  is  used  to  evaluate  the  critical  mode  I  loading  for  atomic 
decohesion.  Results  are  presented  for  various  crack  tip  root  radii  (a  measure  of  bluntness),  for 
several  crack  lengths.  It  is  shown  that  increasing  the  crack  length  increases  the  critical  energy 
release  rate  for  both  material  behaviors.  Increasing  the  bluntness  of  a  crack  tip  always  increases 
the  required  loading  for  atomic  decohesion  but  nucleation  thresholds  are  initially  decreased  by  very 
small  increases  in  crack  tip  bluntness.  Nucleation  thresholds  are  later  increased  after  reaching 
significant  crack  tip  blunting.  Implications  for  ductile  versus  brittle  competition  are  discussed  by 
comparing  the  ongoing  competition  between  these  two  different  material  behaviors. 

INTRODUCTION 

In  1974,  Rice  and  Thomson  [1]  presented  their  well-known  continuum  model  for 
quantifying  the  competition  between  dislocation  nucleation  and  atomic  decohesion.  The  basic 
approach  was  to  evaluate  the  critical  energy  release  rate  of  cleavage,  given  by  the  Griffith  criterion, 
and  to  evaluate  the  critical  energy  release  rate  for  the  emission  of  a  dislocation  on  a  slip  plane 
intersecting  the  crack  tip  [2].  The  event  possessing  the  lowest  critical  energy  release  rate  was 
predicted  to  be  the  dominant  outcome.  Emission  of  a  dislocation  implied  that  the  material  would 
continue  to  emit  dislocations  thus  shielding  the  stress  singularity  and  preventing  further  brittle 
fracture.  In  contrast,  if  cleavage  was  predicted,  brittle  fracture  would  persist.  The  major 
grievances  with  the  Rice-Thomson  model  are  that  it  generally  only  provides  a  qualitative  prediction 
of  the  material  behavior,  it  does  not  address  the  actual  nucleation  event  but  instead  calculates  the 
energy  to  move  a  well  developed  dislocation,  it  uses  a  vaguely  defined  core  cut-off  parameter  as 
the  equilibrium  formation  position,  and  the  model  always  assumes  a  perfectly  sharp  crack. 

Rice  [3]  addressed  several  of  these  problems  when  he  presented  a  model  that  utilized  a 
Peierls-Nabarro  [4,5]  dislocation  description.  Assuming  a  periodic  relationship  between  the  shear 
stress  and  slip  displacement  along  a  slip  plane  intersecting  the  crack  tip,  this  model  solves  for  a 
distribution  of  infinitesimal  slip  displacement  that  results  from  far  field  loading  using  a  nonlinear 
integral  equilibrium  equation.  Eventually,  an  instability  is  reached  and  the  integral  equation  can  no 
longer  be  solved  for  increased  applied  loading.  This  instability  marks  die  nucleation  of  a 
dislocation  from  the  crack  tip.  The  efforts  of  many  groups  have  continued  to  build  upon  and 
improve  methods  for  evaluating  the  critical  energy  release  rate  of  dislocation  nucleation  [6,7],  but 
the  sharp  crack  assumption  is  still  universally  adopted  as  the  incipient  dislocation  forms. 

Results  from  various  groups  in  the  atomistic  community  suggest  that  crack  tip  geometry 
can  have  a  substantial  quantitative  effect  on  the  energies  of  nucleation  and  cleavage  [8,9,10,1 1]. 
Physically  speaking,  an  atomically  sharp  crack  is  rare,  and  this  is  motivation  enough  to  study  the 
effects  of  crack  geometry  using  continuum  analyses.  This  paper  examines  the  effects  of  crack  tip 
blunting  and  crack  length  on  the  critical  mode  I  loading  for  edge  dislocation  nucleation  and  atomic 
decohesion  at  the  tip  of  a  pre-blunted  crack. 

THEORY 

To  study  the  effect  of  crack  geometry,  an  elliptically  shaped  crack  is  used  as  shown  in 
Figure  1.  Prescribing  the  major  and  minor  axes  of  the  ellipse  defines  a  crack  length  and  a  crack  tip 
root  radius  of  curvature,  p=d2/a,  at  the  tip  of  the  ellipse  thereby  approximating  a  blunt  crack 
configuration. 
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Figure  1.  Elliptical  crack  geometiy  with  crack  front  and  slip  plane. 

For  dislocation  nucleation,  the  elliptical  crack  is  subjected  to  mode  I  loading  and  the  equilibrium 
integral  equation  is  solved  for  the  slip  distribution  along  the  slip  plane  inclined  at  angle  0. 

TlS(r)]  =  CTie(r)  “ °r9lf(r.s)^ds  (1) 

The  first  term  in  the  integral  equation  represents  the  periodic  relationship  between  shear  stress  and 
slip  displacement  which  is  for  the  sake  of  simplicity  given  by  the  Frenkel  sinusoidal  function  [12], 

where  t  is  the  shear  stress,  A  is  the  relative  atomic  displacement  between  two  atomic  planes,  h  is 
the  interplanar  spacing  of  those  two  planes,  and  b  is  the  Burgers  vector.  A  term  known  as  the 
unstable  stacking  energy,  yus,  is  given  by  |ib2/27C2h.  To  obtain  the  slip  displacement  occurring  on 
the  slip  plane  as  opposed  to  that  occurring  between  the  two  atomic  planes  we  use  a  technique 
developed  by  Rice  [3].  The  extrapolation  of  A  to  an  imaginary  cut  halfway  between  the  slipping 
planes  is  given  by 


6(r)  =  A(r)-^h.  (3) 

seif  remaininS terms  °f  Equation  (1),  c^,  the  applied  shear  stress  along  the  slip  plane,  and 
G*  »  the  dislocation  self  shear  stress  must  be  solved  for  the  elliptical  crack  geometry.  In  order  to 
solve  for  the  shear  stress  along  the  slip  plane  due  to  mode  I  loading  a  conformal  mapping  is  used 
where  the  ellipse  of  the  z  plane  will  be  mapped  to  a  unit  circle  in  the  C,  plane: 


z  = 


(4) 


where  R=(a+d)/2  and  m=(a-d)/(a+d).  First  consider  a  plane  with  no  crack  or  hole  subject  to  tensile 
loading  a  in  the  vertical  direction.  For  this  case,  the  principal  axes  stress  components  are  a  =a, 
and  a„=axy=0.  Assume  the  complex  potentials  are  of  the  form:  y 


0>(z)  =  (a  +  iP)z,  ^^(y  +  iSjz  (5) 

where  i=V-I  and  a,  (3  ,y  ,  and  8  are  real.  Employing  the  relationship  between  the  complex 
potentials  and  the  principal  axes  stress  components: 


cxx  +  ayy  =  2(<&'(z)  +  O'(z))  =  c  =  2(a  +  ip  +  a  -  ip)  =  4a 
Oyy  "  axx  +  i2axy  =  2(z<D"(z)  +  'F'(z))  =  a  =  2(y  +  i5)  =  2y  +  i28. 
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(6) 

(7) 


From  Equations  6  and  7,  oc=c/4,  we  may  arbitrarily  set  P=0,  y=af2  and  5=0.  To  solve  for  the 
image  terms  due  to  the  elliptical  hole,  the  potentials  for  no  hole  are  transformed  to  the  £  plane  and 
substituted  into  the  following  Cauchy  integrals  where  the  contour,  k,  lies  on  the  unit  circle  of  the  £ 
plane  [13,14].  These  integrals  arise  from  the  traction  free  boundary  conditions  at  the  elliptical 
surface,  combined  with  subsequent  analytic  continuation  arguments. 


fl  +  mC2) 

-KV* — f*'(9  +  *(9 

(C  -m) 


J  (l  +  mi;2) 


(8) 

(9) 


Using  the  method  of  residues  and  evaluating  for  the  pole  at  £=0  solves  for  the  complex 
potential  image  terms.  The  final  complex  potentials  for  a  plane  with  an  elliptical  hole  are  given  by 
the  sum  of  the  original  complex  potentials  and  the  image  terms.  The  derivatives  of  the  complex 
potentials  with  respect  to  z  are  found  using  the  chain  rule  and  these  values  are  then  used  as  in 
Equations  6  and  7  to  find  the  stress  field.  The  stress  field  can  then  be  rotated  to  solve  for  the 
resolved  shear  stress  along  the  activated  slip  plane. 

Once  the  stress  field  for  a  mode  I  loaded  elliptical  hole  has  been  solved,  the  values  can  be 
compared  for  asymptotic  convergence  to  well  known  solutions  for  sharp  cracks  [15]  and  circular 
holes  [16].  To  compare  the  atomically  sharp  crack  solution  to  an  extremely  sharp  elliptical  solution 
we  must  choose  a  crack  length  (the  major  axis)  and  a  crack  tip  curvature.  For  this  case  we  will  use 
a/b=  10,000  and  p/b=0.01  which  translates  to  a  minor  axis  of  2d/b=20.  Figure  2a  compares  the 
shear  stress  values  for  a  sharp  crack  and  a  sharp  ellipse  along  a  slip  plane  inclined  at  0=60°. 
Similarly,  Figure  2b  compares  the  component  for  slip  along  0=60°  for  a  circular  hole  and  a 
nearly  circular  ellipse,  using  a/b=10  and  p/b=9.99. 


Figure  2  (a)  Sharp  crack  and  slender  ellipse  shear  stress  comparison,  (b)  Circular  hole  and  nearly 
circular  ellipse  shear  stress  comparison. 

In  both  cases,  the  elliptical  solutions  match  the  asymptotic  solutions  very  well  with  the  expected 
exception  of  the  stress  singularity  at  the  sharp  crack  tip.  Elliptical  solutions  will  always  produce 
finite  stress  values  at  the  crack  tip. 

Solving  for  the  dislocation  self  stress  is  done  following  the  exact  same  steps  as  used  to 
solve  for  the  applied  stress  solutions.  Of  course,  there  is  a  different  set  of  original  complex 
potentials  for  a  dislocation  in  a  continuum  [13]  but  finding  the  image  terms  and  the  resolved  shear 
stress  is  done  using  exactly  the  same  procedures.  The  dislocation  self  stress  was  also  checked  for 
asymptotic  convergence  to  the  sharp  crack  [17]  and  circular  hole  [IB]  solutions  and  proved  once 
again  to  make  excellent  matches.  Now  that  each  term  in  the  equilibrium  equation  has  been  verified, 
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the  integral  equation  itself  must  be  solved  for  incrementally  increasing  slip  distribution  due  to 
incrementally  increasing  applied  loads.  The  nonlinear  integral  equation  (Equation  1)  is  rewritten  as 
a  summation  using  a  Guass-Chebyshev  substitution  and  is  then  solved  using  a  numerical 
procedure  similar  to  that  of  Beltz  [  17] .  6 

RESULTS 

As  previously  described,  an  instability  is  reached  while  solving  for  an  incrementally 
increasing  distribution  of  slip  displacement  along  the  slip  plane.  The  stress  at  which  the  instability 
occurs  is  taken  as  the  critical  energy  release  rate  of  dislocation  nucleation.  Figure  3  shows  the 
critical  energy  release  rates  for  varying  values  of  crack  length  and  crack  tip  root  radius  for  a  slip 
plane  inclined  at  0=60  .  The  energy  release  rates  have  been  normalized  by  the  product  lib,  and  the 
crack  lengths  and  curvatures  are  normalized  by  the  Burgers  vector. 


Critical  Energy  Release  Rate  of  Nucleation 


a/b 

Figure  3.  Critical  energy  release  rates  of  dislocation  nucleation  for  varying  a/b  and  p/b. 

The  results  clearly  show  that  increasing  the  bluntness  of  crack  tip  at  very  small  radii  of  curvature 
decreases  the  threshold  for  dislocation  nucleation,  but  at  larger  radii  of  curvature,  the  threshold 
increases.  It  is  also  clear  that  increasing  the  crack  length  increases  the  threshold  for  dislocation 
nucleation. 

Solving  for  the  critical  energy  release  rate  of  atomic  decohesion  can  be  done  completely  by 
analogy  to  the  dislocation  nucleation  solution  procedure,  by  assuming  an  infinitesimal  distribution 
of  opening  displacement  running  along  the  elliptical  crack  front  develops  under  applied  loading. 
Tne  applied  stress  and  dislocation  self  stress  solutions  are  now  the  vertical  tensile  components  of 
the  stress  solutions.  The  opening  stress  vs.  opening  displacement  relationship  is  given  by 

2y 

a[A(r)]  =  -jy- A(r)e  L  (10) 

where  ys  is  the  surface  energy  and  L  is  the  opening  displacement  at  the  peak  of  the  stress- 
displacement  relationship.  This  formula  must  also  be  expressed  in  terms  of  8,  the  displacement 
occurring  at  the  plane  of  the  crack  front  in  order  to  solve  the  integral  equilibrium  equation 
expression.  Vaiying  the  crack  length  and  crack  tip  root  radius  demonstrates  the  effect  of  the  two 
crack  tip  geometry  parameters  on  the  critical  energy  release  rate  of  atomic  decohesion  (Figure  4). 
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Critical  Energy  Release  Rate  of  Decohesion 


The  results  show  that  increasing  the  crack  tip  root  radius  increases  the  threshold  for  atomic 
decohesion  and  increasing  the  crack  length  increases  the  threshold  for  atomic  decohesion. 

The  results  of  these  two  calculations  have  implications  for  the  theoretical  study  of  ductile 
vs  brittle  material  behavior.  The  results  of  nucleation  and  decohesion  calculations  can  be 
compared  on  the  same  plot  for  a  given  long  crack  length.  Several  material  property  parameters  can 
be  varied  to  observe  different  energetic  favorabilities.  In  this  case  we  have  used  a  major  axis  or 
crack  length  of  20,000  Burgers  vectors.  Comparing  the  critical  energy  release  rates  for  vaiymg 
crack  tip  curvatures  reveals  the  energetic  favorability  of  the  two  processes. 


Energy  Release  Rate  Comparison  Energy  Release  Rate  Comparison 

6  =  60°,  L/b  =  0.3,  yus/2ys  =  0.15  9  =  40°,  L/b  =  0.3,  yus/2ys  =  0.4 

1 
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Figure  5.  A  comparison  of  dislocation  nucleation  and  atomic  decohesion  for  a  long  crack  length 
(a/b= 10,000).  (a)  Intrinsically  ductile  (b)  Quasi-brittle 


In  Figure  5a  the  ratio  of  the  unstable  stacking  energy  to  the  surface  energy  is  fairly  low  which  is 
indicative  of  ductile  materials.  Furthermore,  the  slip  plane  is  inclined  at  0=60°  which  is  an 
energetically  favorable  inclination  for  dislocation  nucleation  under  mode  I  loading.  Accordingly, 
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the  graph  shows  that  dislocation  nucleation  is  always  favorable  to  atomic  decohesion  for  all  values 
of  crack  tip  root  radius  resulting  in  intrinsically  ductile  material  behavior.  In  Figure  5b  the  ratio  of 
the  unstable  stacking  energy  to  the  surface  energy  has  been  increased  to  simulate  a  more  brittle 
material  and  the  inclination  of  the  slip  plane  has  been  decreased  to  0=40"  which  is  not  as  conducive 
to  dislocation  nucleation  for  extremely  sharp  cracks.  This  combination  results  in  a  quasi-brittle 
material  behavior.  That  is,  a  fairly  sharp  crack  (p/b<4)  will  continue  to  be  sharp  but  initially  blunt 
crack  configurations  may  blunt  further  by  dislocation  nucleation  along  the  activated  slip  plane. 

CONCLUSIONS 


1  uA  C01ntinuum  model  based  upon  the  Peierls-Nabarro  description  of  a  dislocation  ahead  of  a 
crack  has  shown  that  crack  geometry  may  have  a  significant  effect  on  the  material  fracture 
behavior.  Increasing  the  length  of  a  crack  will  increase  the  thresholds  for  dislocation  nucleation 
and  atomic  decohesion  while  increasing  the  bluntness  of  a  crack  will  increase  the  threshold  for 
decohesion  but  may  decrease  or  increase  the  threshold  for  dislocation  nucleation  depending  on  the 
magnitude  of  initial  blunting  of  the  crack  tip.  Furthermore,  the  results  for  dislocation  nucleation 
and  atomic  decohesion  may  be  directly  compared  to  ascertain  the  favorability  of  the  two  behaviors 
or  varying  crack  lengths  and  crack  tip  root  radii.  This  observation  provides  a  means  of  studying 
ductile  versus  brittle  competition  with  consideration  of  crack  tip  geometiy. 
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ABSTRACT 

The  present  work  investigates  the  effects  of  a  passive  film  formed  during  stress  corrosion 
cracking  on  ductile/brittle  fracture  behavior,  considering  the  interaction  of  a  dislocation  with  a  thin- 
film-covered  crack  under  an  applied  remote  load.  The  dislocation  emission  from  the  thin-film- 
covered  crack  tip  is  analyzed,  on  the  basis  of  the  two-dimensional  Rice-Thomson  model,  for  screw 
and  edge  dislocations.  The  results  show  that  the  nominally  critical  stress  intensity  factor  for 
dislocation  emission  is  related  to  the  thin  film  thickness,  the  properties  of  the  film  and  the  loading 
conditions.  For  a  given  loading  mode  and  a  given  crack  length,  there  exists  a  critical  value  of  the 
film  thickness  at  which  the  film  does  not  influence  the  dislocation  emission.  When  the  film 
thickness  is  smaller  than  the  critical  value,  a  harder  thin  film  makes  the  dislocation  emission  easier 
and  a  softer  film  makes  the  dislocation  emission  more  difficult.  The  opposite  is  also  true  if  the  film 
thickness  is  larger  than  the  critical  value. 

INTRODUCTION 

Stress  corrosion  cracking  (SCC)  occurs  in  metals  with  a  static  stress  in  the  presence  of 
specific  environmental  conditions.  A  passive  surface  film  under  oxidizing  conditions  must  be 
present  in  SCC,  and  corrosion  rates  are  consequently  quite  low.  All  SCC  failures  have  in  common  a 
macroscopic  appearance  of  brittleness,  in  the  engineering  sense  that  the  ductility  of  the  material  is 
impaired.  However,  how  the  macroscopic  ductility  is  diminished  at  microscopic  levels  still  remains 
unclear.  Many  different  mechanisms  have  been  proposed  to  explain  the  synergistic  stress-corrosion 
interactions  that  occur  at  a  crack  tip,  and  there  are  several  processes  that  can  contribute  to  SCC, 
including  anodic  dissolution,  film  growth  and  cracking,  and  hydrogen-induced  cracking  [1-4]. 

Sieradzki  [5],  and  Sieradzki  and  Newman  [6,  7]  proposed  a  mechanism  of  film-induced 
cleavage  for  SCC  based  on  dislocation-crack  interactions.  The  dislocation  emission  from  a  crack  tip 
may  become  difficult  if  a  thin  film  with  the  thickness  of  several  hundred  nanometers  is  formed 
around  the  crack  tip  owing  to  an  anodic  process.  Also,  a  thin  ductile  film  may  initiate  cleavage  if  the 
interface  between  the  film  and  the  substrate  is  coherent  and  appropriate  mismatch  strains  exist.  The 
model  of  film-induced  cleavage  has  successfully  interpreted  their  experimental  observations  [5-7], 
In  order  to  put  the  model  of  film-induced  cleavage  on  a  solid  theoretical  basis,  Zhang  and  Qian  [8,  9] 
modeled  SCC  with  a  thin-film-covered  crack  under  anti-plane  deformation  by  studying  analytically 
the  interaction  between  a  screw  dislocation  and  the  thin-film-covered  crack.  Their  results  [8,  9] 
indicate  that  the  crack  stress  field  due  to  the  applied  load  is  enhanced  by  a  harder  film  or  abated  by  a 
softer  film.  If  the  film  thickness  is  much  smaller  than  the  crack  length,  then  the  stress  intensity 
factor  can  be  simply  expressed  as  the  product  of  the  nominal  stress  intensity  factor  and  the  shear 
modulus  ratio.  Both  the  critical  stress  intensity  factors  for  screw  dislocation  emission  from  the  crack 
tip  and  screw  dislocation  dipole  emission  from  the  interface  are  greatly  influenced  by  the  film 
stiffness  and  thickness.  Dislocation  emission  from  the  crack  tip  occurs  prior  to  dislocation  dipole 
emission  from  the  interface.  Qian  et  al.  adopted  the  same  modeling  [8,  9]  and  studied  the  interaction 
of  an  edge  dislocation  with  a  thin-film-covered  crack  [10].  The  results  for  edge  dislocations  are 
similar  to  those  for  screw  dislocations.  The  present  work  focuses  on  the  critical  stress  intensity 
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factor  for  dislocation  emission  from  the  thin-film-covered  crack  tip,  studying  in  more  detail  the 
effects  of  the  film  thickness  in  comparison  with  the  crack  length  on  the  critical  stress  intensity  factor 
for  dislocation  emission. 

ANALYSIS  AND  RESULTS 
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c“  The  present  study  adopts  two- 

TTTTTTTTTTTT  dimensional  linear  fracture  mechanics. 

The  thin-film-covered  crack  is  modeled 
^  ^  as  that  the  film  has  an  elliptical  shape  of 
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<-  *  \  ^  sL->  loadings,  as  shown  in  Fig.  1.  The  stress 

fields  jnduced  by  the  applied  loads,  an 
vvvvvvvvvvw  edge  and  a  screw  dislocation  located 

°»  inside  the  film  are  analyzed  using 

Fig.  1  Schematic  illustration  of  a  thin-film-covered  solmkm^  a^^nhtL'npH  ^ 

crack  under  remote  loads.  ‘0,“t,0”S  “  °^med  for  a  screw 

dislocation  interacting  with  a  thin-film- 

cdvered  mode  m  crack  [8],  whereas  the 
solutions  are  semi-analytic  for  an  edge  dislocation  interacting  with  a  thin-film-covered  mode  I  and 
II  crack  [11].  The  critical  stress  intensity  factor  in  the  two-dimensional  Rice-Thomson  model  is 
calculated  from  the  balance  between  the  driving  force  and  the  image  force  at  a  certain  distance  from 
the  crack  tip  [12,  13].  This  distance  is  usually  taken  to  be  the  size  of  the  dislocation  core  cut-off,  r0 . 
hi  this  study,  we  take  r0=l  b  and  b  is  the  magnitude  of  the  Burgers  vector.  Note  that  both  the  slip 
image  force  and  the  slip  driving  force  are  related  to  the  polar  angle  of  a  slip  plane.  In  this  study,  we 
discuss  two  special  cases.  A  pure  mode  II  or  in  loading  drives  the  dislocation  emission  along  the 
crack  plane  (0  =  0° )  and  a  pure  mode  I  loading  may  emit  dislocation  along  the  70°-slip  plane.  If 
the  stress  intensity  factors  are  calculated  on  the  assumption  of  a  homogeneous  medium,  as  one'does 
during  SCC  testing,  they  are  named  nominally  critical  stress  intensity  factors  (NCSIFs).  The 
following  results  will  concentrate  on  the  NCSIFs  for  dislocation  emission  from  the  thin-film- 
covered  crack  tip. 
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Fig.  1  Schematic  illustration  of  a  thin-film-covered 
crack  under  remote  loads. 


Since  the  solutions  for  mode  HI  cracks  are  analytic,  we  are  able  to  express  the  explicit 
normalized  NCSIF  by 
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where  p  is  the  shear  modulus  of  the  matrix,  T  is  the  ratio  of  the  shear  modulus  of  the  film  to  that  of 
the  substrate,  m=(a-h)/(a+h),  and  R=(a+h)/2. 


Film  thickness  ahead  of  the  crack  tip  a-c(b) 


Fig.  2  The  normalized  NCSIF  as  a  function  of  the 
film  thickness  for  mode  DI  emission. 
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Fig.  3  The  critical  thickness  as  a  function  of  the 
shear  modulus  ratio  for  mode  m  emission. 


Fig.  2  illustrates  the  variation  of  the 
normalized  NCSIFs  with  the  film 
thickness,  a-c,  for  the  shear  modulus  ratios 
of  T=0.2,  0.5,  2.0  and  5.0.  When  the 
normalized  NCSIF  equals  unity,  the  film 
has  no  influence  on  the  dislocation 
emission.  For  a  small  film  thickness,  e.g., 
a-c=5b,  as  can  be  seen  in  Fig.  2,  the  larger 
the  shear  modulus  ratio  (i.e.,  the  harder  the 
film),  the  smaller  the  NCSIF.  This  means 
that  a  harder  film  makes  the  dislocation 
emission  easier  when  the  film  thickness  is 
small,  while  a  soft  film  makes  it  more 
difficult.  For  a  large  film  thickness,  e.g.,  a- 
c=50  b,  however,  the  conclusion  is  just 
converse  to  that  for  a  small  thickness. 
There  exists  a  critical  film  thickness  at 
which  the  normalized  NCSIF  equals  unity. 
When  the  film  thickness  is  less  than  the 
critical  one,  the  dislocation  emission  is 
easier  for  a  hard  film  (T>1),  but  more 
difficult  for  a  soft  film  (r<l).  The 
opposite  is  also  true  when  the  film 
thickness  is  larger  than  the  critical  value. 
Fig.  3  shows  the  critical  film  thickness  as  a 
function  of  the  shear  modulus  ratio  for  the 
half-crack  lengths  of  c=l  9,900  b  and 
c=199,000  b.  When  T=l,  there  is  no 
solution  for  the  critical  thickness.  As  can 
be  seen  in  Fig.  3,  the  critical  thickness 
decreases  with  increasing  T  and  the  critical 
thickness  for  c=l  99,000  b  is  much  larger 
than  that  for  c=  19,900  b  at  a  given  shear 
modulus  ratio.  This  means  that  if  the  film 
is  softer  than  the  substrate  and  the  crack  is 
longer,  the  critical  thickness  will  be  larger. 


Figs.  4(a)  and  4(b)  illustrate  that  the  NCSIFs  increase  with  the  film  thickness  for  T- 2,  while 
decreasing  with  the  film  thickness  for  T=  0.5.  The  variation  of  the  NCSIFs  with  the  film  thickness  is 
greatly  affected  by  the  crack  length.  For  T= 2,  the  NCSIFs  for  either  mode  I  or  mode  II  emission  are 
higher  for  the  short  crack  than  those  for  the  long  crack,  and  the  opposite  is  also  true  for  r=0.5.  The 
normalized  NCSIF  for  mode  I  or  II  emission  is  larger  than  unity  if  T=2  and  the  film  is  thicker  than  a 
critical  value  of  about  3  b  for  c=l,000,000  b  or  about  5  b  for  c=l,000  b,  as  respectively  shown  in 
Figs.  4(a)  and  4(b).  The  opposite  is  true,  however,  when  T=0.5.  The  results  indicate  that  a  harder 
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Fig.  4(a)  The  normalized  NCSIF  as  function  of  the 
film  thickness  for  mode  I  emission. 


Fig.  4(b)  The  normalized  NCSIF  as  function  of  the 
film  thickness  for  mode  II  emission. 


film  will  make  the  dislocation  emission 
more  difficult,  while  a  softer  film  will 
promote  dislocation  emission,  if  the  film 
thickness  is  larger  than  the  critical  value. 
On  the  other  hand,  a  harder  film  will 
facilitate  dislocation  emission  and  a  softer 
film  will  retard  it  when  the  film  thickness 
is  smaller  than  the  critical  thickness.  This 
critical  film  thickness  depends  on  the 
loading  mode  and  the  crack  length.  A 
long  crack  yields  a  large  critical  film 
thickness.  For  example,  the  critical 
thickness  for  the  mode  II  loading  is  about 
5  b  for  the  crack  length  c=l,000  b,  while  it 
is  over  40  b  for  c=  1,000, 000  b,  as  shown 
in  Fig.  4(b).  For  a  given  crack  length,  e.g., 
c=l, 000,000  b,  the  critical  thickness  for 
the  mode  I  loading  is  about  3  b,  much 
smaller  than  that  of  over  40  b  for  the  mode 
II  loading,  as  indicated  in  Figs.  4(a)  and 
4(b).  If  the  crack  is  short,  e.g.,  c=l,000  b, 
the  critical  film  thickness  must  be  smaller 
than  2  b  for  the  mode  I  loading.  Since  the 
dislocation  core  is  taken  to  be  1  b  in  the 
present  study,  it  will  be  very  difficult  and 
meaningless  to  conduct  the  numerical 
calculation  if  a  film  thickness  is  smaller 
than  2  b.  Therefore,  the  critical  film 
thickness  cannot  be  explicitly  illustrated  in 
Fig.  4(a).  The  critical  film  thickness  stems 
from  the  fact  that  the  exact  stress  intensity 
factor  decreases  (or  increases)  with 
increasing  the  film  thickness  for  a  ratio  of 
shear  moduli  being  larger  (or  smaller)  than 
unity. 


Fig.  5  illustrates  the  NCSIFs  for  dislocation  emission,  under  the  mode  I  or  mode  II  loading, 
as  functions  of  the  ratio  of  shear  moduli.  Two  film  thicknesses,  a-c=5  b  and  a-c=10  b,  are  used  in 
plotting  Fig.  5.  Since  both  the  film  thicknesses  are  larger  than  the  critical  film  thickness  for  the  mode 
I  emission,  as  expected,  the  NCSIFs  are  enhanced  by  the  ratio  of  shear  moduli  for  both  the  film 
thicknesses.  However,  a-c=5  b  is  slightly  smaller  than,  and  a-c=10  b  is  larger  than,  the  critical  film 
thickness  for  the  mode  II  emission.  Fig.  5  shows  that  the  NCSIFs  increase  with  increasing  the  ratio 
of  shear  moduli  if  the  film  thickness  is  larger  than  the  critical  one.  The  opposite  is  also  true.  If  the 
film  thickness  is  smaller  than  the  critical  one,  the  NCSIFs  decrease  with  increasing  the  ratio  of  shear 
moduli. 


Fig.  6  shows  the  NCSIFs  for  dislocation  emission  under  the  mode  I  or  mode  II  loading  as 
functions  of  the  Poisson’s  ratio  of  the  film,  where  the  Poisson’s  ratio  of  the  substrate  is  taken  to  be 
0.3.  Again,  the  two  film  thicknesses,  a-c=5  b  and  a-c=10  b,  are  used  in  plotting  Fig.  6.  As  can  be 
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seen  in  Fig.  6,  a  large  Poisson’s  ratio  of  the  film  makes  the  NCSIFs  increase  for  the  mode  II 
emission  but  decrease  for  the  mode  I  emission. 
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Fig.  5  The  NCSIF  as  a  function  of  the  shear 
modulus  ratio. 


Fig.  6  The  NCSIF  as  a  function  of  the  Poisson’ s 
ratio  of  the  film. 


CONCLUDING  REMARKS 

SCC  is  a  complicated  process,  in  which  chemical  reaction  and  stress  action  may  dramatically 
change  material  properties  and  then  damage  the  material.  The  present  study  takes  a  linear  fracture 
mechanics  approach.  In  addition,  the  thin-film-covered  crack  is  modeled  to  have  a  special  shape. 
This  modeling  provides  us  with  analytic  solutions  for  the  interaction  between  a  screw  dislocation 
and  the  thin-film-covered  mode  HI  crack.  Consequently,  we  are  able  to  study  the  effects  of  passive 
thin  films  on  SCC  and  hence  deepen  our  understanding  of  these  effects.  In  investigating  the 
interaction  between  an  edge  dislocation  and  the  thin-film-covered  mode  I  and/or  mode  II  crack,  we 
used  the  complex  potentials,  superposition,  Cauchy  integration,  specially  constructed  functions,  and 
series  expansion,  such  that  the  solutions  are  as  analytic  as  possible.  Our  focus  is  on  the  effects  of  the 
film  thickness,  the  shear  modulus  and  Poisson’s  ratio  of  the  thin  film  on  the  dislocation  emission 
from  the  film-covered  crack  tip.  In  general,  brittle  fracture  occurs  when  no  dislocations  are  emitted 
from  the  crack  tip.  If  dislocation  emission  from  a  crack  tip  becomes  difficult,  the  fracture  will  have 
the  tendency  to  be  in  a  brittle  manner.  The  critical  stress  intensity  factor  for  dislocation  emission 
from  the  thin-film-covered  crack  tip  is  calculated  in  the  present  work  based  on  the  Rice-Thomson 
model.  It  is  of  interest  that  there  exists  a  critical  film  thickness  for  a  given  crack  length  and  loading 
mode.  When  the  film  is  thinner  than  the  critical  thickness,  a  harder  film  makes  the  dislocation 
emission  easier,  while  a  softer  film  makes  the  emission  more  difficult. 
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ABSTRACT 

The  generalised  Peierls-Nabarro  model  is  used  to  study  the  transformation  of  screw 
dislocation  cores  from  the  three-fold,  non-planar  state  to  the  planar,  glissile  state  ahead  of  a  mode 
HI  crack  tip. 

INTRODUCTION 

A  necessary  though  not  sufficient  condition  for  brittle-to-ductile  transition  (BDT)  to  occur  is 
that  dislocations  can  emanate  from  the  crack  tip.  The  problem  of  dislocation  emission  from  a 
crack  tip  has  been  studied  by  a  number  of  authors  [1-3]  who  have  considered  in  detail  the  force 
required  to  gradually  form  a  dislocation  from  zero  to  unit  Burgers  vector  content  and  the 
competition  between  such  mode  of  dislocation  nucleation  and  crack  cleavage.  In  the  incipient 
process  considered  by  these  authors,  the  dislocation  is  assumed  to  have  a  planar  core,  and  no 
lattice  friction  is  assumed  to  exist  once  the  dislocation  is  fully  formed  and  begins  to  move  away 
from  the  crack  tip.  The  omission  of  friction  stress  during  the  incipient  process  is  perhaps  not 
important  for  close-packed  slip  systems  because  the  lattice  friction  can  be  supposed  to  be  small. 
However,  for  the  bcc  structure  for  which  BDT  is  particularly  important,  screw  dislocation  cores 
are  non-planar  and  so  lattice  friction  should  not  be  neglected  a  priori  in  a  satisfactory  treatment 
on  crack-tip  emission. 

The  present  work  is  therefore  an  attempt  to  remedy  this  deficiency.  The  dislocation  model 
that  we  use  is  the  generalised  Peierls-Nabarro  model  [4,5],  which  is  an  extended  version  of  the 
original  Peierls-Nabarro  model  generalised  to  take  into  account  non-planar  core  dissociation.  In 
what  follows,  we  will  consider  the  interaction  between  a  mode  HI  crack  tip  and  a  three-fold 
dissociated  screw  dislocation,  which  resembles  a  l/2<ll 1>  screw  dislocation  in  the  bcc  lattice. 
We  assume  the  entire  content  of  the  dislocation  to  emerge  from  the  crack-tip  in  a  fashion  similar 
to  what  has  been  considered  in  ref.  [1-3],  and  we  consider  in  detail  here  the  three-fold 
dissociation  of  the  dislocation  core  after  its  full  content  has  been  established  but  when  it  is  still 
situated  very  close  to  the  crack  tip.  When  the  dislocation  is  situated  at  a  distance  comparable  to 
its  core  size  from  the  crack  tip,  the  image  effects  of  the  crack  should  modify  significantly  the 
core  configuration,  and  the  mobility  of  the  dislocation  should  be  greatly  affected. 

THEORY 

In  the  generalised  Peierls-Nabarro  model  [4,5],  a  three-fold  screw  dislocation  is  composed 
by  joining  together  three  120°  elastic  wedges  along  surfaces  parallel  to  the  dislocation  line  as 
shown  in  Fig.  1.  The  three  wedges  are  strained  into  such  a  way  that  the  long-range  field  of  the 
dislocation  is  established  at  large  radial  distances  from  the  centre.  At  small  radial  distances,  the 
field  deviates  from  the  Volterra  singular  field  because  of  the  misfit  taken  place  at  the  three  cut 
planes.  The  force  law  )(<!>)  governing  the  misfit  O  between  adjacent  points  across  the  cut  plane  is 
non-linear  and  for  specific  materials,  it  can  be  calculated  as  the  ^-surface  using  atomistic 
simulation. 

We  consider  placing  a  mode  m  crack  tip  at  a  distance  x  from  the  dislocation  centre  so  that 
the  crack  plane  coincides  with  one  of  its  slip  planes,  say  the  112  plane,  as  shown  in  Fig.  1.  For  a 
given  dislocation  core  configuration,  the  energy  of  the  dislocation-crack  system  is  composed  of 
three  parts,  namely  i)  the  strain  energy  stored  in  creating  the  dislocation  ahead  of  the  slit  opening 
of  the  unloaded  crack,  ii)  the  work  done  against  the  stress  field  of  the  loaded  crack-tip  as  the 
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r:  distance  along  cut  plane 


Fig.  1  -Three-fold  screw 
dislocation  situated  ahead 
of  a  mode  IE  crack  tip. 


dislocation  is  created,  and  iii)  the  misfit  energy  which  comes  from  integrating  along  the 
three  cut  planes  with  <3>  treated  as  a  varying  function  along  each  cut.  The  strain  energy  term  is 
simply  the  elastic  energy  stored  in  the  strained  wedges,  and  can  be  evaluated  from  the  prescribed 
boundary  displacements  of  the  wedges  using  standard  methods  in  anti-plane  strain  elastostatics 
[oj.  The  full  expression  of  the  dislocation-crack  energy  Etot  per  unit  length  is  given  by: 


E,n,  = 


> n  || ^(77 3  -  +  x3  Uj~  +  ti3,^+%312  E“2-  ^^“2+(77)  +  “2+,(l)«2-(?7)] 

T}3*2  _  [U2+  (4)U2+(V)  + u2-  C^7)]}  +2jy[<£  =  A6-M3_(r)  —  K2+(r)]/jfr 

J y[®  =  (1  -  2A)b -  2u2_ (r)]  dr  -  2  J  Tc (r) [u3.  (r)  +  h2+  (r )]  dr  +  2  f -■  K 111  u2_  (r)  dr 

0  0  0  +  ■*) 


(1) 


where  [i  is  the  shear  modulus,  b  the  Burgers  vector,  ATm  the  applied  stress  intensity  factor, 
Tc(r)  =  Km  cos( yl2+jtl2>)l  fixp ,  p  =  Vr2  +x2  -rx  and  y/  =  tan'1[^r/(2A:-r)]  (0<\j/<k).  In  eqn.  (1),  the 
double  integral  term  is  the  strain  energy,  the  terms  involving  y  the  misfit  energy  and  that 
mvolving  ^ffl  the  work  done  against  the  crack-tip  field.  «t±(r)  represents  the  displacement 
function  of  the  boundary  marked  by  +  or  -  of  wedge  i  relative  to  the  wedge  tip  position  (see  Fig 
1).  A  is  the  fractional  Burgers  vector  content  of  the  cut  213  or  311,  and  can  be  used  as  a  parameter 
specifying  the  degree  of  recombination  of  the  core  into  the  planar  state.  In  the  absence  of  the 
crack,  the  core  configuration  should  be  symmetrically  three-fold,  and  A  will  assume  the  value 
1/3.  When  the  core  is  totally  constricted  into  the  planar  state,  A  will  become  0.  To  find  the  stable 
configuration  of  the  dislocation  core  under  a  specific  Km,  Etot  should  then  be  minimised  with 
respect  to  A,  w3_,  «2+  and  u2..  The  long-range  limits  of  the  boundary  displacements  should  match 
the  Volterra  solution 


_,f  VZxVA-  x-rcos0 
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where  A= Vr2  +2rxcos9+^ ,  which  requires  that  as  rlx  -»  »,  «(r,0)  ->  -6/ 2  for  all  0.  Hence,  the  free 
variables  in  eqn.  (1)  are  subject  to  the  following  end  conditions 


M3.(0)  =  0,  =  bt. 2,  if2-(0)  =  0,  M2-(oo)  =  (1/2-A )6,  «2+(0)  —  0,  W2+(°°)  —  (A- 1/2)6.  (2) 

The  variational  problems  expressed  in  eqn.  (1)  and  (2)  can  be  solved  approximately  by  the 
Rayleigh-Ritz  method  with  the  following  trial  functions  satisfying  the  end  conditions  (2): 

U3_(x )  =  ^ ten-'  (k3x),  u2_  (x)  =  (1-  2A)^  tan-1  ( k2x ),  u2+(x)  =  (2A  - 1)|  tan’1  (fc,x)  • 

Here  ifc,  (i  =  1,2,3)  and  A  are  free  parameters  which  are  adjusted  to  obtain  minimum  values  for  E(ot 
in  eqn.  (1). 

RESULTS  AND  DISCUSSION 
Dislocation  Mobility  Ahead  of  Crack-Tip 

As  an  illustration,  we  present  here  the  results  obtained  by  assuming  the  following  Frenkel 
sinusoidal  7-force  law: 


Fig.  2  shows  the  relation  between  the  fractional  Burgers  vector  A  and  the  applied  Km  when  the 
dislocation  is  situated  at  three  different  distances  x  ahead  of  a  loaded  crack  tip.  It  can  be  seen  that 
when  Km  is  zero,  the  values  of  A  are  all  greater  than  the  three-fold  symmetric  value  1/3,  and  with 
decreasing  x,  the  value  of  A  increases.  This  is  due  to  the  image  force  of  the  crack  surface,  which 
tries  to  pull  the  dislocation  configuration  towards  the  V-shape.  As  Km  increases  from  zero,  A 
decreases  steadily  as  shown  in  Fig.  2.  However,  as  soon  as  A  decreases  to  ~  0.25,  the  core 
transforms  instantaneously  into  planar  as  shown  in  Fig.  2.  It  was  also  found  that  if  the  core  is 
stressed  to  any  configuration  with  A  £  0.25,  the  configuration  will  return  to  the  stress-free  stable 
configuration  upon  removal  of  stress.  However,  if  the  core  is  stressed  to  beyond  the  A  «  0.25 
point  so  that  it  has  become  planar,  the  core  will  remain  in  the  planar  configuration  with  A  *  0 
upon  the  removal  of  stress.  The  condition  A  reaches  0.25  therefore  marks  an  instability  point,  and 
the  planar  state  is  a  metastable  state  protected  by  an  energy  barrier  at  A  =  0.25.  The  instability  at 
A  =  0.25  can  be  easily  understood  from  the  /force  law  expressed  in  eqn.  (3),  which  shows  that 
the  misfit  energy  attains  a  maximum  when  <I>  equals  0.56.  Thus  as  soon  as  the  opening  of  112 
branch  exceeds  0.56,  there  is  a  net  force  causing  the  branch  to  open  further. 

The  observed  instability  at  A  =  0.25  is  a  characteristic  behaviour  ahead  of  a  crack  tip,  and  no 
such  stability  is  found  to  exist  in  the  motion  of  a  dislocation  without  the  presence  of  the  crack. 
The  reason  is  that  the  tendency  to  open  up  the  112  branch  after  A  =  0.25  is  resisted  by  the  rigidity 
of  the  material,  and  with  the  presence  of  the  crack,  the  material  trailing  the  112  branch  is  slit  open 
and  will  become  much  less  rigid.  The  induced  strain  energy  rise  as  a  result  of  the  change  in  core 
configuration  as  branch  112  opens  up  after  A  =  0.25  is  therefore  too  small  to  offset  the  associated 
large  drop  in  misfit  energy.  The  observed  instability  at  A  =  0.25  is  analogous  to  the  conclusion 
reached  by  Rice  when  considering  dislocation  generation  from  a  mode  II  crack  tip  [3].  Rice 
concluded  that  as  the  crack-tip  opening  reaches  0.56,  the  energy  resistance  to  crack  propagation 
would  pass  through  a  maximum  value  equal  to  the  unstable  stacking  fault  energy.  Rice  s 
treatment,  however,  is  based  on  a  7-integral  calculation  and  so  it  assumes  that  the  field  undergoes 
rigid  translation  as  the  dislocation  moves  out  from  the  crack  tip.  In  our  present  model,  the  core 
configuration  changes  as  the  dislocation  recombines  and  so  the  7-integral  method  is  not  valid. 

The  above  results  can  be  compared  with  predictions  obtained  by  assuming  that  the 
dislocation  has  a  Volterra,  empty-core  field.  In  Fig.  2,  there  exists  at  each  value  of  x  a  critical  Km, 
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Fig.  2  Relation  between 
equilibrium  A  and  applied 
stress  intensity  factor  Km. 
xin  units  of  b’s. 


denoted  as  Km ,  at  which  the  core  becomes  planar  and  hence  mobile.  Let  us  consider  the 
alternative  picture  in  which  the  dislocation  has  a  Volterra  field  and  possesses  a  Peierls  stress  zp. 
Tp  is  the  homogeneous  stress  required  to  convert  the  core  into  the  planar  configuration  without 
the  presence  of  the  crack,  and  using  a  variational  approach  similar  to  the  above,  it  is  found  to  be 
0.04 [l  [6],  In  the  Volterra  model,  Km  is  the  value  of  Km  needed  to  move  the  dislocation  against  zn 
and  the  image  stress,  and  this  is  given  by  p 

Km  \d>  ... 

(4) 

Fig.  3  shows  the  variation  between  Km  and  x  as  predicted  from  eqn.  (4)  as  well  as  the  Peierls- 
Nabarro  model.  It  can  be  seen  that  if  the  crack-free  value  of  0.04/1  is  assumed  for  zp  in  eqn.  (4), 
the  deviation  between  the  Volterra  model  and  the  Peierls-Nabarro  model  is  very  large.  Eqn.  (4) 
will  be  a  good  estimate  of  the  Peierls-Nabarro  results  only  when  zp  is  decreased  to  ~  0.005 u  as 
shown  in  Fig.  3.  Thus,  a  Peierls-Nabarro  dislocation  situated  in  front  of  a  crack  tip  will 
experience  an  effective  Peierls  stress  one  order  of  magnitude  lower  than  if  it  is  situated  in  a 
perfect  crystal.  The  crack  obviously  enhances  the  mobility  of  the  dislocation  by  reducing  the 
mechanical  rigidity  of  the  material  ahead  of  it. 


Fig.  3  -  Critical  stress 
intensity  factor  required  to 
move  a  dislocation  Km. 

Solid  line  -  Volterra  model 
with  zp  =  0.04  //. 

Dotted  line  -  ditto  with  zp  = 
0.005 ju. 

Crosses  -  generalised  Peierls- 
Nabarro  model. 
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Crack-tip  Shielding 


We  next  consider  the  shielding  at  the  crack-tip  caused  by  the  dislocation  field.  For  the 
Volterra  dislocation,  the  shielding  stress  intensity  factor  Ks  is  For  the  Peierls-Nabarro 

dislocation,  Ks  is  given  by 


where  w3_  is  the  equilibrium  boundary  displacement,  with  or  without  stress,  of  wedge  3  obtained 
by  minimising  the  energy  functional  in  eqn.  (1)  [6].  Fig.  4  shows  the  variation  between  Ks  and  * 
of  the  Volterra  and  the  Peierls-Nabarro  dislocation  when  Km  =  0.  It  can  be  seen  that  at  x  ^  5b,  the 
Volterra  and  the  Peierls-Nabarro  model  converge,  confirming  that  at  large  dislocation  distances, 
the  details  of  the  core  configuration  do  not  matter.  At  small  dislocation  distances,  the  spreading 
of  the  Peierls-Nabarro  core  reduces  the  induced  crack-tip  field  as  compared  with  the  Volterra 
core,  and  so  the  Peierls-Nabarro  Ks  is  smaller  than  the  Volterra  value  as  shown  in  Fig.  4  for  x  & 
5b. 


Fig.  4  -  Dislocation  shielding 
stress  intensity  factor  Ks. 
Curve  -  Volterra  model 
Crosses  -  generalised  Peierls- 
Nabarro  model  with  Km  =  0. 


Implications  for  Brittle/Ductile  Behaviour 

From  Fig.  2,  a  dislocation  situated  closer  to  the  crack  tip  would  require  a  larger  Km  (=  Km)  to 
mobilise  it.  This  is  due  to  the  image  stress,  which  would  tend  to  retract  the  spreading  on  the  slip 
plane  co-planar  with  the  crack  plane,  and  to  widen  the  spreading  on  slip  planes  inclining  to  the 
crack  plane.  An  applied  Km  =  Km  is  required  to  overcome  the  image  stress  to  make  the  core 
planar  for  motion.  It  is  evident  from  Fig.  2  that  Km  tends  to  -  0.12  fl^b  as  x  approaches  zero. 
Thus,  if  Km  is  larger  than  -0.12  fi\jb,  all  dislocations  ahead  of  the  crack  tip  including  the  one 
that  has  been  freshly  emitted  from  the  crack  tip  would  be  planar.  The  limiting  Km  ~  0.12  n^b 
therefore  represents  a  critical  stress  intensity  factor  Kmc  such  that  if  the  applied  /Cm  is  higher  than 
or  equal  to  this  value,  then  all  dislocations  ahead  of  the  crack  tip  would  be  mobile.  If  the  applied 
Km  is  lower  than  Kmc,  then  a  non-planar  zone  would  exist  ahead  of  the  crack  tip,  the  size  of 
which  would  increase  as  the  difference  (Kmc  -  Km)  increases.  A  dislocation  situated  outside  this 
non-planar  zone  would  have  planar  core  and  is  mobile,  but  a  dislocation  existing  within  the  zone 
would  have  non-planar  core  and  would  require  thermal  activation  before  it  can  move  away  from 
the  crack  tip. 

The  next  question  to  be  asked  concerns  the  competition  between  dislocation  mobility, 
nucleation  and  cleavage.  Rice  [3]  has  concluded  that  the  critical  Km  for  dislocation  nucleation 
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directly  from  crack  tip  is  Ke  =  V(2 Mfe)  where  yus  is  the  unstable  stacking  fault  energy.  Taking  yus 
to  be  the  maximum  value  of  the  ^force  law  in  eqn.  (3),  yus  =  fibl{2i?),  and  so  Ke  «  0.3  jl^b  for  a 
mode  HI  crack.  Ke  is  therefore  of  similar  magnitude  but  higher  than  Kmc  for  motion,  implying 
that  nucleation  from  crack-tip  would  be  slightly  more  difficult  than  subsequent  motion.  Thus,  if 
dislocations  can  be  nucleated  from  the  crack-tip,  they  can  move  away  from  it  and  so  crack-tip 
emission  is  nucleation  rather  than  mobility  controlled.  Because  nucleation  must  precede  motion, 
whether  the  material  is  brittle  or  ductile  still  depends  on  the  competition  between  nucleation  and 
cleavage  as  Rice  has  suggested,  and  mobility  is  not  a  concern.  It  should  be  noted,  however,  that 
this  is  quite  a  fortuitous  result,  and  only  comes  about  because  of  the  enhancement  in  mobility 
offered  by  the  crack  opening.  If  the  intrinsic  value  x?  -  0.04 fj.  were  to  be  believed  for  motion 
ahead  of  the  crack-tip.  Fig.  3  shows  that  Km  at  *  *  b  is  roughly  0.3  jx^b,  implying  that  mobility 
would  have  been  considered  as  difficult  as  nucleation. 

Future  Work 


In  the  bcc  lattice,  motion  of  non-screw  dislocations  presents  no  problems  and  so  one  has  a 
valid  reason  to  focus  on  screw  dislocations.  The  present  analysis  assumes  that  the  crack  plane  is 
parallel  to  a  slip  plane  and  the  crack  front  is  parallel  to  the  <1 1 1>  Burgers  vector  direction.  This 
is  a  rather  exceptional  situation  and  as  future  work  one  may  attempt  to  investigate  the  more 
general  condition  in  which  the  crack  plane  is  inclined  with  respect  to  the  glide  plane.  Insofar  as 
the  crack  front  is  parallel  to  the  Burgers  vector,  the  problem  is  still  anti-plane  strain  as  only  the 
mode  in  component  will  interact  with  the  screw  dislocation.  If  the  crack  front  is  not  parallel  to 
the  Burgers  vector,  the  core  recombination  problem  is  a  three  dimensional  one  and  analytical 
formulation  becomes  very  difficult. 

CONCLUSIONS 

The  core  dissociation  of  a  three-fold  screw  dislocation  ahead  of  a  mode  m  crack  tip  has  been 
studied  within  the  framework  of  the  generalised  Peierls-Nabarro  model.  The  image  effects  of  the 
crack  cause  extensive  dissociation  of  the  dislocation  core  on  slip  planes  that  are  inclined  with 
respect  to  the  crack  plane.  Core  spreading  reduces  the  degree  of  overshielding  at  the  crack  tip  by 
the  dislocation  field  when  the  dislocation  is  situated  near  the  crack  tip.  The  presence  of  the  crack 
also  enhances  significantly  the  mobility  of  the  dislocation.  The  presence  of  the  crack  slit  opening 
reduces  the  rigidity  of  the  material  ahead  of  the  crack  tip,  thus  makes  recombination  of  the 
dislocation  core  into  the  planar,  mobile  configuration  by  stress  much  easier.  Emission  of 
dislocations  from  crack-tip  is  therefore  nucleation  rather  than  mobility  controlled. 
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ABSTRACT 

Mode-Ill  fracture  propagation  in  a  two-dimensional  continuum  model  is  studied  the¬ 
oretically.  The  material  is  assumed  to  be  isotropic  and  linearly  elastic  with  a  frictional 
dissipation,  and  the  crack-tip  region  is  modeled  by  a  cohesive  zone.  As  the  externally  ap¬ 
plied  load  increases,  the  steady-state  crack  speed  increases  to  a  maximum  value  which  can 
be  substantially  smaller  than  the  sound  speed  when  the  dissipation  is  large.  The  fracture 
energy  also  becomes  dependent  on  the  velocity. 

INTRODUCTION 

Both  experiments  [1]  and  numerical  simulations  [2]  show  that  straight  crack  propagation 
is  unstable  when  the  speed  of  propagation  goes  beyond  a  certain  critical  value.  In  an  attempt 
to  understand  such  observations,  Ching,  Langer  and  Nakanishi  [3]  (CLN)  performed  a  lin¬ 
ear  stability  analysis  of  mode-I  fracture  against  bending  deformations  in  a  two-dimensional 
system.  The  system  was  taken  to  be  isotropic  and  linearly  elastic  except  for  the  crack-tip 
region  where  they  used  a  cohesive-zone  model  of  the  kind  introduced  by  Barenblatt  [4]  and 
Dugdale  [5].  The  inclusion  of  a  cohesive  zone  ensures  that  the  stresses  at  the  crack  tip  are 
nonsingular.  They  computed  the  linear  response  of  the  system,  i.e.  the  first-order  change  in 
the  crack  trajectory,  to  a  small,  static  and  spatially  oscillatory  shear  stress  and  concluded 
that,  for  cohesive-zone  models  that  do  not  include  any  dissipative  forces,  steady-state  straight 
crack  propagation  is  unstable  against  the  perturbation  at  all  nonzero  speeds. 

It  is  natural  to  extend  the  CLN  analysis  to  models  that  include  some  dissipative  mech¬ 
anisms.  Langer  and  Lobkovsky  [6]  (LL)  have  examined  models  in  which  the  cohesive  force 
contains  a  dissipative  element.  Unexpectedly,  they  discovered  that  for  some  models  with 
seemingly  reasonable  choices  of  cohesive  force,  there  is  no  unique  solution  for  the  linear  re¬ 
sponse.  This  is  also  the  case  for  the  dissipationless  version  —  the  linear  response  CLN  found 
was  only  one  solution  among  a  family  of  solutions.  In  cases  that  there  is  unique  solution, 
LL  found  that  the  results  depend  sensitively  on  details  that  ought  to  be  physically  unim¬ 
portant.  Because  of  these  findings,  LL  concluded  that  cohesive-zone  models  with  no  or  local 
dissipation  is  unsatisfactory  for  use  in  dynamical  studies  of  fracture. 

To  understand  how  general  their  result  is,  it  would  be  helpful  to  study  cohesive-zone 
models  with  bulk  dissipation,  i.e.,  dissipation  not  confined  within  the  cohesive  zone  but  act¬ 
ing  throughout  the  whole  system.  We  shall  study  one  such  model  with  frictional  dissipation 
—  dissipation  that  is  proportional  to  the  speed  of  propagation.  As  a  first  step,  our  present 
work  focuses  on  steady-state  mode-III  fracture  propagation.  The  problem  of  mode-III  frac¬ 
ture  is  simpler  as  only  the  antiplane  displacement  is  involved.  Thus,  this  study  is  not  only 
interesting  on  its  own  but  can  also  serve  as  a  useful  reference  for  the  mathematically  more 
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difficult  problem  of  mode-I  fracture. 

MODEL 


Mode-Ill  crack  propagation  in  a  two-dimensional  model  in  which  the  stress  along  the 
open  fracture  surfaces  contains  a  frictional  dissipative  term  has  been  studied  by  one  of 
us  [7].  Here,  we  consider  a  frictional  dissipation  that  acts  in  the  bulk  of  the  material.  The 
two-dimensional  material  lies  on  the  x-y  plane  and  the  crack  runs  along  the  ar-axis.  Due  to 
the  symmetry  of  the  problem,  we  need  to  consider  only  half  of  the  plane,  say  the  upper-half 
plane:  y  >  0.  The  material  is  assumed  to  be  isotropic  and  linearly  elastic  with  a  dissipation 
proportional  to  the  speed  of  propagation.  The  antiplane  displacement  u(x,y,t),  which  is 
along  the  z  direction,  satisfies  the  following  equation  of  motion 


ii(x,  y,  t)  =  V2u{x,  y ,  t)  -  ^[u(x,  y ,  t) 


A]  -  2 aii(x,  y,  t) 


(1) 


where  A  is  an  applied  displacement  imposed  on  the  system  and  a  is  the  coefficient  of  the 
frictional  dissipation.  We  have  scaled  our  units  such  that  the  sound  speed  is  unity.  The 
second  last  term  in  the  right  hand  side  represents  an  external  loading  that  drives  the  crack. 
In  the  limit  when  W  being  large,  which  is  the  case  we  are  interested  in,  this  loading  is  similar 
to  the  familiar  situation  of  a  strip  of  elastic  sheet  with  half-width  W  being  displaced  at  the 
edges  by  an  amount  A. 

We  focus  on  steady-state  fracture  propagation  at  speed  v  in  the  ~x  direction  and  look 
for  solutions  that  depend  on  x  and  t  only  in  the  form  of  x  +  vt.  We  first  transform  (1)  into 
a  reference  frame  ( x 1  —  x  +  vt,  y)  that  moves  with  the  crack.  The  crack  tip  is  thus  always  at 
x'  =  0.  For  simplicity,  we  redefine  x '  x.  The  transformed  equations  are 


2d2u(x,y)  d2u(x,y) 
P  dx 2  dy 2 


y^[u(x,y)-  A] 


2av 


du(x,y) 

dx 


(2) 


where 

/ 32~l~v 2 


The  displacement  along  the  x  axis  is 


u(x,y 


x  <  0 
x  >  0 


(3) 

(4) 


where  U(x)  is  half  of  the  crack-opening  displacement.  The  stress,  up  to  an  elastic  modulus, 
along  the  x  axis  is  given  by 

du  rsw  x<0 

dy  y=0  l  £ c(x )  x  >  0  (  ' 

where  £(x)  is  the  stress  ahead  of  the  crack  tip,  and  £c(x)  is  a  cohesive  stress,  with  a  finite 
range  <5,  that  acts  between  the  open  fracture  surfaces  in  the  crack-tip  region.  For  explicit 
results,  we  follow  CLN  to  use  a  simple  square-law  form  for  £c: 


Sc(x)  =  Ee{J7(x)}  =  [ 
where  £0  is  the  yield  stress.  The  length  of  the  cohesive  zone  t  is  defined  by 


So 

0 


for  0  <  U  <  6 
for  U  >6 


(6) 


U(t)  =  6 


(7) 
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WIENER-HOPF  CALCULATIONS  AND  RESULTS 


The  general  solution  of  (2)  can  be  written  as 


i(x,  y)  =  A  (l  -  e~«)  +  /  ^  UM{k) eik^km« 


K{k)  =  ^j^  +  Pk2  +  Havk  (9) 

Here,  £/{+)(&)  denotes  the  Fourier  transform  of  U(x).  As  U(x)  is  nonzero  only  on  the  positive 
z-axis,  y(+)(k)  has  singularities  only  in  the  upper  half  A;-plane,  which  is  indicated  by  the 
superscript  (+).  Similarly,  the  superscript  (— )  indicates  functions  that  have  singularities 
only  in  the  lower  half  A;-plane.  Equation  (5)  then  leads  to  the  Wiener-Hopf  equation: 

S<+>(*)  +  £<->(*)  =  2n^S{k)  -  K(k)U‘+>(k)  (10) 

The  kernel  K(k)  can  be  factorized  into  K(+\k)K(~\k)  where 

£(+)(&)  =  (Pl  +  0:)1/2;  K(~\k)  =  P(p2  -  ik)1/2  (11) 


1  a2v2  \ 


\w2p2  P4 

The  formal  solutions  for  (10)  are  thus 


ikUM(k )  =  ~ —  \_bjW_  _  ikfU)ik\ 
v  1  KM(k)  L*r(->(0)  c  v  ' \ 

<*£<">(*)  =  -£<->(*)  +  ikA.{~\k) 

L/r(->(o) 


A  W(j)  =  x/^— !— ® 
c  K  1  ~rJ2wik'-k±ie  K(-)(k'\ 


J  27 ri  k'  -  k±it  K(-)(k') 

and  £,[+\k)  is  the  Fourier  transform  of  Ec(a;). 

To  ensure  that  the  stress  is  nonsingular  at  the  crack  tip,  we  have  the  Barenblatt  condition 

A  «-w  fdktM(k) 

w  ~  K  ^S^wxk)  (16) 

v,  [Pi  fe  dy 


Using  (16)  in  (13),  we  can  compute  U(x): 


.  .  2E0  /■* 

u{x)  =  ^gL 


-P2(.y-x+e) 


7T/?  J max(0,i— £) 


y -x  + 
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where  we  have  used  pi  -►  0  in  the  large  W  limit.  U(x)  goes  like  x 3/2  for  x  <  £  and  shows 
the  conventional  y/x  behavior  for  W  »  x  >  L 

The  length  of  the  cohesive  zone  is  obtained  by  putting  x  =  t  in  (18)  which  gives 


(l  -  e-«<)  _ 
p2  2Sq 


(19) 


With  (17)  and  (19),  the  externally  applied  load  A  is  evaluated  as  a  function  of  v.  As  v  -*  0, 
A  tends  to  the  Griffith  threshold  AG  =  s/2T,08W  which  is  independent  of  a.  We  have 


_A_ 
A  g 


jT,0W 

V  2tt6  Jo 


dy 

y/V 


(20) 


In  the  limit  a  — >•  0,  A  -4  AG  thus  steady-state  propagation  is  possible  at  any  speed  v  and 
only  at  the  Griffith  threshold.  On  the  other  hand  when  there  is  dissipation,  steady-state 
fracture  propagation  occurs  at  different  speed  v  for  different  values  of  A/Ac. 

In  (19),  P2P  increases  with  v  [see  (12)]  but  1  —  e~p2t  has  a  maximum  value.  As  a  result, 
there  is  a  maximally  allowed  crack  speed  vmax  whose  value  is  given  by 


and  is  smaller  than  1  (the  sound  speed)  for  a  ^  0.  At  v  =  vmax,  t  diverges  and  A/W  =  E0  [see 
(17)]  Thus,  the  physical  origin  of  a  maximally  allowed  speed  of  crack  propagation  is  the 
limitation  of  the  applied  stress  by  the  yield  stress.  When  the  applied  stress  is  greater  than 
the  yield  stress,  the  material  will  break  everywhere  making  it  impossible  to  have  only  one 
propagating  crack.  This  result  is  the  same  as  that  found  previously  in  the  model  with  surface 
friction  [7]. 

When  there  is  dissipation,  the  fracture  energy,  that  is  the  energy  consumed  per  unit 
length  of  crack  extension,  consists  of  two  parts:  the  energy  expended  in  overcoming  the 
cohesive  stress  and  the  energy  dissipated  by  friction.  The  former  is  given  by 

=  j‘dxY,c[U(x))^  (22) 

=  So*  (23) 

and  is  a  constant  independent  of  the  dynamics  of  the  crack  because  the  cohesive  stress  £c 
is  a  function  of  U(x)  only  but  not  U'(x)  [see  (6)].  For  steady-state  crack  propagation,  the 
fracture  energy  is  exactly  equal  to  the  elastic  energy  stored  initially  per  unit  length  of  the 
strip  which  is  given  by  (1/2)  A2/ W.  Thus  the  fracture  energy  is: 

/  A  \2 

r/rac  =  r0(^J  (24) 

where 

r°~i  ™r/rac  =  rc0ft  (25) 

In  the  limit  of  no  dissipation,  V frac  =  Tcoh  and  is  independent  of  v.  For  finite  a,  as  A 
increases  with  a,  r/rac  >  rco/l  and  the  difference  is  the  energy  dissipated  by  friction  per  unit 
length  of  crack  extension. 
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NUMERICAL  ANALYSIS 


We  first  study  the  maximally  allowed  steady-state  crack  speed  vmax  for  various  values 
of  EoW/6  and  aW.  From  (21),  we  see  that  vmax  increases  with  E0W/5  for  fixed  aW,  and 
decreases  with  aW  for  fixed  E 0W/6.  These  features  are  verified  in  Fig.  1.  Moreover,  it  can 
be  seen  that  vmax  can  be  substantially  smaller  than  1,  the  sound  speed,  when  aW  is  large. 


1.0 
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0  10  20  30  40  50 
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Figure  1:  The  maximally  allowed  steady-state  speed  of  crack  propagation  vmax.  (a)  EoW/<5  = 
100,  (b)  E0W/<5  =  200,  and  (c)  E 0W/5  =  1000 


Figure  2  shows  the  velocity  dependence  of  the  fracture  energy  T frac  for  v  ranging  from  0 
to  vmax.  Atv  =  vmax,  r/rac/r0  =  E0W/(2£).  For  small  aW,  Tfrac  has  a  slight  dependence 
on  v  except  for  the  sharp  increase  to  the  maximum  value  when  v  &  vmax.  For  large  aW, 
Tfrac/To  increases  steadily  with  v  and  is  much  larger  than  1  even  for  moderate  values  of  v. 


V 

Figure  2:  The  fracture  energy  as  a  function  of  the  steady-state  crack  speed.  E0W/(5  =  100. 
(a)  aW  =  0.1,  (b)  aW  =  5  and  (c)  aW  =  20 


In  Fig.  3,  we  plot  the  dependence  of  v  on  the  externally  applied  load  A.  We  see  that  v 
generally  increases  from  0  to  vmax  as  A  is  increased  from  Ac  to  EoW.  For  small  aW,  the 
increase  occurs  sharply  whereas  for  large  aW,  the  change  in  v  is  much  more  gradual. 
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Figure  3:  The  dependence  of  the  steady-state  speed  of  crack  propagation  on  the  externally 
applied  load.  Y.qW/5  =  100.  (a)  aW  =  0.1,  (b)  aW  =  5  and  (c)  aW  -  20 


CONCLUSIONS 

We  have  studied  steady-state  mode-III  fracture  propagation  in  a  two-dimensional  model 
with  bulk  frictional  dissipation.  With  frictional  dissipation,  the  maximum  steady-state  crack 
speed  allowed  is  smaller  than  the  sound  speed.  We  note  that  this  feature  is  not  observed  in 
models  with  viscous  dissipation.  Moreover,  the  fracture  energy  becomes  velocity-dependent. 
For  large  dissipation,  this  maximally  allowed  crack  speed  is  substantially  smaller  than  the 
sound  speed  (or  the  Rayleigh  wave  speed  in  mode-I  fracture).  This  result  may  shed  light 
on  why  experimentally  observed  maximum  crack  speeds  are  much  lower  than  the  Rayleigh 
wave  speed.  We  are  now  working  on  the  corresponding  calculations  for  mode-I  fracture  and 
the  stability  analysis  of  mode-III  fracture. 
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TRANSITIONS  OF  SHEAR  RESISTANCE  IN  A  SINGLE-ASPERITY  CONTACT 
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ABSTRACT 

The  shear  force  required  to  emit  circular  dislocation  loops  from  the  edge  of  a  circular 
adhesive-contact  zone  is  calculated  analytically  as  a  function  of  contact-zone  radii.  The  emission 
condition  is  based  on  the  balance  of  the  configurational  force  and  the  Peierls  force  on  a 
dislocation  loop  initiated  at  the  edge  of  the  adhesive  contact  zone.  The  analysis  suggests  that 
there  is  a  transition,  for  a  nanometer-scale  single-asperity  contact,  from  concurrent  (mobile- 
dislocation-ffee)  slip  to  single-dislocation-assisted  (SDA)  slip.  The  nanometer-scale  friction 
stress  (shear  force  required  for  slip/contact  area),  which  experimentally  is  observed  independent 
of  normal  loading  and  contact-zone  size,  is  believed  to  be  the  stress  required  for  concurrent  slip. 
The  analysis  also  predicts  a  second  transition  from  SDA  slip  to  multiple-dislocation-cooperated 
(MDC)  slip  at  the  scale  of  tens  of  micrometers  in  contact  size.  The  friction  stress  at  this  large 
length  scale  has  also  been  observed  experimentally  to  be  independent  of  normal  loading  and 
contact  size;  however,  the  friction  stress  at  the  nanometer  scale  is  about  30  times  that  at  the  scale 
of  tens  of  micrometers.  The  analysis  is  consistent  with  these  experimental  observations. 


INTRODUCTION 

The  relationship  between  the  frictional  force  and  the  real  area  of  contact  remains  as  one  of 
the  fundamental  questions  in  tribology.  It  was  first  postulated  by  Bowden  and  Tabor  that  the 
frictional  force  7>  necessary  to  slide  across  two  contacting  surfaces  is  proportional  to  the  real  area 
of  contact  Ac,  i.e. 

Tf  =  TfAc  (1) 

Here  t/  is  the  friction  stress ,  or  shear  resistance,  of  the  interface  and  it  is  considered 
independent  of  the  contact  area  Ac.  Equation  (1)  is  the  cornerstone  of  most  friction  theories 
nowadays.  However,  this  relationship  was  never  verified  experimentally  at  the  level  of  a  single 
asperity  contact  until  the  development  of  the  atomic  force  microscope  (AFM)  and  the  surface 
force  apparatus  (SFA)  made  it  possible  in  recent  years2'7.  Both  the  AFM  and  the  SFA  are 
designed  to  measure  simultaneously  the  normal  and  tangential  (or  frictional)  forces  between  two 
molecularly-smooth  contacting  surfaces.  The  region  of  contact  is  circular,  of  radius  a  and  area  Ac 
=  jt a2.  Typical  values  of  Ac  for  dry  adhesive  contact  in  the  AFM  are  in  the  range  of  30-600  nm2 
whereas  in  the  SFA,  Ac  is  usually  in  the  range  of  5xl09-2xl051  nm2.  The  lower  limit  is  due  to 
pull-off,  which  is  caused  by  interface  adhesion  and  takes  place  before  Ac  becomes  zero.  The 
upper  limit  is  related  to  the  onset  of  damage  and  wear  at  the  interface.  The  radius  a  is  a 
characteristic  measure  of  the  size  of  the  contact.  It  is  within  the  nanometer  scale,  a  «  3-14  nm,  in 
typical  AFM  experiments,  and  within  the  tens  of  microns  scale,  a  «  40-250  pm,  in  SFA 
experiments.  We  believe  that  this  large  difference  between  the  size  of  the  contact  observed  in  the 
AFM  and  the  SFA  plays  an  important  role  in  the  mechanical  behavior  of  friction,  as  discussed 
later  in  this  paper. 

Experimental  measurements  in  the  SFA2  and  the  AFM3'7  reveal  that  the  frictional  force  7) 
required  to  slide  across  a  single  asperity  contact  is,  in  the  respective  test  range  of  contact  sizes. 
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proportional  to  the  area  of  adhesive  contact,  in  agreement  with  (1).  Some  of  the  reported  values 
of  tf  for  various  interfaces  are  listed  in  Table  I.  The  ratio  of  the  friction  stress  to  the  effective 
shear  modulus  of  the  interface  /4#is  particularly  meaningful.  (Here,  the  effective  modulus  /Jeff  of 
the  interface  between  two  materials,  1  and  2,  is  defined  as  /Jeff  —  2/i\/t2./(/ii+/t2),  where  //jand  /ti 
are  the  bulk  moduli  of  each  material.  Since  the  analysis  is  limited  to  isotropic  materials,  the  shear 
modulus  //is  estimated  as  El{ 2(l+v)),  where  E  is  the  elastic  modulus  for  the  uniaxial  stress  state 
normal  to  the  interface  and  vis  the  lateral  Poisson’s  ratio.  This  shear  modulus  is  different  from 
the  average  in-plane  shear  modulus  of  general  anisotropy.)  It  is  interesting  that,  with  the 
exception  of  the  interface  between  a  hydrogen-terminated  diamond  (111)  plane  and  a  tungsten 
carbide  tip6,  the  ratio  yl/ieff  measured  in  the  AFM  is  about  30  times  larger  than  that  measured  in 
the  SFA.  This  seems  to  be  in  contradiction  with  (1),  where  9- is  a  constant  for  all  values  of  Ac, 
provided  that  the  interface  remains  undamaged. 


Table  I.  Reported  values  of  the  friction  stress  for  different  interfaces,  and  estimated  values  of  the 
nucleation  parameter  rj (for  tp  =  0  and  r0=  b/4). 


Interface 

Techniqueref 

(environment) 

Tf  (MPa) 

T}!  b 

mica/mica 

SFA2 

(dry  air) 

20 

1286 

Pt  coated  tip/mica 

AFM3 

(UHV) 

840-910 

43-40 

1.71-1.6 

SiN  tip/mica 

AFM4 

(air,  55%  RH) 

680 

33 

1.34 

Si  tip/NbSe2 

AFM5 

(UHV) 

600 

43 

1.71 

WC  tip/Diamond(l  1 1)* 

AFM6 

(UHV) 

238 

1577 

49.47 

Si  tip/NaCI  terraces  /  steps 

AFM7 

(dry  N2) 

145/478 

240/48 

8.49/1.90 

*  hydrogen  terminated 

We  believe  that  the  large  contrast  in  the  ratio  2/-//^  can  be  significantly  attributed  to  the 
difference  between  the  contact  sizes  in  the  AFM  and  the  SFA.  The  friction  stress  tf  must 
decrease  as  the  size  of  the  contact  increases  from  the  nanometer  scale  (AFM)  to  the  tens  of 
microns  scale  (SFA).  Thus,  y  should  be  a  function  of  the  contact  area.  The  particular  form  of  this 
function  is  unknown  to  date  because  no  experimental  measurements  exist  for  the  full  range  of 
contact  sizes  between  typical  AFM  and  SFA  sizes.  This  fact  has  urged  the  authors  to  propose  a 
micro-mechanical  dislocation  model  of  frictional  slip  between  asperities  which  provides  a  size 
dependent  friction  stress  and  explains  the  transition  from  the  high  value  found  in  nanometer  scale 
contacts  to  the  low  value  in  the  tens  of  microns  scale8.  A  description  of  this  model  follows. 

DESCRIPTION  OF  THE  MODEL 

Single-asperity  dry  contact  friction  is  modeled  as  two  elastic  spherical  particles  pushed 
together  in  adhesive  contact  by  a  normal  force  P,  and  subsequently  loaded  by  a  tangential  force  T 
which  makes  the  particles  slide  past  each  other.  It  is  understood  that  an  external  moment  is 
applied  to  each  particle  in  order  to  prevent  rotation.  The  geometry  of  the  problem  is  sketched  in 
Figure  1(a).  The  contact  region  is  a  circle  of  radius  a.  A  Cartesian  coordinate  system  (jcj,  X2,  *3)  is 
considered  with  the  origin  at  the  center  of  contact.  In  these  coordinates,  the  contact  region  is  on 
the  x3=0  plane  and  the  force  T  is  applied  parallel  to  the  x\  -direction.  For  simplicity,  the  case 
considered  is  that  in  which  the  two  particles  have  the  same  elastic  constants:  shear  modulus  /i 
and  Poisson's  ratio  v.  Also,  it  will  be  assumed  that  the  contact  area  is  determined  uniquely  by 
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the  applied  loads,  and  that  the  radius  a  is  much  smaller  than  the  sphere  radii,  i.e.  P  is  small.  This 
latter  assumption  allows  us  to  model  the  geometry  of  the  contact  as  an  external  circular  crack. 


Figurel:  (a)  Geometry  of  the  problem,  (b)  Configuration  of  pileup  of  circular  dislocation  loops  in 
the  contact  region  (x3=0  plane). 

The  force  T  is  increased  quasi-statically  until  slip  across  the  total  area  of  contact  is  activated, 
which  occurs  when  T~  Tf.  The  friction  stress,  rf=  Tjlna 2,  depends  on  the  nature  of  the  adhesive 
bonding  between  interacting  atoms  along  the  interface.  However,  it  also  depends  on  the 
mechanism  of  slip  that  takes  place.  The  authors  have  proposed8  a  mechanism  of  slip  controlled 
by  nucleation  and  cooperative  gliding  of  dislocation  loops  in  the  contact  region.  The  most 
general  situation  is  illustrated  in  Figure  1(b).  The  contact  region  contains  a  pileup  of  N 
concentric  dislocation  loops  of  radii  Rj  (y‘=l,2,...,jV)  and  of  same  Burgers  vector  b ,  parallel  to  T 
(jti -direction).  The  dislocations  are  allowed  to  glide,  driven  by  the  external  loads;  however,  the 
dislocation  loops  are  constrained  to  remain  circular  and  concentric  as  they  glide  through  the 
interface.  As  a  consequence  of  this  kinematic  constraint,  the  values  of  7}  calculated  from  this 
model  will  be  an  upper  bound.  The  shaded  areas  in  the  figure  represent  the  region  of  partial  slip 
that  dislocations  leave  behind  as  they  glide  towards  the  center  of  the  contact.  At  each  location, 
the  displacement  jump  [u{\  equals  b  times  the  number  of  dislocations  that  swept  through  that 
point.  Complete  slip  across  the  interface  occurs  only  if  the  first  dislocation  (of  radius  R\)  reaches 
the  center  of  the  contact  region  and  collapses. 

The  average  outward  configurational  force  on  each  dislocation  in  the  pileup,  per  unit  length 
of  dislocation,  is 


=g ;  +g‘ +g;  ;  k=i,2,...,N  (2) 

aJ,P,Rj*Rk  M 

Here  U  is  the  potential  energy  of  the  system,  and  Gf  G'k,  Gk  and  GjJ*  are,  respectively,  the  self, 
applied ,  image  and  interaction  force  components.  The  expressions  for  these  forces  are  given  in 
the  Appendix.  The  self-force  Gk  is  a  function  of  the  dislocation  cut-off  radius  r0.  Hirth  and 
Lothe9  give  some  estimated  values:  for  ionic  crystals  r0«  b/3,  for  crystals  with  covalent  bonding 
r0  *  bl 4,  and  for  metals  r0  »  b!2-2b. 
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Under  favorable  conditions  (determined  by  a  nucleation  criterion)  dislocations  are  nucleated 
along  the  periphery  of  the  contact.  Nucleated  dislocations  are  then  driven  towards  the  center  by 
the  total  configurational  force.  The  internal  resistance  of  the  interface  to  dislocation  glide  is 
characterized  by  an  average  Peierls  force  GP  =  tp  b.  The  effective  Peierls  stress  of  the  interface 
Tp  can  be  expressed  as  rP  =ju  / aP,  where  ap  is  usually  in  the  range  1 02 — 1 04  for  most  crystals. 

If  the  contact  is  loaded  monotonically  with  a  tangential  force  T,  dislocations  will  glide 
towards  the  center  of  the  contact  and  always  in  equilibrium  with  the  Peierls  force.  The  equations 
of  static  equilibrium  for  each  dislocation  take  the  form: 

Gk(Rl,...,Rki...,RN;a;T)  +  GP  =0  ;  k  =  1,2,...,//  (3) 

These  relations  provide  a  system  of  N  equations  for  the  dislocation  positions  R^,  contact  size 
a,  and  load  T. 

So  far,  it  has  been  assumed  that  a  pileup  of  N  dislocations  already  exists  in  the  contact 
region.  The  conditions  for  the  nucleation  of  these  N  dislocations  are  yet  to  be  discussed.  Also  to 
be  discussed  are  the  conditions  for  complete  slip  of  the  interface,  i.e.  when  the  first  dislocation  is 
destabilized  and  collapses.  Of  particular  interest  is  the  case  when  only  a  single  dislocation  (N=  1) 
assists  the  slip  process,  since  this  mechanism  is  predicted8  to  prevail  for  a  large  range  of  contact 
sizes.  We  will  refer  to  this  mechanism  as  single-dislocation-assisted  (SDA)  slip.  In  contrast,  the 
mechanism  of  slip  cooperated  by  dislocation  pileups  will  be  referred  to  as  multiple-dislocation- 
cooperated  (MDC)  slip.  We  will  consider  each  mechanism  separately  next. 

SINGLE  DISLOCATION  ASSISTED  (SDA)  SLIP 

The  total  configurational  force  on  a  single  dislocation  (R=Ri)  in  the  contact  is  given  by  (2) 
without  the  interaction  term.  The  dislocation  is  in  static  equilibrium  if  GX+GP  =  0.  We  adopt  a 
criterion  for  the  nucleation  of  the  dislocation  loop  similar  to  the  one  proposed  by  Rice  and 
Thompson  for  the  nucleation  of  a  dislocation  at  the  tip  of  a  straight  crack  front.  The  nucleation 
criterion  is  stated  as  follows:  A  dislocation  loop  is  nucleated  spontaneously  if  the  equilibrium 
equation  Gx  +  Gp  =  0  is  satisfied  (condition  1 )  when  the  dislocation  is  at  some  micro-structurally 
significant  distance  qfrom  the  periphery  of  the  contact,  i.e.  when  R  =  a-rj  (condition  2). 

In  addition  to  conditions  1  and  2,  we  propose  that  the  micro-structural  length  rj  should  be 
sufficiently  small  to  be  located  in  the  region  where  ( drj/da)T<  0  (condition  3).  This  third 
condition  prevents  us  from  using  large  values  of  rj  that  result  in  physically  unrealistic  behavior 
of  the  nucleation  process  due  to  the  configurational  axial-symmetry  of  the  problem.  Further 
discussions  about  this  nucleation  criterion  are  reported  in  ref  [8].  For  given  contact  size  ( alb ), 
length  rj ,  and  cut-off  radius  r0,  the  nucleation  criterion  gives  the  stress  level  rm  required  to 
nucleate  a  dislocation. 

If  the  Peierls  force  is  zero,  a  nucleated  dislocation  is  always  driven  towards  the  center  of  the 
contact  and  collapses,  thus  inducing  SDA  slip  of  the  interface.  When  the  Peierls  force  is  non¬ 
zero,  however,  a  nucleated  dislocation  can  be  stabilized  within  the  contact  region,  causing  only 
partial  slip  of  the  interface.  This  situation  usually  occurs  for  large  contact  sizes,  i.e.  large  {alb). 
In  this  case,  slip  is  no  longer  completed  by  the  nucleation  of  the  dislocation;  the  dislocation  must 
be  destabilized.  The  instability  stress  T(h)  above  which  a  nucleated  dislocation  is  always  unstable 
is  ^determined  by  solving  simultaneously  the  equilibrium  equation  with  the  condition 
(5G,  ldR])  =  0  and  {-d2Gx  / dR 2 )  >  0 .  The  criterion  for  slip  instability  is,  therefore,  that  r> 
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The  condition  for  SDA  slip  is  a)  that  a  dislocation  loop  is  nucleated  and  b)  that  it  collapses. 
The  friction  stress  is  thus  given  as  x/=  max{  xm,xm} . 

Solutions  to  the  nucleation  criterion  are  shown  as  a  family  of  «i  curves  for  different  values 
of  77  in  Figure  2.  On  the  n\  curves  x=xm){a).  For  these  calculations  the  values  r0  =  b! 4,  v=  0.2 
and  a/>=1286,  were  used.  The  experimental  measurements  of  rfm  the  AFM  for  Pt/mica  (Carpick 
et.  al.3)  and  the  SFA  for  mica/mica  (Homola  et.  al.2)  are  also  plotted  in  the  figure.  (It  has  been 
assumed  that  b  is  approximately  0.5  nm  to  properly  scale  the  size  of  the  contact.)  The  function 
xm{a)  reaches  its  maximum  at  (a,  x)  for  each  77.  The  locus  of  the  points  (a  ,  t)  is  represented 
by  the  line  ft  in  the  figure.  The  instability  stress  ^(a),  which  is  77-independent,  is  shown  by  the 
curve  ft.  The  lines  ft  and  ft  meet  at  the  point  (ac,  fc).  Both  lines  depend  on  the  Peierls  stress 
level  tp.  In  Figure  2  the  lines  correspond  to  a  value  of  xP  equal  to  the  SFA-friction  stress  for 
mica/mica  (i.e.  aP  =  <^=1286,  Table  I).  If  the  Peierls  stress  level  is  varied,  the  point  ( a  c ,  tc)  will 
move  along  a  trajectory  ft ,  as  shown  in  Figure  3. 


a  in  meters  (  b  =  0.5  nm  ) 


1  10  102  103  104  105  106  10? 


a  /  b 

Figure  2:  Family  of  dislocation  nucleation  lines  nx  for  different  values  of  77:  portions  of  SDA  slip 
(solid  lines)  and  partial  slip  (dashed  lines).  The  ft  and  /1  lines  delineate  the  SDA-slip  region.  (r0  = 
bl 4,  0.2,  ctP  =  1286) 

The  line  ft  represents  the  boundary  of  the  region,  on  the  t-a  plane,  in  which  the  third 
condition  of  the  nucleation  criterion  is  satisfied.  The  condition  demands  that  the  maximum 
allowed  value  of  77  is  that  corresponding  to  the  critical  point  (a  c,  x  c).  In  the  example  of  Figure2, 
rj(a*c,  t*c)~ 299  b.  Also,  if  the  contact  size  a  <  ac,  77  must  be  smaller  than  rj(a  ,  r).  For  a  given 
value  of  77  and  r0,  the  contact  size  a  is  the  minimum  size  at  which  a  dislocation  can  be  nucleated. 

The  instability  line  i\  represents  the  level  of  stress  above  which  the  instability  criterion  is 
satisfied.  For  each  level  of  rP,  the  instability  line  is  bounded  to  the  left  by  the  l2  line,  as  shown  in 
Figure  3.  A  nucleated  dislocation  in  a  contact  of  radius  a  always  collapses  if  a  <a<a  c,  or  when 
T(i|)  (a)  <  tm  ( a )  for  a*c  <  a.  Once  the  nucleation  line  n  1  intersects  with  the  instability  line  zi,  a 
nucleated  dislocation  will  stabilize  within  the  contact  region,  resulting  in  partial  slip  of  the 
interface.  The  region  where  slip  is  completed  after  the  nucleation  of  a  single  dislocation  loop 
(SDA-slip  region)  is  delineated,  in  the  x-a  plane,  by  the  lines  l\  and  ft.  The  portions  of  the 


nucleation  lines  in  the  SDA-slip  region  are  plotted  with  solid  lines.  Along  these  lines  z-  zj.  The 
other  portions,  which  correspond  to  partial  slip,  are  plotted  with  dashed  lines. 

The  experimental  AFM  data,  in  Table  I,  are  observed  to  lie  to  the  left  of  lu  outside  of  the 
SDA-slip  region,  where  dislocations  cannot  be  nucleated.  The  model  therefore  predicts  that 
mobile  dislocations  do  not  assist  the  mechanism  of  slip  in  the  reported  AFM  experiments. 
Instead,  the  surfaces  slide  past  each  other  via  a  collective  motion  of  the  atoms  on  each  side 
(concurrent  slip).  This  mechanism  is  similar  to  the  ideal  slip  of  two  atomic  planes  in  a  perfect 
dislocation-free  crystal,  which  requires  a  shear  stress  equal  to  the  theoretical  shear  strength  of  the 
material  zth.  Thus,  the  frictional  stress  of  nano-scale  contacts  should  be  constant  and  of  the  order 
of  magnitude  of  r,/,.  Typically  zth  w  (j.  /30  for  a  bulk  material.  This  is  in  good  agreement  with 
most  of  the  experimental  AFM  results  in  Table  I  (with  the  exception  of  the  results  for  the 
interface  between  a  hydrogen-terminated  diamond  (111)  plane  and  a  tungsten  carbide  tip6), 
where  z/&  /Jejf/40.  This  AFM  value  of  zj  could  be  considered  as  an  effective  theoretical  shear 
strength  z  th  of  the  interface.  The  transition  from  concurrent  slip  to  SDA  slip  occurs  along  the 
line  /j.  Our  nucleation  criterion  provides  that  this  transition  is  smooth  because  the  initial  slope  of 
the  nucleation  line  is  zero  (Fig.  2).  In  particular,  the  level  of  the  frictional  shear  stress  measured 
for  the  Pt/mica  interface3  in  the  AFM  connects  smoothly  with  the  SDA-slip  curve  for  77  «1.75  b 
(when  r0  =  bl 4  and  aP = 1 286). 

Beyond  the  point  (a  ,  z ),  the  slope  of  the  SDA-slip  curve  progressively  changes  from  zero 
to  -1/2  due  to  the  self-force  of  the  dislocation,  which  is  very  large  when  the  size  of  the  contact  is 
small.  The  influence  of  the  self-force  on  the  nucleation  condition  becomes  negligible  as  a 
increases.  The  micrometer  scale  regions  of  the  nucleation  curves  in  the  log-log  plot  of  Figure  2 
are  approximately  straight  lines  on  which  zf/fu  oc(alb)’m .  The  slope  can  be  predicted  from  a 
fracture  mechanical  model  in  which  the  dislocation  is  nucleated  when  the  stress  intensity  factor 
reaches  a  critical  value,  K  =  Kc.  In  the  example  of  Fig.  2,  Kc  =  0.0686  //  (2 nb)m. 

There  are  three  micro-mechanical  parameters  in  the  SDA-slip  model,  namely  7 7,  zP  and  rQ. 
The  parameter  77  is  associated  with  a  micro-structural  length  representative  of  the  extent  of  the 
nucleation  process  zone  at  the  contact  edge.  A  cohesive  zone  model  of  a  contact11  provides  an 
estimate  of  the  process  zone  size,  T}ccb(z  th  //r)'!  for  77 «  a .  Our  model  predicts  that,  along  the 
1 1  line,  77 «  0.051  b  (r//z)  0  934  for  zp=  0  and  rQ  =  blA,  in  good  agreement  with  the  cohesive  zone 
model.  A  small  value  of  77  typifies  contact  of  strong  adhesion  (large  zth)  between  compliant  (low 
fj)  asperities.  Conversely,  contact  of  weak  adhesion  between  stiff  particles  is  characterized  by  a 
large  rj.  Some  estimates  of  77  are  given  in  the  last  column  of  Table  I  for  different  interfaces, 
assuming  that  z  th  =-^(AFM)  »  zP.  It  is  observed  that  for  typical  adhesive  contacts  77  is  of  the 
order  of  the  Burgers  vector  b.  The  hydrogen-terminated  diamond  (111)/  tungsten  carbide6  single 
asperity  contact,  however,  is  a  clear  example  of  very  large  value  of  77  («50 b).  Diamond  and 
tungsten  carbide  are  very  stiff  materials.  In  addition,  the  adhesive  forces  at  the  interface  are  small 
due  to  the  hydrogen  passivation  of  the  diamond  surface.  This  is  the  reason  why  zfl^fns  so  small 
for  this  contact. 

The  influence  of  the  Peierls  stress  zP  in  the  SDA-slip  model  is  illustrated  in  Figure  3.  The 
main  effect  of  zP  is  on  the  i\  line  delimiting  the  SDA-slip  region,  which  is  displaced  upwards  as 
zP  increases.  Similarly,  the  critical  point  (ac,  zc) ,  intersection  of /j  and  iu  moves  upwards  along 
the  I2  line.  The  extent  of  the  region  of  SDA  slip  therefore  decreases  as  zP  increases. 

The  cut-off  radius  r0  represents  the  configurational  line  tension  of  a  dislocation.  Influence  of 
this  parameter  on  the  driving  force  arises  only  when  the  dislocation  is  curved.  It  mainly  affects 
the  SDA-slip  curve  when  the  contact  area  is  small.  As  r0  is  increased,  the  strength  of  line  tension 
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decreases.  Consequently  the  self-force  becomes  weaker  for  larger  rQ,  which  results  in  the 
increase  of  t  and  decrease  of  a  for  the  nucleation  curves. 


Figure  3:  Effect  of  Peierls  stress  rP  =  pi!aP 
on  SDA-slip  region.  As  tP  increases,  the 
instability  ix  line  is  displaced  upwards  and 
so  is  the  SDA-slip  region.  The  critical 
point  {a\,  tc )  moves  along  the  l2  line. 
(r<rblA) 


a  in  meters  (  b  -  0.5  nm  ) 
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In  the  region  of  partial  slip  a  nucleated  dislocation  will  stabilize  within  the  contact  zone. 
Destabilization  of  the  dislocation  demands  further  increase  in  the  applied  load.  For  sufficiently 
large  contact  sizes  a,  the  stress  rm  (a)  required  to  nucleate  a  dislocation  can  be  much  smaller 
than  that  required  to  destabilize  the  dislocation,  rm  (a).  In  the  process  of  increasing  the  stress 
over  r(m),  the  conditions  for  nucleation  of  a  second,  third,  or  greater  numbers  of  dislocations  may 
be  satisfied  before  the  first  dislocation  is  destabilized.  This  leads  to  the  formation  of  dislocation 
pileups  and  results  in  a  second  transition  in  the  slip  mechanism:  from  SDA  slip  to  MDC  slip. 

MULTIPLE  DISLOCATION  COOPERATED  (MDC)  SLIP 

Let’s  assume  that  a  pileup  of  N-\  circular  dislocation  loops  exists  in  the  contact  region.  The 
condition  for  the  nucleation  of  a  new  dislocation,  the  N-th  dislocation,  is  formulated  as  a  simple 
modification  of  the  nucleation  criterion  in  the  previous  section:  The  N-th  dislocation  is  nucleated 
spontaneously  if  the  N  equilibrium  equations  (3)  are  simultaneously  satisfied  when  the  new 
dislocation  is  placed  at  a  micro-structural  distance  77  from  the  periphery  of  the  contact.  The 
equilibrium  equations  (3)  and  the  condition  Rn  =  a- tj  provide  a  system  of  N+l  equations  for  the 
N+  2  variables  RN  ;  a;  T),  for  fixed  r0,  77  and  rP.  The  solution  to  the  system  of  equations 

yields,  as  a  function  of  a,  the  equilibrium  positions  of  the  dislocations  Rk  and  the  nucleation 
stress  r{nN)  required  to  nucleate  the  N-th  dislocation  of  the  pileup,  (r=  T/mt1).  These  equations 
provide  a  family  of  nucleation  lines  nN  on  which  r=x{m  (a),  as  shown  in  Figure  4(a). 

Complete  slip  instability  of  the  interface  is  achieved  only  if  the  first  dislocation  (R  =  R\)  of 
the  pileup  collapses,  Figure  1(b).  The  stress  level  required  for  the  destabilization  of  the  first 
dislocation  can  be  obtained,  as  a  function  of  a,  by  solving  the  equilibrium  equations  (3)  with  the 
condition  (SGj ! dRx)  =  0  .  These  equations  provide  a  family  of  instability  lines  iN  on  which  r= 
rm  (a),  also  shown  in  Figure  4(a). 

The  condition  for  MDC  slip  with  N  dislocations  is  a)  that  a  pileup  of  N  dislocations  is 
nucleated  and  b)  that  the  first  dislocation  collapses.  Friction  with  N  dislocations  requires  the 
stress  level  tn  =  max{r(wW)  r(fW)}.  In  a  monotonically  loaded  contact  the  slip  instability  will  occur 
when  the  minimum  value  of  ry  is  reached,  thus  tj  -  min^v  ,  (N=l,2,...).  The  MDC  condition  is 
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illustrated  in  Fig.  4(a).  Consider  two  example  cases  of  contact  sizes  {alb) \  and  (alb)2  as  depicted 
in  Fig.  4(a).  At  point  A  on  the  loading  path  of  the  contact  of  size  {alb) i,  the  nucleation  condition 
for  N- 1  dislocations  is  satisfied.  Since  the  stress  level  at  A  is  lower  than  that  corresponding  to  the 
instability  line  zV-i,  the  pileup  of  N- 1  dislocations  is  stable.  At  point  B  one  more  dislocation  is 
nucleated,  thus  N  dislocations  in  the  pileup.  However,  since  B  is  above  the  iN  line,  the  nucleation 
of  the  /V-th  dislocation  is  automatically  followed  by  the  destabilization  of  the  first  dislocation  of 
the  pileup  which,  in  turn,  causes  complete  slip  of  the  interface.  For  the  contact  of  size  {alb)2  we 
find  the  following.  At  point  A '  the  situation  is  similar  to  A.  At  B\  all  N  dislocations  in  the  pileup 
are  stable  because  the  stress  level  is  lower  than  rm.  When  point  C  is  reached,  t=t0N),  the  first 
dislocation  is  destabilized  and,  therefore,  it  collapses.  Note  that  MDC  slip  is  cooperated  by  N 
dislocations  in  both  situations,  B  and  C\  However,  while  in  B  slip  is  triggered  by  the  nucleation 
of  a  new  dislocation,  in  C  it  is  controlled  by  the  instability  condition  for  the  first  dislocation. 
This  results  in  the  serrated  (zigzagged)  profile  of  the  MDC-slip  curve  shown  in  Fig.  4(a),  which 
alternates  between  nucleation  and  instability  lines. 


Figure  4:  Instability  iN  and  nucleation  nN  curves,  (a)  Slip  instability  for  two  contacts  of  sizes  (a/6), 
and  (a/6)2  occurs  at  point  B  and  C"  respectively.  The  curve  of  MDC  slip  has  a  serrated  profile 
(solid  line),  (b)  Numerical  results  for  pileups  with  up  to  10  dislocations.  (77  =1.75  6,  rn=  6/4,  v= 

0.2  and  aP  =  1286). 

Figure  4(b)  shows  the  first  ten  nucleation  and  instability  lines  obtained  numerically  for  the 
case  when  77=  1.75  b,  r0  =  6/4,  v=  0.2  and  aP  =  1286.  (The  n\  and  /j  lines  in  this  figure  are  the  same 
as  those  shown  in  Figure  2.)  The  instability  lines  are  more  spread  out  than  the  nucleation  lines. 
This  means  that  slip  instability  along  the  serrated  MDC-slip  curve  is,  in  most  cases,  triggered  by 
the  dislocation  nucleation  condition.  As  the  number  of  dislocations  in  the  pileup  increases,  the 
slope  of  the  nucleation  lines  also  increases  from  the  initial  value  of  -1/2  for  nx.  It  will  be  shown 
below  that  the  slope  reaches  an  asymptotic  value  of  0  for  an  infinite  number  of  dislocations, 
which  corresponds  to  a  value  of  the  friction  stress  equal  to  the  Peierls  stress  of  the  interface. 

The  angular-averaged  shear  traction  z{r)  on  the  contact  plane,  for  a  pileup  of  N=  10 
dislocations,  is  plotted  in  Figure  5  with  solid  lines.  Near  the  dislocations  the  stress  is  singular. 
However,  at  the  dislocation  positions  z{Rk)  =  tp,  {k  =  1,...,N),  because  all  dislocations  are  in 
equilibrium  with  the  Peierls  stress,  as  indicated  by  the  open  circles  in  the  figure.  The  dashed  lines 
in  the  figure  represent  the  shear  stress  between  every  other  dislocation  when  the  middle 
dislocation  is  removed.  On  these  lines,  the  solid  circles  correspond  to  the  environmental  stress 
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level  at  each  dislocation  position.  The  environmental  stress  is  the  stress  that  the  dislocation 
experiences  due  to  the  applied  stress  field  and  the  field  of  all  other  dislocations.  The  difference 
between  the  Peierls  stress  and  the  environmental  stress  (open  and  solid  circles  respectively)  at 
each  dislocation  position,  corresponds  to  the  sum  of  the  self  and  image  forces  of  the  dislocation 
in  consideration.  There  are  two  dislocation-free  zones  within  the  contact  interface:  an  inner  zone 
within  the  first  dislocation  loop  (0<r<R{),  and  an  outer  zone  between  the  last  stabilized 
dislocation  and  the  contact  edge  (RN  <  r  <  a).  The  inner  zone  is  related  to  the  area  swept  by  a 
destabilized  dislocation,  whereas  the  outer  zone  represents  the  area  swept  by  a  nucleated 
dislocation  until  it  stabilizes.  As  N  increases,  the  environmental  stress  becomes  nearly  uniform 
everywhere  in  the  contact  region  except  for  the  outer  dislocation-free  zone,  where  the  stress  field 
is  always  characterized  by  the  square-root  singularity,  \l(a-r)m  ,  at  the  contact  edge.  It  is  this 
singular  field  that  controls  the  dislocation  nucleation  process. 


Figure  5:  Shear  traction  r  (r)  on  the 
contact  plane  for  a  pileup  of  JV=T0 
dislocations  (solid  lines).  The  shear 
traction  is  singular  near  the  dislocations, 
and  it  is  equal  to  tp  at  the  dislocation 
positions  (shown  with  open  circles).  The 
solid  circles  represent  the  environmental 
stress  level  at  each  dislocation  position. 

(N  =  10,  alb  =  47000,  average  shear 
stress  r//i=  9.83X10*4,  v  =  0.2  and  aP  = 
1286) 


Asymptotic  solution 

In  the  limit  when  jV-*oo,  discrete  dislocation  loops  in  the  contact  region  can  be  approximated 
by  a  continuous  distribution  of  smeared  out  dislocations.  In  that  case  the  shear  traction  on  the 
interface  should  be  uniform  and  equal  to  rP,  because  all  dislocation  must  be  in  equilibrium  with 
the  Peierls  force.  Thus  tj  ->tp  when  N-> <x>.  In  the  asymptotic  problem,  with  a  continuous 
distribution  of  dislocations,  the  shear  stress  and  displacement  jump  on  the  interface  are  given 
as8’"’12 


T/p 


r {r)  =  TP\  and  [tq(r)]=-^^{#/2-E(r/a)},  r<a(v  =  0)  (4) 

TtfJ. 

where  E  represents  the  elliptic  integral  of  the  second  kind. 

The  asymptotic  equation  for  the  displacement  jump  provides  an  estimate  of  the  number  of 
dislocations  in  the  contact  region,  which  is  found  to  be  proportional  to  the  contact  size: 

(5) 

b  naP 
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The  number  N  »  280  for  an  example  of  a  contact  of  radius  (a/b)=l06  and  aP  =1286.  This  is  a 
prohibitively  large  number  if  a  numerical  solution  of  the  problem  is  attempted.  Considering  that 
there  are  computational  limitations  in  the  number  of  dislocation  that  can  be  handled  numerically, 
we  have  proposed9  an  approximate  solution  of  the  problem  based  on  the  following  asymptotic 
expansion  of  the  shear  traction  in  the  contact  plane  (for  large  N) 

Here  a,  C2  and  C3  are  fitting  constants;  Kc  is  the  critical  stress  intensity  factor  for  the 
nucleation  of  a  dislocation;  Kc  —  0.0686  ju  Qnbf11  in  our  calculations;  and  A  is  the  extent  of  the 
outer  dislocation-free  zone,  i.e.  A  =  a-RN  ,  which  is  shown  as  a  function  of  a  in  Figure  6(a).  The 
first  term  in  (6)  accounts  for  the  singular  stress  field  that  controls  the  nucleation  process  in  the 
outer  dislocation-free  zone;  it  decays  exponentially.  Other  terms  in  (6)  correspond  to  the  first 
order  asymptotic  expansion  of  the  non-singular  component  of  the  shear  traction.  For  a  contact  of 
infinite  size  eq.  (6)  gives  t(r)  =  tp,  in  agreement  with  the  asymptotic  solution  (4).  Equation  (6)  is 
compared  with  the  environmental  traction  (Fig.  5)  in  Figure  6(b),  showing  good  agreement. 


z/fl 


Figure  6:  (a)  Extent  of  the  dislocation  free  zone8,  (b)  Comparison  of  environmental  shear  traction 
of  Fig.  5  and  r(r)  in  equation  (6),  with  a  =  0.368,  C2=  -  5.5,  C3=  5.25. 

The  friction  stress  is  given  as  the  average  stress  on  the  interface,  i.e. 

^=^-fo2’rrr(r)dr  (7) 

The  friction  stress  calculated  from  (6)  and  (7)  is  shown  in  Figure  7(a),  with  open  circles.  The 
serrated  MDC-slip  curve  for  the  first  ten  dislocations,  Fig.  4(b),  is  also  plotted  in  Figure  7(a). 
The  approximate  solution  matches  well  the  exact  (serrated)  curve  even  for  relatively  small 
number  of  dislocations.  In  our  calculations,  the  value  of  the  Peierls  stress  was  set  equal  to  the 
friction  stress  measured  experimentally  for  the  mica/mica  interface  in  the  SFA  (also  plotted  in 
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the  figure).  Thus,  the  MDC-slip  curve  gradually  approaches  the  experimental  SFA  value,  as 
expected.  Furthermore,  in  the  range  of  contact  sizes  of  the  SFA  the  friction  stress  predicted  by 
the  model  is  within  10%  of  the  experimental  value.  Finally,  the  combined  SDA  and  MDC-slip 
curve  is  shown  in  Figure  7(b)  for  a  large  range  of  contact  sizes,  from  106  to  10  b. 

a  in  meters  (6  =  0.5  nm) 

10-9  IQ*8  10-7  IQ-6  IQ-5  10-4  io-3 


Figure  7:  (a)  Approximate  solution  for  large  number  of  dislocations  N  based  on  an  asymptotic 
expansion  of  the  shear  tractions,  (b)  Friction  stress  predicted  by  the  model  and  transitions  in  the 
slip  mechanism  (77  =1.75  b,  r0  =  b!4,  v=  0.2  and  «/>  =  1286). 


CONCLUSIONS 

The  micro-mechanical  dislocation  model  of  frictional  slip  establishes  the  friction  stress  t/  as 
a  varying  function  of  contact  size  a,  as  illustrated  in  Figure  7(b).  The  model  predicts  that  the 
mechanism  of  slip  is  also  size  dependent.  It  is  characterized  by  two  transitions.  The  first 
transition,  from  concurrent  slip  to  SDA  slip,  accords  to  the  minimum  contact  size  (typically 
about  10  nm)  for  the  nucleation  of  a  single  dislocation  loop.  The  second  transition,  from  SDA 
slip  to  MDC  slip,  corresponds  to  the  contact  size  (typically  about  10  pm)  at  which  a  nucleated 
dislocation  is  stabilized  within  the  contact  region.  The  nanometer-scale  friction  stress  measured 
in  the  AFM  —  independent  of  normal  loading  and  contact-zone  size  —  is  believed  to  be  the 
stress  required  for  concurrent  slip;  it  can  be  considered  as  the  effective  shear  strength  of  the 
interface.  On  the  other  hand,  the  friction  stress  measured  in  the  SFA  seems  to  correspond  to  the 
effective  Peierls  stress  of  the  interface.  It  is  reached  asymptotically  through  the  mechanism  of 
MDC  slip,  Figure  7(a).  A  remarkable  result  is  that  the  mechanism  of  SDA  slip  prevails  for  a 
wide  range  of  contact  sizes,  typically  from  10  nm  to  10  pm,  as  shown  in  Figure  7(b). 

In  the  analysis,  the  size  dependence  of  the  friction  stress  arises  exclusively  from  mechanical 
considerations  of  the  behavior  of  mobile  dislocations  that  cause  long-range-stress-field 
interactions.  Other  possible  contributions,  such  as  chemical  or  electro-magnetic  effects,  have  not 
been  accounted  for.  We  emphasize  that  experimental  measurements  for  the  whole  range  of 
contact  sizes  are  needed  in  order  to  assess  the  model  and  properly  understand  the  mechanisms  of 
friction  at  different  scales. 
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APPENDIX 


The  expressions  for  the  components  of  the  configurational  force  are8 


t*2(2-v)  f,  «A,rJ  (l-2v) 
8^(1  -v)Rk 


G£  = 


jub\2-v)  \ 


4(l-v)(2  -y) 


In 


2^(1 -v)  [a  2{a2  -Rl)  4 Rk  [a  +  Rk) 


a-Rt 


^int_  jjb2(2-v)\F(Rk,R1) 


g;  = 


2/r(l  -  v) 
~Tb 


2Rl 


fl-R 


j  |  Cr 

a  Ja  (r'2-R1 


,  F(r\R,)dr' 
(r  -R£)  l) 


2 na^a2  -  R 


(A.l) 

(A.2) 

(A.3) 

(A.4) 


^  =  F^R)dr- =  (A.5) 

In  these  equations  K(k)  and  E(^)  are  elliptic  integrals  of  the  first  and  second  kind 
respectively,  and  k  =  2-JrR  !{r  +  R) . 
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ABSTRACT 

The  contact  between  an  atomic  force  microscope  tip  and  a  sample  surface  can  form  an  ideal 
single  asperity  of  nanometer  dimensions,  where  the  interaction  forces  can  be  measured  with  sub- 
nanoNewton  force  resolution.  Studies  of  contact,  adhesion  and  friction  for  these  nano-asperities 
have  been  carried  out  for  a  variety  of  tips  and  single  crystal  sample  surfaces.  The  major  result  is 
the  observation  of  proportionality  between  friction  and  true  contact  area  for  a  variety  of 
systems,  and  an  impressive  agreement  with  continuum  mechanics  models  for  contact  area  even  at 
the  nanometer  scale.  The  relevant  continuum  models  can  in  fact  be  understood  in  the  framework 
of  fracture  mechanics. 

INTRODUCTION 

As  devices  shrink  in  size,  the  increased  surface-to-volume  ratio  of  the  component  materials 
ensures  that  interfacial  forces  such  as  friction  and  adhesion  can  play  dominant  roles.  This  fact  is 
painfully  appreciated  by  the  designers  of  microelectromechanical  systems  (MEMS)  who  often 
observe  catastrophic  failure  of  MEMS  devices  due  to  adhesion,  friction  and  resultant  wear. 
Understanding  these  interfacial  forces  should  allow  such  problems  to  be  remedied,  and 
furthermore,  the  relative  strength  of  these  forces  could  potentially  be  exploited  for  specific  micro- 
and  nano-scale  device  applications. 

There  is  currently  no  fundamental  theory  that  explains  or  predicts  friction  in  general.  At  the 
macroscopic  level,  it  is  almost  universally  observed  that  the  friction  force  ( Fj)  is  linearly 

proportional  to  the  normal  force  or  load  (Z): 

Ff=n-L  (1) 

which  defines  the  friction  coefficient  pt.  Eq.  (1)  is  often  referred  to  as  Amonton’s  Law. 
Macroscopic  studies  are  generally  hindered  by  the  inevitable  roughness  of  typical  surfaces  (fig. 
1).  A  complex  multitude  of  contact  points  at  the  interface  ensures  that  the  true  contact  area  is 
much  smaller  than  the  apparent  contact  area,  and  is  nearly  impossible  to  determine.  Other 
factors,  such  as  wear,  third-bodies  and  tribochemistry  further  complicate  the  matter. 

The  atomic  force  microscope  (AFM)  is  an  ideal  tool  with  which  to  study  contact  and  friction 
in  a  fundamental  way[l].  A  tip,  with  typically  10-100  nm  radius  of  curvature,  is  attached  to  a 
compliant  cantilever  spring.  At  low  applied  loads,  the  tip  can  form  a  nanometer-scale  single 
contact  point  (an  “asperity”)  with  a  variety  of  sample  surfaces,  thus  providing  a  well-defined 
interface  (fig.  1).  The  cantilever  deflections  are  recorded  using,  most  commonly,  a  reflected 
optical  beam.  These  deflections  are  converted  to  forces  by  using  Hooke’s  Law.  In  principle,  the 
normal  and  lateral  forces  can  be  measured  with  sub-nanoNewton  precision,  with  sub- Angstrom 
displacement  precision.  This  tip  is  rastered  over  the  surface  using  piezoelectric  scanning  tubes.  In 
practice,  numerous  issues  such  as  cantilever  calibration,  non-linear  piezoelectric  scanning 
components,  thermal  drift,  and  coupling  of  bending  modes  put  limits  on  the  accuracy  of  these 
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Fig.  1.  The  typical  surface  roughness  c 
macroscopic  interfaces  ensures  a  complex  multitude 
of  contact  points  (asperities).  A  scanning  probi 
instrument  provides  a  well-defined  single  asperity 
contact  (the  tip)  where  interaction  forces  can  b! 
precisely  measured  with  nanometer/atom  i< 
resolution.  At  this  scale,  macroscopic  physical  law! 
no  longer  apply.  For  example,  the  friction  force  (Fj 
is  no  longer  linearly  proportional  to  the  appliec 
load  (L). 


geometrically  determined  lateral  force. 


measurements.  These  issues  have  been  discussed 
previously  [2]  and  will  only  be  briefly  mentioned 
in  this  paper. 

EXPERIMENT 

The  atomic  force  microscope  used  in  these 
experiments  is  described  elsewhere[3].  It 
operates  in  ultrahigh  vacuum  (UHV)  to  ensure 
surface  cleanliness.  Chamber  pressures  were  in 
the  10'10  Torr  regime  or  better.  Experiments  were 
performed  at  room  temperature.  Microfabricated 
cantilevers  from  commercial  vendors  were  used. 
Scanning  electron  microscopy  measurements  of 
cantilever  dimensions  were  combined  with 
continuum  elasticity  theory  calculations  to 
estimate  the  normal  force  spring  constants. 
Lateral  forces  were  calibrated  with  respect  to  the 
normal  forces  using  the  “wedge  calibration 
technique”[2].  Briefly,  the  relative  lateral-to- 
normal  force  sensitivity  ratio  is  experimentally 
determined  by  observing  the  cantilever’s  bending 
response  on  a  tilted  surface,  i.e.  by  imposing  a 


The  tip  geometry  was  experimentally  determined  using  “inverse  imaging”.  By  scanning  the 
tip  in  contact  with  a  much  sharper  feature  on  the  sample,  the  tip’s  profile  can  be  determined. 
This  is  accomplished  by  scanning  the  tip  over  the  atomically-sharp  facets  of  a  SrTiO3(305) 
faceted  surface[4,5],  providing  a  tip  cross-section.  Unless  otherwise  noted,  the  tip  was 
determined  to  be  paraboloidal.  The  influence  of  tip  geometry  is  discussed  in  the  next  section. 

A  variety  of  interfaces  were  examined  with  this  apparatus: 

(1)  A  platinum-coated  tip  and  a  muscovite  mica(0001)  sample[4,6].  The  100  nm  Pt  coating 
was  deposited  by  sputtering  onto  a  plasma-cleaned  silicon  nitride  cantilever.  Continuity  of  the  Pt 
coating  was  determined  by  measuring  substantial  contact  conductance  between  the  tip  and  a 
conducting  sample.  Muscovite  mica  was  cleaved  inside  the  vacuum  chamber  just  prior  to  the 
experiment,  producing  large  step-free  regions  for  measurement. 

(2)  A  silicon  nitride  tip  and  a  muscovite  mica(0001)  sample.  The  tip  and  cantilever  are 
fabricated  from  low-stress  LPCVD  silicon  nitride  which  is  non-stoichiometric.  These  SiNx 
cantilevers  were  used  as-received  from  the  vendor  (Park  Scientific  Instruments,  Sunnyvale  CA). 
Scanning  Auger  electron  spectroscopy  measurements  indicate  that  the  surface  terminates  in  a 
layer  with  appreciable  oxygen  content  along  with  Si  and  N. 


(3)  A  tungsten-carbide  (WC)  tip  and  a  hydrogen-terminated  diamond(lll)  single-crystal 
sample[7].  The  cantilever  was  fabricated  from  Si  and  coated  with  ~20nm  of  WC  (NT-MDT, 
Moscow,  Russia).  Auger  depth  profiles  indicated  that  the  WC  coating  also  contains  oxygen.  The 
sample  was  a  type  II  B  diamond(l  11)  single  ciystal  (boron  doped),  saturated  with  hydrogen  in  a 
plasma.  Vacuum  annealing  was  used  to  clean  the  sample,  as  described  in  detail  elsewhere[8]. 
Topographic  AFM  imaging  revealed  that  the  diamond  sample  consists  of  flat  islands  -150-250  A 
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Fig.  2.  (a)  7.5  x  7.5  nm2  lateral  force  image  of  the  mica(OOOl)  surface.  The  fast  scan  direction  is  from  left  to 
right.  The  black  dots  represent  the  repeat  units  of  the  mica  lattice,  whose  periodicity  coincides  with  the  lateral 
forces,  (b)  Line  trace  of  the  section  indicated  in  (a).  The  lateral  force  exhibits  “stick-slip”  behavior,  where  the 
lateral  force  builds  up  to  some  well-defined  maximum  value,  and  then  quickly  relaxes  (first  arrow).  During  the 
relaxation,  the  tip  slips  by  one  unit  cell.  This  behavior  repeats  itself  with  the  lattice  periodicity. 

in  diameter.  A  very  sharp  (lxl)  LEED  pattern  was  observed,  indicating  that  the  islands  consist 
of  ordered  diamond,  which  was  also  verified  by  previous  AFM  lattice-resolved  imaging[8].  All 
measurements  were  performed  on  these  atomically  flat  islands.  The  hydrogen  termination 
produces  an  unreconstructed,  passivated  (non-reactive)  surface. 

RESULTS 

Atomic-Scale  Stick-Slip 

Frequently,  when  an  AFM  tip  is  placed  in  contact  with  a  crystalline  sample  and  scanned 
across  it  to  generate  a  force  map,  atomic-scale  periodicity  is  observed  (fig.  2a)[9].  Lateral  and 
normal  forces  are  observed  to  vary  with  the  periodicity  of  the  sample’s  lattice.  This  behavior  has 
been  observed  for  a  wide  variety  of  tips  and  samples,  and  a  wide  range  of  experimental  conditions 
(liquid,  ambient,  controlled  atmosphere,  vacuum)[l].  When  examined  in  detail  (fig  2b),  this 
behavior  is  seen  to  result  from  discontinuous  motion  of  the  tip  along  the  surface.  As  the  lever  is 
continuously  rastered  across  the  sample,  the  tip  traces  out  the  sample’s  lattice  through  a  regular 
series  of  stick-slip  events.  Theories  to  explain  this  phenomena  are  under  development  and  are  not 
the  focus  of  this  paper.  We  point  out  that,  as  seen  in  fig.  2b,  there  is  a  reproducible  critical  lateral 
force  at  which  the  slip  occurs.  We  are  interested  in  understanding  what  physical  parameters 
determine  this  atomic-scale  static  friction  force,  Ff.  To  do  this,  we  measure  the  average  value  of 
this  friction  force  at  a  given  load,  change  the  load  slightly,  then  measure  the  friction  again,  and  so 
on.  Typically  we  measure  half  of  the  difference  between  the  average  friction  force  obtained 
scanning  left-to-right  and  right-to-left,  which  greatly  reduces  signal  offsets  due  to  coupling  of 
bending  modes  and  optical  misalignment.  Atomic-scale  stick-slip  was  observed  for  both  the 
Pt/mica  and  SiNx/mica  experiments.  It  was  not  observed  for  the  WC/diamond  experiment,  but 
this  may  have  been  due  to  the  low  friction  forces  for  this  interface,  thus  leaving  the  stick-slip 
variation  within  the  noise  of  the  measurement. 
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Pt/Mica  Interface:  Friction  vs.  Load 

Fig.  3  shows  the  variation  of  friction 
(circles)  with  load  for  the  Pt/mica  interface, 
measured  with  decreasing  load.  Friction  is 
clearly  a  non-linear  function  of  load,  in 
contradiction  with  the  macroscopic  law  of 
Amonton  [eq.  (1)].  A  substantial  negative  load 
(called  the  pull-off  force )  must  be  applied  to 
separate  the  tip  and  sample,  at  which  point 
finite  friction  persists.  This  is  an  example  of 
the  significant  role  that  interfacial  forces  play  in 
small-scale  contacts.  In  fig.  3,  the  friction  data 
is  well  fit  by  the  Johnson-Kendall-Roberts 
(JKR)  [10]  model  (solid  line)  for  the  contact 
area  between  adhesive  elastic  spheres,  which  is 
equivalent  to  the  contact  geometry  between  a 
paraboloidal  tip  and  a  flat  plane. 

The  JKR  model  essentially  balances  the 
elastic  strain  energy  with  the  adhesive  interfacial  energy  to  determine  the  contact  area.  This  model 
can  be  derived  using  fracture  mechanics  concepts[  11,12].  The  contact  is  viewed  as  an  external 
circular  crack  in  an  otherwise  infinite  medium.  The  contact  edge  represents  the  crack  front. 
Loading  and  unloading  the  contact  is  viewed  as  propagating  this  crack  (advancing  or  receding)  in 
mode  I  (normal  separation).  Griffith’s  concept  of  brittle  fracture  is  used  to  balance  strain  energy 
and  interfacial  energy  to  solve  for  the  contact  area  as  a  function  of  load,  as  summarized 
elsewhere [1 1].  The  end  result  is  a  fairly  simple,  analytic  equation: 

/  \2/3y-  i— - \2/3 

A  "  \AE?)  lL  +  37V}R  +  +  (37rfi?  )  (2) 

where  A  is  the  contact  area,  R  is  the  tip  radius,  y  is  the  interfacial  energy  per  unit  area  (also 
known  as  the  work  of  adhesion),  is  the  reduced  Young’s  modulus  of  the  tip  and  sample 
materials,  given  by 


Fig.  3.  Friction  (circles)  vs.  externally  applied  load 
for  a  Pt-coated  tip  in  contact  with  mica  in  UFtV.  The 
tip  is  initially  loaded  to  —210  nN,  then  friction  is 
measured  as  the  load  is  decreased.  At  —140  nN,  the 
tip  pulls  out  of  contact  with  the  sample.  The  solid 
line  is  the  JKR  prediction  for  the  contact  area  vs. 
load,  scaled  to  fit  die  friction  data. 
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where  E2,  E2  are  the  Young's  moduli  of  the  tip  and  sample  respectively,  and  Vj,  V2  the  respective 
Poisson’s  ratios.  The  JKR  relation  requires  that  the  tip  is  paraboloidal.  Inverse  imaging,  described 
above,  verifies  that  the  tip  is  paraboloidal  with  a  curvature  radius  of  ~  1 40  nm. 


Since  the  JKR  contact  area  varies  with  load  in  almost  exact  proportion  to  the  measured 
friction,  we  postulate  that 


Ff  =  r-A  (4) 

where  r  is  the  interfacial  shear  strength.  Eq.  (4)  thus  represents  the  essential  relation  governing 
friction  for  an  elastic  single  asperity. 

We  further  tested  the  validity  of  the  JKR  approach  by  deliberately  altering  the  tip  shape 
through  application  of  an  extremely  high  load  while  sliding.  A  blunt,  flat  tip  was  produced  in  this 
fashion,  as  verified  by  inverse  imaging.  The  JKR  prediction  for  contact  area  will  obviously 
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Table  1 


interface 

y 

(mJ/m2) 

T 

(MPa) 

contact  radius 
@  L= 0  (nm) 

Pt/mica 

404 

910 

13.7 

SiNx/mica 

24 

52 

8.4 

WC/Diamond 

10 

238 

1.1 

depend  upon  the  tip  geometry.  We  confirmed  that  the  observed  friction-load  data  was  well  fit  by 
a  modified  JKR  model  derived  using  an  appropriately  flat  tip  profile [4]. 

By  using  bulk  values  for  the  elastic  constants  ( Emica  =  56.5  GPa,  Vmica  ~  0.098  [13],  Ept  — 
177  GPa,  vpt  =  0.39[14]),  we  can  solve  for  the  contact  radius  at  zero  load,  listed  in  Table  1.  We 
see  that  indeed  the  contact  is  of  nanometer  dimensions.  Smaller  contacts  can  be  formed  with 
smaller  tips  and  less  strongly  adhering  materials.  The  JKR  analysis  also  allows  us  to  determine 
both  the  interfacial  energy  (f)  and  the  shear  strength  (t)  for  this  interface  (Table  1).  The  values 
quoted  are  for  the  maximum  shear  strength  and  adhesion  energy  observed  for  this  system,  a 
gradual  decrease  of  both  of  these  ensued  due  to  contact-induced  changes  in  the  tip  chemistry,  as 
described  elsewhere  [6].  The  adhesion  energy  (derived  from  the  pull-off  force)  is  relatively  strong, 
surpassing  the  van  der  Waals’  energy  by  an  order  of  magnitude.  Likewise,  the  shear  strength  is 
extremely  large.  The  theoretical  prediction  for  the  shear  strength  of  a  crystalline  material  in  the 
absence  of  dislocations  is  given  by  ~G/30[15]  where  G  is  the  shear  modulus.  We  can  define  an 
“effective”  interfacial  shear  modulus  Geff  =  2GmicaGPt/(Gmica  +  GPt)  ~  22.3  GPa.  This  gives, 
for  Pt/mica,  z  =  Gejf/25.  The  shear  strength  of  this  system  is  thus  comparable  to  the  ideal 
material  shear  strength[  16,17]. 

This  surprising  result  remains  to  be  fully  explained.  Recent  theoretical  modeling  by  Hurtado 
and  Kim[16,17]  using  dislocation  mechanics  suggests  that  below  a  critical  contact  size  (in  the  nm 
range),  strongly  adhered  contacts  should  exhibit  such  ideal  shear  strengths.  The  strong  attractive 
forces  may  create  a  substantial  degree  of  commensurability  of  the  interfacial  atoms,  thus 
producing  an  interface  that  is  resistant  to  shear,  as  in  a  crystalline  material.  At  this  scale, 
according  to  the  theory,  the  contact  is  too  small  to  allow  the  nucleation  of  even  a  single 
dislocation  at  the  contact  edge.  Dislocation  nucleation  is  predicted  to  reduce  the  shear  strength 
substantially  at  larger  scales.  Experiments  that  test  this  model  more  thoroughly  are  desirable. 


Limitations  in  Applying  the  JKR  Theory 

Although  the  JKR  fits  to  the  friction  data  presented  above  are  convincing,  our  approach 
contained  the  implicit  assumption  that  the  shear  strength  z  was  not  dependent  upon  load.  In  fact, 
load-dependent  shear  strengths  have  been  observed,  although  only  at  larger  scales  and  for 
different  materials[  18, 19].  It  would  therefore  be  desirable  to  determine  whether  or  not  the  shear 
strength  varies  with  load. 

Furthermore,  the  JKR  model  is  not  a  unique  prediction  for  the  behavior  of  a  single 
asperity  [20],  The  JKR  model  assumes  that  the  interfacial  attraction  has  zero  spatial  range;  i.e.  the 
system  gains  energy  only  when  the  materials  are  in  direct  contact.  This  approach  is  reasonable 
only  for  relatively  compliant,  strongly  adhering  materials  exhibiting  short-range  attraction.  Finite 
range  forces  have  been  modeled  by  others[21,22],  with  the  extreme  opposite  limit  for  stiff, 
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weakly  adhering  materials  with  long-range  forces  described  by  the  Derjaguin-Miiller-Toporov 
(DMT)  theory [23],  Intermediate  cases  are  treated  by  Maugis[22]  using  a  Dugdale  crack  model. 
Again,  using  a  mode  I  fracture  mechanics  approach,  this  time  with  a  constant  adhesive  stress 
acting  over  a  finite  distance,  Maugis  provides  an  analytic  solution  that  predicts  the  contact  area 
for  the  JKR  and  DMT  limits,  and  for  cases  in  between.  Maugis’  equations  are  relatively 
complicated;  a  simplified  form  of  the  solution  has  been  derived  which  facilitates  fitting  this  model 
to  experimental  data[24].  In  any  event,  for  these  cases,  the  contact  area  varies  with  load  in  a 
significantly  different  fashion  compared  with  the  JKR  solution. 

Finally,  the  JKR  model  assumes  only  normal  loading,  thus  neglecting  any  possible  effect  that 
the  substantial  applied  lateral  force  has  upon  the  contact  area.  Johnson[ll]  has  combined  the 
Dugdale  model  of  Maugis  with  interacting  mode  I,  II  and  III  fracture  mechanics.  This  theory  thus 
includes  the  influence  of  the  lateral  force  upon  the  contact  area,  and  allows  the  interaction  forces 
to  have  a  finite  range.  Using  this  finite  range  mixed-mode  fracture  approach,  Johnson  predicts 
that  the  contact  area  can  be  reduced  appreciably  by  partial  slip  at  the  contact  edge  which  is 
induced  by  the  applied  lateral  force.  According  to  this  model,  the  shape  of  the  area-load  relation 
still  resembles  the  JKR  curve,  but  with  different  (smaller)  absolute  values.  The  model  also 
predicts  that  the  lateral  force  causes  pull-off  to  occur  at  a  smaller  load  compared  to  the  direct 
pull-off  force  (measured  without  sliding).  This  model  can  be  tested  with  AFM  by  comparing  the 
direct  and  sliding  pull-off  forces.  A  statistical  analysis  was  conducted  for  the  Pt/mica  system, 
revealing  an  average  reduction  of  the  pull-off  force  by  a  factor  of  0.89  due  to  sliding.  Using  this 
result,  the  data  presented  in  fig.  3  can  be  fit  by  this  modified  theory,  resulting  in  an  increase  of 
the  shear  strength  by  about  20%  compared  with  the  JKR  fit.  While  the  observed  pull-off 
reduction  supports  Johnson’s  model,  it  is  not  a  direct  verification  that  the  contact  area  itself 
changes  due  to  sliding. 

The  above  considerations  make  it  clearly  desirable  to  measure  the  contact  area  directly.  Two 
different  methods  to  accomplish  this  are  described  in  the  following  two  sections. 


SiNx/Mica  Interface:  Lateral  Stiffness  Measurements 

Contact  stiffness  is  defined  as  the  amount  of  force  per  unit  displacement  required  to 
compress  an  elastic  contact  in  a  particular  direction,  has  the  units  of  N/m,  and  is  essentially  the 
spring  constant  of  the  contact.  Contact  stiffness  applies  both  for  normal  and  lateral 
displacements.  The  lateral  contact  stiffness  of  an  axi-symmetric  contact,  kcontact,  is  in  fact 
directly  proportional  to  the  contact  radius  a ,  given  by  [25]: 

K contact  =  8  •  G  •  a  (5) 

where  G  =[(2- V;)/G ;+(2- v^)/ G^]- 1 .  Here  G;  and  G2  are  the  tip  and  sample  shear  moduli, 
respectively.  This  convenient  relationship  holds  for  the  JKR,  DMT  or  intermediate  regimes.  It 
requires  that  no  interfacial  slip  occurs,  thus  low  lateral  forces  must  be  used  for  the  measurement. 

In  an  AFM  experiment,  the  contact  stiffness  resides  in  series  with  the  lateral  cantilever 
stiffness.  The  typical  lateral  stiffness  of  commercial  AFM  cantilevers,  ki^,  is  around  50-200 
N/m[2],  which  is  of  the  same  order  as  the  lateral  contact  stiffness,  kcontact,  at  the  nanometer  scale. 
Thus,  typical  cantilevers  can  accurately  measure  variations  in  the  lateral  stiffness  of  nanometer¬ 
sized  contacts,  i.e. 
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Fig.  4.  Crosses:  lateral  stiffness  (ktot )  vs.  load  data  for 
a  SiNx  tip  on  mica  in  UHV.  Triangles:  Ff  vs.  load, 
acquired  shortly  after  the  stiffness  measurement.  Solid 
lines:  fits  of  the  JKR  model  to  both  measurements. 


Fig.  5.  Ff/ 1? contact  vs.  load  for  the  Si3N4  tip  on  mica 
in  UHV,  calculated  from  the  stiffness  and  friction  data 
in  fig.  4. 


where  F lateral  is  the  lateral  force  (cantilever  torsion),  and  x  is  the  lateral  displacement. 

The  slope  of  the  initial  “sticking”  portion  of  the  tip-sample  interaction  during  lateral  sliding 
(fig.  2b)  corresponds  to  dFiateral/dx=kt0t,  the  total  lateral  stiffness.  To  measure  this  slope 
accurately,  the  relative  lateral  position  between  the  cantilever  base  and  the  sample  is  sinusoidally 
modulated  with  an  amplitude  of  a  few  A  which  avoids  slip  even  at  low  loads.  A  lock-in  amplifier 
is  used  to  measure  the  amplitude  of  the  lateral  force  response  over  a  range  of  loads.  The  in-phase 
response  amplitude  {dF lateral)  divided  by  the  amplitude  of  relative  displacement  (dx,  determined 
by  accurately  knowing  the  piezo  response  calibration)  corresponds  to  the  total  lateral  stiffness  of 
the  system,  kf0t,  eq.  (6).  Since  kiever  is  constant,  kcontact  can  be  determined  from  this 
measurement. 

We  have  measured  the  variation  of  kf0t  with  load  for  a  SiNx  cantilever  and  a  mica  sample  in 
UHV  (fig.  4  -  crosses).  Indeed,  a  substantial  variation  with  load  is  observed,  due  to  the  change  in 
contact  area.  The  solid  line  shows  that  the  JKR  model,  combined  with  eq.  (5),  describes  this 
variation  quite  accurately.  Friction  can  also  be  measured  as  a  function  of  load  as  described 
previously  (fig.  4  -  triangles).  Again,  the  JKR  model  fits  the  data  very  well.  The  shear  strength 
and  adhesion  energy  for  the  interface,  derived  from  the  JKR  fit,  are  listed  in  Table  1 .  For  these 
calculations,  we  used  ESiN  =  155  GPa,  Vsm  =  0.27[26].  A  rather  blunt  paraboloidal  tip  of  -260 
nm  radius  was  used  for  this  experiment,  as  measured  using  inverse  imaging. 

We  can  verify  that  the  shear  strength  is  load-independent  without  relying  on  the  JKR 
analysis.  We  simply  divide  the  friction  measurement  at  each  load  by  the  square  of  the 
corresponding  contact  stiffness  measurement  (which  is  proportional  to  the  contact  area).  Using 
eqs.  (4)  and  (5),  we  find 


This  quantity  is  plotted  vs.  load  in  fig.  5,  where  we  see  that  indeed  the  shear  strength  is  load- 
independent  over  this  range.  Combined  lateral  stiffness  and  friction  measurements  can  therefore 
determine  in  detail  the  mechanical  behavior  of  nanometer-scale  interfaces. 
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WC/Diamond  Interface:  Contact  Conductance  Measurements 
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Fig.  6.  The  current  measured  through  the  tip-sample 
contact  vs.  load,  at  three  different  constant  voltages. 
Note  the  accurate  fit  of  the  current  to  the  DMT 
continuum  mechanics  model,  which  is  proportional 
to  the  contact  area. 


Fig.  7.  Friction  vs.  load  follows  the  same  dependence 
as  that  of  contact  conductance  v.v.  load,  and  therefore 
the  same  dependence  as  that  of  the  DMT  model, 
showing  that  friction  is  proportional  to  the  contact 
area.  The  inset  shows  a  typical  force-distance  curve 
with  the  pull-off  force  in  very  good  agreement  with 
the  value  obtained  from  the  DMT  fit. 


Diamond  and  tungsten-carbide  are  important  tribological  materials.  Both  materials  generally 
exhibit  very  low  friction.  Diamond  and  diamond-like  films  are  important  coating  materials  used  in 
a  wide  variety  of  tools,  hard  disks,  micro-machines  and  aerospace  applications.  Similarly, 
tungsten-carbide  plays  an  important  role  in  several  types  of  hard  coatings.  Diamond  and 
Uingsten-carbide  are  two  of  the  hardest,  stiffest  materials  known,  while  the  adhesive  forces  at  the 
interface  are  small  due  to  the  hydrogen  passivation  of  the  diamond  surface  and  to  the  fact  that 
carbides  are  generally  quite  inert.  These  properties  make  the  system  under  study  an  excellent 
candidate  to  exhibit  a  DMT-like  behavior  for  contact  area  versus  load.  The  DMT  solution  for 
contact  area  is  given  by [22]: 

A  =  tQjff'3  ■  (L  +  2rttrf13.  (8) 

The  lateral  stiffness  technique  described  previously  is  not  expected  to  work  well  for  these 
materials,  due  to  the  expected  low  friction  and  high  stiffness  of  the  materials.  Low  friction  allows 
slip  to  take  place  during  the  lateral  stiffness  measurement,  thus  underestimating  the  lateral 
stiffness  response.  Large  elastic  moduli  lead  to  large  values  of  kcontact  which,  as  is  apparent  from 
eq.  (6),  cannot  be  sensitively  measured.  Since  the  diamond  sample  is  boron-doped  and  tungsten- 
carbide  is  conductive,  local  contact  conductance  measurements  can  instead  be  performed  as  a 
function  of  applied  load  to  obtain  independent  information  about  the  contact  area.  The  nanometer 
scale  of  the  contact  radius  in  AFM  experiments  means  the  total  system  conductance  is  limited  by 
the  contact  and  not  by  the  bulk  conductance  of  tip  or  sample.  In  this  limit,  the  contact 
conductance  becomes  directly  proportional  to  the  contact  area  A.  However,  the  proportionality 
constant  is  difficult  to  determine,  preventing  absolute  determination  of  A  with  this  technique. 
Nevertheless,  at  a  fixed  voltage,  the  current  is  always  proportional  to  A  for  any  current  transport 
mechanism[27].  Thus,  it  is  possible  to  equate  the  variation  in  current  at  a  constant  voltage  to  the 
variation  in  A;  this  relation  is  used  in  this  work. 

Using  a  sensitive  current  preamplifier,  the  load  dependence  of  the  current  at  several  voltages 
applied  to  the  sample  was  measured  using  an  88  N/m  cantilever  (fig.  6).  Current-voltage  curves 
revealed  consistent  semiconductor-like  conductance  at  all  loads,  which  indicates  that  the 
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conductance  mechanism  was  not  affected  by  the  applied  stress.  For  all  bias  voltages,  the  current 
vs.  load  data  can  be  fit  by  the  DMT  model  (solid  lines).  The  DMT  model  provides  an  excellent 
fit  to  the  measured  data  and  the  pull-off  force  deduced  from  the  fits  is  identical  to  0.1  (iN 
independently  measured  from  the  force-distance  curves  with  the  same  lever.  It  is  significant  that 
the  fits  at  all  voltages  have  the  same  pull-off  force,  which  confirms  that  current  is  proportional  to 
contact  area.  These  results  show  unambiguously  that  the  load  dependence  of  the  contact  area  for 
this  single  asperity  interface  can  indeed  be  described  by  the  DMT  model.  As  seen  in  fig.  6,  the 
JKR  model  provides  a  poor  fit  to  this  data. 

Friction  measurements  were  performed  using  a  0.23  N/m  cantilever  to  enhance  the  sensitivity 
to  frictional  forces.  The  radius  of  curvature  of  the  paraboloidal  tip  was  found  to  be  -110  nm 
using  inverse  imaging,  measured  before  and  after  tip-sample  contact,  thus  no  evidence  of  wear 
was  observed.  Fig.  7  shows  the  results  of  frictional  force  measurements  as  a  function  of  applied 
load,  which  were  reproducible  at  different  locations  on  the  sample.  The  data  in  fig.  7  were 
obtained  by  decreasing  the  load  from  12  nN  to  negative  loads  (unloading).  Experiments  when  the 
load  was  increased  (loading)  exhibited  the  same  behavior  as  shown  in  fig.  7,  indicating  that  the 
deformation  of  the  contact  is  elastic  for  the  range  of  loads  investigated.  The  data  in  fig.  7  can  be 
fit  by  the  DMT  model  (solid  line),  treating  both  yand  T as  free  parameters,  demonstrating  that 
friction  is  proportional  to  A.  The  yand  t  were  determined  using  E(Uamond  =  1164  GPa,  Vdiamond  ~ 
0.08[28],  Ewc-  714  GPa  and  vwc=  0.24[29].  As  summarized  in  Table  1,  the  DMT  fit  results  in  a 
pull-off  force  of -7.3  nN,  an  adhesion  energy  of  10  mJ/m2,  and  a  shear  strength  of  238  MPa.  The 
contact  radius  is  1.1  nm  at  zero  applied  load.  No  friction  data  for  loads  smaller  than  -2  nN  could 
be  obtained  due  to  a  premature  pull-off  of  the  tip  at  negative  loads.  Premature  pull-off  is 
frequently  promoted  by  the  tip-sample  movement  during  scanning.  Force-distance  curves  involve 
less  lateral  movement  and  therefore  provide  a  direct  determination  of  the  pull-off  force.  The 
typical,  reproducible  result  is  shown  in  the  inset  of  fig.  4,  and  the  measured  pull-off  force  of  -7.3 
nN  is  in  excellent  agreement  with  the  value  obtained  from  the  DMT  fit.  Attempts  to  fit  the  JKR 
model  to  our  friction  vs.  load  measurements  produced  strongly  inconsistent  fits. 

For  the  WC/diamond  interface,  Ge/f~  380  GPa,  so  T«  Getf  1600.  Thus,  the  shear  strength  is 
relatively  small  in  this  case,  especially  in  comparison  to  the  Pt/mica  interface.  An  ideal  shear 
strength  in  the  range  of  G/30  requires  a  “crystalline”  or  commensurate  interface.  This  suggests 
that  there  may  be  very  little  commensurability  for  the  WC/diamond  interface,  which  is  plausible 
considering  the  high  stiffness  and  weak  adhesion  of  these  materials.  Further  work  is  required  to 
verify  this  hypothesis. 

We  do  not  attribute  the  premature  pull-off  described  above  to  the  partial  slip  phenomenon 
predicted  by  Johnson[ll],  as  this  effect  is  only  significant  for  strongly  adhered  interfaces,  van 
den  Oetelaar  has  measured  strong  adhesion  and  friction  between  a  Si  tip  and  the  clean 
diamond(l  1 1)  surface[30],  and  observed  that  partial  slip  occurs  with  high  lateral  force.  This  was 
evident  by  a  reduction  of  the  lateral  stiffness  just  prior  to  full  slip. 

CONCLUSIONS 

Atomic  force  microscopy  can  accurately  measure  load,  friction,  contact  area,  stiffness, 
conductance,  adhesion  energies,  and  shear  strengths  for  nanometer-scale  contacts.  While  careful 
attention  must  be  paid  to  instrumental  issues  such  as  calibration,  tip  shape,  experimental 
conditions  and  other  instrumental  artifacts,  methods  to  address  these  issues  have  been  developed 
to  quite  reasonable  extents.  Using  this  instrumentation,  we  have  verified  that  friction  at  the 
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nanometer  scale,  for  an  elastic,  single  asperity  contact,  is  directly  proportional  to  the  true  contact 
area.  In  other  words,  there  appears  to  be  a  constant  friction  force  per  interfacial  atom  (the  shear 
strength).  The  constant  shear  strength  indicates  that  the  mechanism  of  energy  dissipation  for 
these  systems  does  not  change  in  this  range.  Thus,  the  increase  in  friction  with  load  is  attributable 
to  the  increase  in  contact  area.  This  may  not  be  so  surprising  given  that  the  nominal  stress  is  only 
increasingly  roughly  as  L1/3  (from  the  continuum  models).  New  modes  of  energy  dissipation, 
resulting  from  inelastic  processes,  may  activate  at  higher  stressesfl].  For  example,  evidence  of 
tip-induced  atomic-scale  wear  has  been  reported  for  alkali  halide  materials[31].  Pressure-activated 
modes  of  energy  dissipation  are  reported  in  organic  thin  films  due  to  progressive  molecular 
deformation[32].  These  examples  represent  stress- dependent  increases  in  the  number  of  energy 
dissipation  channels  and  are  therefore  manifested  in  increases  in  the  shear  strength  compared  with 
purely  elastic,  wearless  friction. 

Fracture  mechanics  can  be  successfully  utilized  to  derive  continuum  models  that  describe  the 
contact  area  (as  well  as  stress  distribution,  contact  profile  etc.).  Impressive  agreement  with  these 
continuum  models  is  found,  even  at  the  nanometer  scale.  New  continuum  approaches  to  account 
for  the  effect  of  lateral  forces  on  a  loaded  contact  (using  mixed-mode  fracture)  and  the  mechanism 
of  slip  (using  dislocation  mechanics)  have  been  recently  developed.  In  the  AFM  experiments, 
different  relations  between  contact  area  and  load  are  observed  for  different  pairs  of  materials.  The 
differences  may  also  be  correlated  with  the  relative  magnitude  of  the  interfacial  shear  strength. 
Shear  strengths  equivalent  to  the  ideal  material  strength  are  observed  in  some  cases  (e  g.  Pt/mica). 
Nano-technology  applications  will  require  interfaces  that  either  resist  or  facilitate  shear, 
depending  on  the  specific  application.  Further  understanding  through  studies  such  as  these  could 
eventually  allow  control  of  these  shear  properties  at  the  nanometer  scale. 
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ABSTRACT 

Direct  observations  are  presented  of  the  micromechanical  events  that  contribute  to  the 
localization  of  deformation  within  brittle  compressive  shear  faults.  The  observations  were  made 
on  ice  and  show  that  faults  are  composed  of  both  wing  cracks  and  splay  cracks.  The  latter 
features  initiate  from  one  side  of  inclined  parent  cracks  and  create  sets  of  slender  microcolumns 
fixed  on  one  end  and  free  on  the  other.  It  is  proposed  that  the  fault-triggering  mechanism  is  the 
breaking  of  near-surface  microcolumns  owing  to  frictional  sliding  across  their  free  ends.  A 
lower-bound  estimate  of  the  compressive  strength  of  ice  is  found  to  be  in  order  of  magnitude 
agreement  with  experiment. 

INTRODUCTION 

Failure  of  brittle  materials  under  confined  compressive  loading  generally  occurs  through 
the  formation  of  one  or  more  macroscopic  shear  faults.  The  faults  develop  quickly,  are 
accompanied  by  bursts  of  acoustical  energy,  and  are  marked  by  bands  of  localized  damage 
inclined  by  about  30°  to  the  direction  of  the  most  compressive  stress.  In  the  laboratory  they  form 
near  the  peak  of  the  stress-strain  curve,  implying  that  they  initiate  from  deformation-induced 
instabilities.  The  question  is:  what  triggers  them? 

To  investigate  this  point  we  performed  a  series  of  experiments  on  fresh-water  columnar 
ice  Ih  (h=hexagonal).  We  used  this  material  because  it  is  optically  transparent,  single  phase, 
coarsely  grained  (10  mm)  and  possesses  a  growth  texture  (termed  S2  because  the 
crystallographic  c-axes  are  perpendicular  to  long  axis  of  the  columnar-shaped  grains).  The 
transparency  and  large  grains  allow  cracks  to  be  directly  detected  by  eye;  the  absence  of 
additional  phases  reduces  complications  in  interpretation;  the  growth  texture  imparts  plane  strain 
inelastic  deformation  to  specimens  loaded  across  the  columns  under  moderate  across-column 
confinement.  Ice  is  also  a  material  of  considerable  practical  interest  [1].  A  complete  account  of 
this  work  is  given  elsewhere  [2]. 

EXPERIMENTAL  CONDITIONS 

The  ice  was  grown  in  the  laboratory  and  then  biaxially  compressed  across  the  columns  under 
proportional  loading  at  -10°C  at  a  strain  rate  (along  the  principal  strain  direction)  of  4.8x1 0‘V1, 
using  a  true  multiaxial  loading  system  housed  within  a  cold  room.  The  minor  stress  a22=0.1<711 
where  ail  is  the  major  stress.  Figure  1  is  a  sketch  of  the  loading  arrangement.  Further  details 
are  given  in  reference  [2], 
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FIGURE  1 

Schematic  sketch  of  the  loading  arrangement. 

RESULTS  AND  OBSERVATIONS 

Figure  2a  shows  a  typical  terminal  shear  fault  and  Figure  2b  shows  a  thin-section  of  the 
same  fault.  The  following  points  are  noteworthy: 

(i)  The  fault  is  a  zone  of  intense  damage  about  2-3  grain  diameters  wide,  inclined  by  0  =  26° 
to  the  maximum  principal  stress  (vertical). 

(ii)  Wing-cracks  (examples  arrowed)  are  distributed  across  the  overall  field  of  damage.  They 
stem  from  the  tips  of  intergranular  parent  cracks,  which  are  inclined  by  about  45°  to  the  direction 
(xi)  of  maximum  principal  stress,  and  tend  to  be  aligned  with  this  direction. 

(iii)  The  fault  has  zigzag  edges,  implying  that  wing  cracks  are  part  of  its  structure. 

(iv)  Milky  features  (e.g.,  A  and  B,  Fig.  2a)  stem  from  one  side  of  some  parent  inclined  cracks. 
These  features  are  actually  sets  of  closely  spaced  secondary  cracks  whose  length  is  about  one- 
half  the  grain  diameter,  evident  from  the  thin  sections  (Fig.  2b).  We  term  them  "splay  cracks"  in 
recognition  of  the  term  used  to  describe  similar  features  in  faulted  rock  [3,4]. 
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DISCUSSION 


Wing  cracks  develop  from  frictional  sliding  across  parent  cracks,  as  described  e.g.  by  Ashby 
and  Hallam[5]  and  observed  in  ice  by  Schulson  et  al.[6].  Splay  cracks  initiate,  we  suggest,  under 
sliding  stresses  on  cracked  grain  boundaries,  and  then  grow,  as  suggested  by  Martel  and  Pollard 
[4]  and  by  Cooke  [7],  under  tensile  stresses  arising  from  non-uniform  sliding.  Both  features 
contribute  to  the  development  of  the  fault. 

Splay  cracks,  we  believe,  are  key  to  faulting.  Upon  forming,  they  create  sets  of  closely 
spaced  microcolumns  fixed  on  one  end  and  free  on  the  other.  The  free  ends  contact  the  parent 
sliding  crack  and  this  induces  a  moment  which  causes  the  columns  to  bend  and  break,  like  the 
teeth  in  a  comb  under  a  sliding  thumb.  Near-surface  (external  or  internal)  microcolumns 
probably  break  first,  initiating  the  fault.  Growth  follows,  along  a  band  of  reduced  shear 
resistance  which  is  composed  of  both  pre-fault  damage  plus  fresh  damage  created  ahead  of  the 
fault  in  a  Reches  and  Lockner  [8]  kind  of  "process  zone".  Figure  3  is  a  schematic  sketch  of  the 
development,  as  we  imagine  it. 


Schematic  sketch  of  the  development  of  a  shear  fault. 


On  the  assumption  that  the  fault  is  initiated  when  microcolumns  begin  to  break,  the  initiation 
stress  can  be  estimated  as  follows:  Imagine  the  "comb  crack"  illustrated  in  Figure  4a:  M  is  the 
moment  per  unit  depth  and  P  is  the  axial  force  per  unit  depth.  The  crack  tip  material  near  the  end 
of  the  column  is  under  mixed  mode  loading.  If  we  assume  the  situation  is  similar  to  the  growth 
of  an  edge  crack  in  a  brittle  plate,  then  from  the  analysis  of  Thouless  et  al.  [9]  it  can  be  shown 
that  in  the  long-crack  limit  the  stress  to  trigger  the  fault  may  be  given  by  [2]: 
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(1) 


ass _ 2* _ 

(3ahf(  1-M) 

for  ^i<l  where  Kic  (0.1  MPam0-5)  is  the  fracture  toughness,  m  (0.58)  is  the  friction  coefficient,  h 
is  the  column  length  (  found  to  be  about  grain  size/2)  and  a  is  the  slenderness  ratio  (found  to  be 
5.3+2).  This  gives  an  initiation  stress  of  1.010.5  MPa  under  uniaxial  loading.  Fault  initiation  by 
Euler  buckling  of  microcolumns  of  the  same  length  and  slenderness  ratio  and  fixed  on  both  ends, 
created  say  between  adjacent  wing  cracks,  Figure  4b,  occurs  under  stresses  given  by: 

*2  Ed2  (2) 

°  3  h2 


where  E  is  Young's  modulus  (=10  GPa)  and  h/d=a.  This  gives  a  failure  stress  between  600  and 
3000MPa.  The  actual  terminal  failure  stress  under  uniaxial  loading  is  about  2.5  MPa.  The  new 
mechanism  shown  in  fig.  4a,  and  described  by  eqn.  1  thus  affords  the  more  realistic  estimate. 


FIGURE4  a,b 

Schematic  sketches  (a)  of  the  frictional  moment-loading  of  fixed-free  microcolumns  created  by 
splay  cracks  and  (b)  of  the  axial  loading  of  microcolumns  created  by  adjacent  wing  cracks. 


Although  the  observations  reported  here  were  made  only  on  ice  in  the  lab,  wing-like  cracks 
have  also  been  seen  [10]  in  the  Arctic  sea  ice  cover.  Also,  wing  cracks  [1 1,12,13],  splay  cracks 
[3,1 1,14,15]  and  zigzag  shear  faults  [16]  have  been  seen  in  rock,  on  scales  large  and  small.  This 
suggests  that  the  fault  triggering  mechanism  is  independent  of  both  material  and  scale. 


in 


SUMMARY 


1.  Frictional  crack  sliding  and  splay  cracking  are  elements  in  the  formation  of  brittle  compressive 
shear  faults,  at  least  in  ice  in  the  lab. 

2.  Splay  cracks  are  the  critical  features.  They  stem  from  one  side  of  parent  sliding  cracks  and 
create  sets  of  fixed-free  microcolumns.  The  microcolumns  experience  a  bending  moment 
induced  by  frictional  sliding  at  their  free  end.  Eventually  they  break,  triggering  the  fault. 

3.  A  first-order  calculation  shows  that  the  applied  stress  to  break  the  fixed-free  columns  is  of  the 
same  order  of  magnitude  as  the  measured  strength. 
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ABSTRACT 

Testing  methods  for  crack-growth  resistance-curve  (R-curve)  behavior  were  investigated  and 
developed  to  analyze  the  toughened  mechanism  in  poly  cry  stalline  ceramics.  These  methods  are  a 
biaxial-flexure  method  for  small-scale  disc-shaped  specimens  with  micro-indentation  cracks  and  a 
single-edged  notched  beam  flexural  method  with  crack  stabilizers.  In  both  methods,  the  growing 
crack  length  is  measured  directly  as  a  function  of  applied  stress,  using  the  system  that  consist  of 
a  microscope  and  a  CCD  camera.  Applying  these  testing  methods,  R-curve  behavior  of  a 
toughened  silicon  nitride  with  a  preferred  orientation  of  donated  grains  was  evaluated  to 
characterize  the  toughened  mechanism,  comparing  with  the  behavior  in  a  commercially  available 
silicon  nitride.  The  behavior  having  these  rising  R-curves  is  discussed  with  emphasis  on  the 
effects  of  microstructure  such  as  grain-growth  and  grain-orientation,  and  resultant  grain-bridgings 
behind  the  crack-tip. 

INTRODUCTION 

Strength  testing  methods  for  the  microscopic  fracture  behavior  have  been  needed  in  order  to 
develop  more  toughened  structural  ceramics,  because  the  microscopic  region  dominates  the 
macroscopic  fracture  behavior.  The  analysis  on  crack  propagation  in  microscopic  material 
structure  is  very  useful  for  ceramic  material  design  to  increase  the  fracture  resistance  [1].  The 
shape  of  R-curve  influences  strength  and  damage  tolerance  of  ceramic  materials  and  components. 
Therefore,  it  is  important  to  quantify  such  effects  with  regard  to  the  role  of  microstructure,  the 
initial  crack  size  and  the  initial  crack  shape.  Accordingly,  the  damage  tolerance  capability  is  the 
most  important  for  practical  uses  of  structural  ceramics,  because  of  the  low  fracture  toughness 
and  the  sensitivity  to  defect  size.  R-curve  behavior  brings  out  vital  information  about  the 
mechanism  in  microstructure  for  microscopic  fracture  behavior,  such  as  crack-tip  shielding  by 
bridging  grains  behind  the  crack-tip.  This  behavior  can  be  different  from  each  other  in  those  that 
are  measured  with  long  through-thickness  cracks  and  small  semi-elliptical  surface  flaws, 
particularly  with  regard  to  the  initiation  resistance  and  the  initial  slope. 

In  the  present  work,  in-situ  measurement  methods  for  R-curve  behavior  in  poly  cry  stalline 
ceramics  were  investigated  and  developed  applying  biaxial-flexure  for  small-scale  disc-shaped 
specimens  with  Vickers  indentation  cracks  and  single-edged  notched  beam  (SENB)  flexure  with 
crack  stabilizers.  R-curve  behavior  of  a  commercially  available  silicon  nitride  and  a  toughened 
silicon  nitride  was  evaluated  using  these  methods.  The  improved  flaw  tolerance  mechanism  with 
the  rising  R-curve  behavior  was  assessed  in  view  of  the  microstructure  sources  on  grain-bridging 
behind  the  crack-tip. 

EXPERIMENTAL  PROCEDURE 

Two  kinds  of  silicon  nitrides  were  chosen  in  this  study.  These  properties  and  processing  are 
shown  in  Table  1.  SN-1  is  a  commercially  available  silicon  nitride  as  a  standard  material 
distributed  by  Japan  Fine  Ceramics  Center.  SN-sy  is  a  toughened  silicon  nitride  with  a  preferred 
orientation  of  large  elongated  grains,  and  was  fabricated  by  tape  casting  of  raw  powder  slurries 
seeded  with  ft  -Si3N4  particles  and  by  a  gas  pressure  sintering  [2]. 

Small-crack  R-curves  were  measured  for  small  surface  cracks  using  disc-shaped  specimens 
with  cracks  by  Vickers  indentation.  Fig.  1  shows  the  testing  system  and  the  conditions. 
Assuming  median  or  radial  crack  by  Vickers  indentation  load,  crack  growth  resistance  Kr  for 
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stable  crack  growth  is  given  by 

KR  =  ffWfCU2  +  fresXPc-3'2  (1) 

where  a f  is  applied  flexural  stress,  c  is  surface  crack  size,  P  is  indentation  load,  0  is  crack  shape 
parameter,  and  *  is  residual  stress  factor.^  and  fres  are  ellipticity  correction  factors  for  applied 
flexural  stress  and  residual  stress,  respectively  [3],  [4].  Biaxial  tangential  tensile  stress  in  ring-on- 
nng  testings  is  calculated  b  y 

°>  =J^p[2  (Uv)  ln(ri  /ri)+( ]~v)  ('■/-'■/)/'•/]  (2) 

where  W  is  applied  load,  v  is  Poisson’s  ratio  (0.28).  rh  r2,  rs  and  t  are  dimensions  of  disk¬ 
shaped  specimen  and  the  testing  fixture  [5]. 

Parameters  and  factors  in  Equation  (1)  are  given  by 

\f/  =  1.29 

f,  =[l.7l[a/c)-0.138  ( 1+1.464  (« i/c )“’  V  ' 


Table  1 .  Properties  and  processing  of  silicon  nitrides 


Designated  name 

Referceram  SN-1 

SN-sy 

Density 

3.21  g/cm3  (Bulk) 

99.3%  (Relative) 

Fracture  toughness 

7.0 

11.1 

(SEPB,  M Pam i/2) 

Flexural  strength  (4-point,  MPa) 

900 

1100 

Young's  modulus  (GPa) 

260 

_ 

Processing  Forming 

Unidirectional  press,  CIP 

Tape  casting,  CIP 

Sintering 

Pressureless  sintering 

Gas  pressure  sintering 

(1780°C,  1h ) 

(1850°C,6h,  N2/1  MPa ) 

Additives 

3wt%  MgO,  4wt%CeO ,  1  wt%SrC03 

5wt%Y203,  2wt%AI203 

Microstrucrure  (grain  size)  (#m) 

Mean  dia.  0.49  (Aspect  ratio  3.0) 

Mean  dia.  0.47  (Aspect  ratio  4.2) 

Specimen  configuration  (mm) 

Disc  (1 5  in  dia.,  2  in  thickness) 

Rectangular  bar  4X3X20 

Ceramic  Ball 
Piston 


Lower  ring 
Guide  way 

Optical  microscope 
with  CCD  camera 


Load  W 

Cross  head  Speed  0.005  mm/  min 
Screw  driven  load 


Specimen  with  indentation  cracks 
load  span  h  =  6.0,  T2  =  1.2mm 

Indentation  load 
49,  98,  196,  490N 


Fig.  1  In-situ  biaxial-flexure  R-curve  testing  system  and  the  conditions  for  disc-shaped  specimens 
with  Vickers  indentation  cracks 
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fres  =  0.196  + 1.48  ( a/c  )-0.685  (a  /  cf 

where  a  is  crack  depth,  and  y  is  evaluated  from  a  plot  of  a  f  c2  vs.  c2/3  at  any  fixed  P. 

Long-crack  R-curve  measurement  system  shown  in  Fig.  2  was  developed  for  single-edged 
notched  beam  (SENB)  flexure  method  with  crack  stabilizers.  R-curve  evaluation  employing  crack 
stabilizers  that  allow  stable  crack  growth  could  be  made  by  the  crack  stability  analysis  followed 
by  modification  of  testing  fixtures  [6].  To  stabilize  the  crack  growth,  the  total  potential  energy, 
consisting  of  elastic  energy  and  work  done  for  generating  new  crack  surfaces,  must  increase  as  the 
crack  propagates.  Reduction  in  machine  compliance  leads  to  expansion  of  stable  crack  growth 
area  in  relation  between  the  crack  length  and  the  machine  compliance.  The  conditions  of  specimen 
compliance  and  machine  compliance  were  appropriately  chosen  for  the  stable  crack  growth. 
Micro-scale  notches  were  introduced  in  flexural  specimens  by  sharp  blades  with  diamond  pastes. 
In  the  testing  fixture,  a  microscope  and  a  CCD  camera  are  located  to  perform  in  situ  measurement 
of  stable  growing  crack  length  as  a  function  of  applied  stress.  Crack  growth  resistance  Kr  in  the 
direction  of  notch-depth  is  given  by 

KR  =  (WLl{BwBjn))f{cl  Bd)  (3) 

where  W  is  applied  load,  L  is  load  span,  c  is  crack  length,  Bw  and  Bd  are  width  and  height  of 
specimen,  respectively,^/^  is  a  function  on  c  /Bd  [7]. 


■ 

Load -cell 
Crack  stabilizer 
Specimen 

Optical  microscope 
with  CCD  camera 
Displacement 
translator 
Base  anvil 


4 


150/im 


Notch  shape 

&  B<j=4 
B»=3 

y  L=16mm 
SENB  flexure  method 


Fig.  2  In-situ  R-curve  measurement  system  for  SENB  flexure  method  with  crack  stabilizers 
RESULTS  AND  DISCUSSION 

Fig.  3  shows  R-curve  behavior  of  SN-1  by  in-situ  biaxial  flexure  method  with  indentation 
cracks  and  SENB  flexure  method  with  crack  stabilizers,  and  SEM  photographs  of  the  small-crack 
and  long-crack  paths.  Both  R-curves  for  small-crack  and  long-crack  exhibit  the  rising  behavior 
with  increasing  of  the  crack  length.  As  the  small-crack  and  long-crack  paths  of  SN-1  are  shown  in 
Fig.  3  (b),  grain-bridgings  along  the  crack  paths  can  be  seen  clearly.  Microcrack  propagation 
between  grain-boundaries  causes  grain-bridgings.  The  rising  behavior  of  R-curve  should  be 
attributed  to  these  bridgings.  Small-crack  R-curves  by  indentation  method  exhibit  the  steeply 
rising  behavior  in  the  crack  extension  region  under  about  200  ju  m,  compared  with  long-crack  R- 
curves  by  SENB  method.  Especially,  small-crack  ^increases  rapidly  under  the  crack  extension 
of  100// m.  It  is  generally  known  that  when  the  area  containing  bridging  grains  increases,  the 
crack  growth  resistance  increases  also  according  to  the  stable  crack  extension.  Although  it  is 
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considered  that  the  bridgings  in  the  indentation  crack  extension  area  is  larger  than  those  in  the 
straight  through-thickness  crack  area,  this  rapidly  ascending  behavior  of  Kr  might  be  controlled 
by  other  mechanisms.  In  the  ordinate  of  Fig.  3  (a)  for  small-cracks,  the  corrected  stress  intensity 
factor  for  elliptic-crack  model  is  used  considering  the  gsometry  of  indentation  crack  and  the 
residual  stress  due  to  microscopic  indentation  plastic-zone  [3],  [4].  There  is  a  possibility  that  the 
ellipticity  correction  is  not  sufficient  for  the  residual  stress  field  of  indentation  crack  area.  The 
starting  values  of  Kr  for  small-crack  R-curves  are  smaller  than  the  values  for  long-crack  R-curves. 
It  is  assumed  that  these  differences  in  the  R-curve  behavior  are  caused  by  the  grain-  bridgings 
behind  crack-tip  [8],  the  initial  crack-tip  shape  and  the  microstructure  interaction  due  to 
microcracks  in  the  zone  before  crack-tip.  In  Kr  for  small-crack,  the  rate  of  elliptical  wake-area 
change  containing  grain-bridgings  with  crack  growth  is  larger  than  that  of  through-thickness  crack 


Crack  extension,  Ac  (Atm) 


1  //.  m 


Small-crack  path 


Long-crack  path 


(a)  (b) 

ccxtd  (a)  R“curve  behavior  of  SN-1  by  in-situ  biaxial  flexure  method  with  indentation  cracks  and 
SENB  flexure  method  with  crack  stabilizers  using  straight  through-thickness  crack,  and  (b)  SEM 
photographs  of  the  small-crack  and  long-crack  paths 


The  apparent  fracture  toughness  values  for  small-cracks  are  important  in  practical  situations 
of  ceramic  materials  and  components  where  small-scale  cracks  limit  the  performances  in  service 
conditions.  These  small-scale  cracks  are  generated  in  many  cases  of  localized  contact  damages 
between  materials  and  components.  These  damages  result  in  wear  or  erosion,  foreign  object 
damage,  and  processing  damages  such  as  machining  and  grinding  The  regions  including  these 
small  cracks  have  almost  residual  stresses.  Therefore,  the  analysis  on  crack  growth  resistance  is 
useful  for  materials  and  components  having  these  small-scale  cracks. 

Fig  4  shows  the  deflecting  crack  propagation  process  in  SN-sy  by  in-situ  SENB  flexure 
method  with  crack  stabilizers  and  the  crack  paths  in  microstructure.  The  macroscopic  rotation 
angle  of  crack  plane  in  the  early  stage  of  crack  growth  is  about  60  degrees  to  the  through¬ 
thickness  plane  in  the  direction  of  notch-depth.  A  crack  in  the  microstructure  of  SN-sy  grew 
along  the  grain  boundaries,  as  shown  in  Fig  4  (b).  Many  steps  in  the  crack  paths  were  observed 
between  lateral  cracks  parallel  to  tensile  stress  component  by  flexure  moment.  This  crack 
propagation  area  should  be  assumed  as  a  kind  of  wake  area.  It  is  considered  that  these  stepwise 
crack-surfaces  fill  a  major  role  similar  to  grain-bridgings. 

Fig  5  is  an  apparent  R-curve  behavior  of  SN-sy  by  in-situ  SENB  flexure  method  with  crack 
stabilizers.  The  value  in  ordinate  means  the  resistance  Krx  for  crack  extension  component  in  the 
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direction  perpendicular  to  tensile  stress,  just  as  in  the  direction  of  notch-depth.  The  value  of  Krx 
seems  to  increase  rapidly  in  the  crack  extension  region  under  about  300^  m.  Krx  starts  trom  6.5 
MPam,/2  and  reaches  about  10  MPam1/2.  This  saturated  value  is  nearly  equal  to  that  by  SEPB 
testing  method,  shown  in  Table  1.  The  value  of  Krx  when  the  crack  growth  begins  is  almost 
agreement  with  the  value  for  long-crack  in  SN-1.  However,  the  crack  propagates  easily  in  the 
direction  parallel  to  tensile  stress  component. 


50  fi  m 

m 


(a) 


•2/im 


(b) 

Fig.  4  (a)  Deflecting  crack  propagation  process  in  SN-sy  by  in-situ  SENB  flexure  with  crack 
stabilizers,  and  (b)  the  crack  paths  in  microstructure 


1  1  . . I .  1  ■  1  I 


Crack  extension,  Ac  (Mm) 

Fig.  5  Apparent  R-curve  behavior  of  SN-sy  for  crack  extension  component  in  the  direction  of 
notch-depth  by  in-situ  SENB  flexure  method  with  crack  stabilizers 
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It  is  supposed  that  the  crack  deviating  from  the  notch  plane  tends  to  grow  in  the  direction  of 
shear  stress  generated  by  applied  flexural  loading  Since  Krx  means  the  component  of  crack 
growth  resistance  in  the  direction  of  notch-depth,  there  is  a  possibility  to  overestimate  the  crack 
growth  resistance  along  the  crack  path.  Consequently,  the  crack  growth  resistance  along  crack 
paths  should  be  evaluated  applying  fracture  mechanics  on  mixed-mode  stress-intensity  factors  of 
mode  I  and  mode  D  [10]. 

CONCLUSIONS 

^  methods  for  R-curve  of  toughened  poly  crystalline  ceramics  were  investigated 

and  developed  applying  a  biaxial-flexure  method  for  small-scale  disc-shaped  specimens  with 
Vickers  indentation  cracks  and  a  SENB  flexure  method  with  crack  stabilizers. 

(2)  R-cipe  behavior  of  a  commercially  available  silicon  nitride  was  investigited  for  small-cracks 

by  the  indentation  method  and  straight  throu^i-thickness  long-cracks  by  the  SENB  method. 
Tuj’ff  exhibited  the  steeply  rising  behavior  compared  with  long-crack  R-curves. 

1  he  differences  in  R-curve  behavior  were  discussed  in  view  of  microstructure  sources  such  as  the 
grain  bridgings  belund  the  crack-tip,  the  initial  crack-tip  shape  and  microcracks  before  crack-tip 

(3)  K-curve  behavior  of  a  tou^iened  silicon  nitride  with  a  preferred  orientation  of  elongated  grains 
was  evaluated  to  characterize  the  tou^iened  mechanism.  Cracks  grew  along  the  grain  boundaries 
deviating .from  the  direction  of  notch-depth.  Many  steps  in  the  crack  paths  were  observed 
between  lateral  cracks  to  the  direction  of  tensile  stress  component.  It  was  considered  that  these 
stepwise  crack-surfaces  filled  a  role  similar  to  grain  bridgings,  and  resulted  in  steeply  rising  R- 
curve  behavior  Because  this  apparent  crack  growth  resistance  means  that  in  the  direction  of 
notch-depth,  the  mixed-mode  fracture  mechanics  on  mode  I  and  mode  II  should  be  applied  to 
the  deflecting  crack  paths . 

ACKNOWLEDGMENTS 

T  J™?  J^epch  was  supported  by  NEDO  as  part  of  the  Synergy  Ceramics  Project  under  the 
Industrial  Science  and  Technology  Frontier  Program  promoted  by  AIST,  MITI,  Japan.  The 
authors  would  like  to  thank  Dr.  M.  Toriyama  in  National  Industrial  Research  Institute  of  Nagoya 
for  providing  samples  of  a  silicon  nitride  SN-sy. 

REFERENCES 

1.  H.  Kawamoto,  Ceramic  Transactions  Volume  49,  Am.  Ceram.  Soc.,  173  (1995). 

2.  K.  Hirao,  M.  Ohashi,  M.  E.  Brito,  and  S.  Kanzaki,  J.  Am.  Ceram.  Soc.,  78  [6],  1687  (1995). 

3.  S.  M.  Smith  and  R.  O.  Scattergood,  J.  Am.  Ceram.  Soc.,  79  [1],  129  (1996). 

4.  S.  M.  Smith  and  R.  O.  Scattergood,  J.  Am.  Ceram.  Soc.,  75  [2],  305  (1992). 

5.  D.  B.  Marshall,  Am.  Ceram.  Soc.  Bull.,  59  [5],  551  (1980). 

6.  A.  Okada,  K.  Hiramatsu,  and  H.  Usami,  6th  Int.  Sym.  on  Ceramic  Materials  and  Components 
jor  Engines ,  (Japan  Fine  Ceramics  Association,  Tokyo,  1997),  p.770. 

7.  J.  E.  Srawly,  Int.  J.  Fract.  Mech.,  12,  475  (1976). 

8‘  n  QQ7?Ibert’ J'  J'  Ca°’  L‘  C'  °e  Jonghe’ 311(1  °*  Ritchie,  J.  Am.  Ceram.  Soc.,  80  [9],  2253 


9.  R.  W.  Rice,  J.  Am.  Ceram.  Soc.,  77  [9],  2479  (1994). 

10.  B.  Lawn,  Fracture  of  brittle  solids ,  2nd  ed.  (Cambridge  Univ.  Press,  Cambridge,  1993),  p.44. 


118 


MOLECULAR  DYNAMICS  SIMULATIONS  OF  NANOINDENTATION  OF 

SILICON  NITRIDE 


PHILLIP  WALSH,  ANDREY  OMELTCHENKO,  HIDEAKI KIKUCHI,  RAJIV  K.  KALI  A, 
AIICHIRO  NAKANO,  and  PRIYA  VASHISHTA 

Concurrent  Computing  Laboratory  for  Materials  Simulation ,  Department  of  Physics  & 
Astronomy  and  Department  of  Computer  Science,  Louisiana  State  University,  Baton  Rouge, 
LA,  70803-4001 


ABSTRACT 

This  is  a  report  of  work  in  progress  on  10  million  atom  Molecular  Dynamics  (MD) 
simulations  of  nanoindentation  of  crystalline  and  amorphous  silicon  nitride  (Si3N4). 
Nanoindentation  is  used  to  determine  mechanical  properties  of  extremely  thin  films  such  as 
hardness  and  elastic  moduli.  We  report  load-displacement  curves  for  several  Si3N4 
configurations  using  an  idealized  non-deformable  indenter  and  analyze  the  local  stress 
distributions  in  the  vicinity  of  the  indenter  tip.  Preliminary  results  for  surface  adhesion  using 
Si3N4  for  both  tip  and  substrate  are  also  reported. 

INTRODUCTION 

Nanoindentation  is  an  experimental  method  used  for  determining  properties  of  extremely 
small  samples  such  as  film  coatings  of  just  a  few  nanometers  thick.  Nanoindentation  is  defined 
as  indentation  where  the  size  of  the  indent  is  too  small  to  be  resolved  optically  [1].  One  way  to 
perform  these  tests  is  with  a  modified  atomic  force  microscope  [2].  In  these  experiments,  a  tip 
attached  to  a  cantilever  is  brought  into  contact  with  a  surface.  The  force  between  the  tip  and 
sample  is  determined  by  measuring  the  deflection  of  the  cantilever  arm  using  a  scanning 
tunneling  microscope.  If  the  elastic  modulus  of  the  tip  is  much  larger  than  that  of  the  sample, 
the  tip  can  be  driven  into  the  surface  to  create  an  indent,  and  mechanical  properties  of  the  sample 
such  as  hardness  and  moduli  can  be  measured  [2].  Alternatively,  the  tip  can  be  used  to  explore 
the  surface  forces  and  surface  adhesion  between  the  tip  and  sample  [2,3]. 

MD  simulations  of  silicon  nitride  having  dimensions  of  hundreds  of  angstroms  have 
been  performed  in  the  past  [4],  and  since  silicon  nitride  is  an  important  engineering  material,  we 
believe  that  simulations  of  nanoindentation  of  this  material  are  both  practical  and  useful. 

Though  MD  simulations  of  nanoindentation  have  been  performed  on  metals  [3,5]  and  on 
diamond  [6],  we  believe  this  to  be  the  first  simulation  of  this  type  on  a  ceramic  of  such  a  large 
scale.  Our  simulations  include  configurations  of  amorphous  and  crystalline  Si3N4  having  sizes 
of  (approximately)  75,000, 1  million,  and  10  million  atoms. 

THEORY 

Molecular  Dynamics 

The  MD  method  of  simulation  consists  of  dividing  time  into  discrete  intervals  and 
solving  Newton’s  equations  iteratively  for  N  particles  (rp  ...»  rN )  under  the  influence  of  a 
potential  V(rj ,  . . . ,  rN ): 

^d^Ct^.jW  1. 

dt2  dr; 

The  iterative  solution  to  this  problem  is  called  an  integration  algorithm.  The  basic  idea  is  that  an 
initial  set  of  positions  and  velocities  are  adjusted  iteratively  according  to  the  integration 
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algorithm  for  each  time  step,  thus  tracing  out  a  path  in  phase  space  with  time.  A  time  step  in  our 
simulations  is  typically  1-3  femto  seconds  (10'rt  s).  These  simulations  use  the  time-reversible 
algorithm  of  Tuckerman,  et.  al.  [7]. 

The  core  of  the  MD  method  is  the  choice  of  potential.  The  potential  developed  by 
Vashishta,  et.  al.  for  Si02  and  Si3N4  includes  two  body  (central)  contributions  from  steric 
repulsion,  screened  Coulomb,  and  charge-dipole  interactions  [8-10],  The  Stillinger- Weber  type 
three  body  interaction  accounts  for  bond-bending  and  bond-stretching  effects.  Potential  cutoffs 
are  employed  for  both  two  and  three  body  terms. 

Initial  Confi  go  ration 

The  simulation  consists  of  a  rectangular  slab  of  Si3N4  positioned  below  a  rigid  silicon 
(Si)  or  Si3N4  indenter.  The  attractive  interactions  between  the  Si  in  the  indenter  and  the  nitrogen 
in  the  substrate  were  turned  off  for  the  Si  indenter  simulations  to  avoid  the  complication  of  tip- 
substrate  adhesion.  The  interactions  between  the  Si3N4  indenter  and  substrate  were  not 
restricted.  Simulations  were  run  for  three  different  substrate  sizes.  1)  75,803  total  atoms,  with 
dimensions  12 1.21  A  X  1 16.64A  in  the  plane  normal  to  the  indentation,  and  55.61  A  thick.  2) 
1,061,528  total  atoms  with  282.83A  X  279.93A  normal  dimensions  and  139.02  A  thick.  3) 
10,614,240  total  atoms  with  606.07A  X  606.52A  normal  dimensions  and  300.29  A  thick.  For 
the  crystalline  configurations,  the  indented  surface  was  a  (0001)  surface  of  a-Si3N4.  Periodic 
boundary  conditions  were  applied  in  the  other  two  directions  which  are  parallel  to  the  (±  2 1 0) 
and  (1  0 1 0)  crystallographic  planes.  The  amorphous  systems  were  prepared  by  heating  the 
crystalline  substrates  in  bulk  (all  boundaries  periodic)  to  6000  K  and  thermalizing  for  15,000 
time  steps,  each  time  step  corresponding  to  1  fs,  and  then  gradually  cooling  to  0  K.  Structure 
factor  and  pair  correlations  were  calculated  and  are  characteristic  of  amorphous  Si3N4. 

In  case  1,  a  conical  Si3N4  indenter  with  tip  radius  5  A  was  shaped  from  the  a-Si3N4 
crystal  with  its  c  axis  parallel  to  the  indent  direction.  In  the  second  and  third  cases,  a  square- 
based,  pyramidal  Si  indenter  was  used.  Its  size  was  chosen  so  that  its  height  corresponds  to  a 
maximum  indentation  depth  of  about  one-third  of  the  substrate  thickness. 

Simulation  Procedure 

Langevin  dynamics  were  used  to  control  the  temperature  during  the  simulation.  In  this 
method,  a  simulated  viscous  force  dissipates  excess  kinetic  energy  out  of  the  system  at  a  rate 
determined  by  a  time  constant,  x.  During  periods  of  heavy  temperature  control,  such  as 
quenching  or  gradual  heating,  a  low  x  is  used.  During  the  main  part  of  the  simulation  when  we 
want  to  interfere  with  the  natural  dynamics  of  the  system  as  little  as  possible,  a  high  x  is  used. 
Each  system  was  damped  at  0  K  for  100  time  steps  with  a  step  size  of  3  fs.  Then  the 
system  was  gradually  heated  over  500  steps  to  300  K,  using  a  step  size  of  2  fs.  The  indenter 
was  then  moved  toward  the  surface  at  a  rate  of  200  m/s,  or  4  A  every  1000  time  steps,  with  a 
step  size  of  2  fs.  The  indenter  and  the  lowest  layer  of  atoms  in  the  substrate  were  held  rigid 
throughout  the  simulation.  The  total  load  on  the  indenter  and  the  total  energy  of  the  system 
were  monitored  throughout  the  indentation  process. 

RESULTS 

Rigid  Silicon  Indenter 

The  10  million  atom  crystalline  and  1  million  atom  crystalline  and  amorphous 
simulations  were  carried  out  using  a  rigid  Si  indenter  with  no  attractive  interaction  between  the 
indenter  and  substrate.  The  load-displacement  curves  for  the  1  million  atom  simulations  are 
shown  in  figure  1.  Hardness  is  usually  defined  as  the  maximum  load  divided  by  the  projected 
area  of  the  indent.  From  the  figure  one  can  see  that  the  hardness  is  lower  in  the  amorphous 
system.  However,  a  decaying  of  the  load  with  time  is  apparent  in  figure  1,  most  obviously  at 
the  end  of  the  indent  before  the  unloading  part  of  the  curves  (The  diverging  slope  at  42  A 
displacement).  The  time  constant  for  this  decay  is  on  the  order  of  1  ps.  A  better  simulation 
schedule  would  indent  slowly  enough  to  allow  this  decay  to  take  place,  or  better  still,  we  would 
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Figure  1.  Load-displacement  curves  for  (a)  a-Si3N4  and  (b)  amorphous  Si3N4. 

like  to  indent  in  small  increments,  each  increment  followed  by  a  long  thermalization,  and  report 
the  resulting  averaged  load  for  each  small  displacement  of  the  indenter.  This  should  remove  the 
ambiguity  apparent  in  figure  1.  For  now  this  has  not  been  practical  and  we  have  approximated 
the  hardness  measurement  by  using  the  lowest  value  of  load  occurring  at  maximum 
displacement.  Then,  using  the  methods  described  by  Pollock  [1],  we  obtained  the  Young’s 
modulus  from  the  initial  slope  of  the  unloading  curve.  These  values  are  380  GPa  for  the 
crystalline  case  and  290  GPa  for  the  amorphous  case.  These  compare  well  with  values 
computed  previously  for  this  potential  of  420  GPa  for  a-Si3N4  and  280  GPa  for  amorphous 

The  local  stress  tensor  was  computed  for  several  configurations  of  the  10  million  atom 
a-Si3N4  simulation.  Such  large  simulations  should  make  it  possible  to  compare  local  stress 
calculations  with  stress  distributions  calculated  from  elasticity  theory.  The  local  pressure  (trace 
of  the  stress  tensor)  is  shown  in  figure  2  for  several  of  our  configurations.  The  figures  show  a 
hemispherical  region  of  high  compressive  pressure  directly  under  the  indenter,  which  is 
associated  with  permanent  deformation.  Also  visible  is  compressive  pressure  of  much  smaller 
magnitude  that  has  been  transmitted  to  regions  of  the  film  far  below  the  indenter.  This  region  is 
elastically  deformed,  and  the  recovery  of  this  deformation  on  unloading  is  the  reason  for  the 
finite  slope  of  the  unloading  curves  in  figure  1,  making  the  determination  of  the  Young’s 
modulus  possible  [1].  Finally,  we  note  that  in  a-Si3N4,  there  are  residual  tensile  pressures  left 
over  after  the  unloading  cycle  in  regions  that  were  never  touched  by  the  indenter.  One 
assumption  usually  made  for  indentation  experiments  is  that  the  plastic  deformation  is 
determined  by  the  indent  size,  which  is  probably  approximately  true  for  larger  scale 
microindentation  experiments.  On  this  scale  for  a-Si3N4,  however,  plastic  deformation  is  not 
limited  to  the  area  of  the  actual  indent. 

Rigid  Silicon  Nitride  Indenter 

The  75,000  atom  system  was  used  to  study  surface  adhesion  and  small  indent 
displacements.  A  small  section  of  the  configuration  along  with  the  initial  part  of  the  loading 
curve  is  shown  in  figure  3.  There  is  now  a  small  negative  dip  in  the  load  curve  before  contact 
due  to  the  attractive  interaction  between  the  indenter  and  substrate  surface.  The  displacement 
zero  was  set  to  where  the  force  returns  to  zero.  The  positive  indenter  load  beyond  this 
corresponds  to  indentation  of  the  surface.  There  is  a  sudden  relaxation  in  the  load  with 
increasing  displacement  just  beyond  2  A  indent  due  to  the  onset  of  plastic,  or  irreversible. 
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Figure  2.  Local  pressure  for  a)  half  slice  and  b)  directly  below  the  indenter  50A 
beneath  the  surface.  The  figures  show  (from  top  to  bottom)  before  loading, 
indenter  displacement  of  80  A,  and  after  loading.  Lighter  colors  are  compressive 
pressures  while  darker  are  tensile. 

deformation.  A  similar  feature  appears  in  the  figure  1  curves,  but  is  small  compared  to  the 
overall  scale  of  those  curves.  We  will  analyze  each  of  these  new  features  in  turn. 

The  load-displacement  curves  for  approach  to  the  surface  are  shown  in  figure  4.  The 
first  figure  shows  no  hysteresis  in  the  loading  and  unloading  cycle,  indicating  a  reversible 
process.  As  the  tip  moved  to  approximately  0.5  A,  we  see  the  onset  of  a  hysteresis  in  the  load- 
displacement  curve,  as  the  attractive  trough  reaches  its  minimum.  Bond  coordination  analysis 
has  shown  that  3-coordinated  Si  atoms  in  the  tip  begin  to  participate  in  4-coordinated  tetrahedral 
units  with  nitrogen  atoms  in  the  surface,  which  is  the  usual  configuration  for  bulk  Si3N4.  The 
breaking  of  these  bonds  on  unloading  leads  to  hysteresis  in  the  load-displacement  curve  for  the 
cycle,  even  though  there  is  no  plastic  deformation. 

Load-displacement  curves  for  small  indents  are  shown  in  figure  5.  For  a  maximum  load 
occuning  before  the  first  peak  in  figure  3,  the  process  is  purely  elastic  (left  graph  in  figure  5). 
Plastic  deformation  as  indicated  by  hysteresis  in  the  load-unload  cycle  appears  as  the  maximum 
displacement  is  increased  beyond  the  first  peak  (right  graph  in  figure  5).  Close  inspection  of  the 
surface  after  this  last  indentation  shows  that  some  nitrogen  atoms  have  been  pulled  from  their 
lattice  positions.  No  permanent  damage  occurred  for  smaller  indents.  In  general,  ceramics 
exhibit  elastic-plastic  behavior  during  indentation,  characterized  by  small  elastic  displacements 
followed  by  plastic  rearrangement  of  the  material  under  the  indenter.  All  of  our  load- 
displacement  curves  show  steady  increases  of  the  load  with  displacement  followed  by  brief 
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Figure  3.  Initial  configuration  for  the  rigid  Si3N4  indenter  showing  only  a  small 
part  of  the  surface.  Also  shown  is  the  load  portion  of  the  load-displacement 
curve  for  an  indent  of  approximately  6  A. 


Figure  4.  Load/unload  cycles  for  maximum  displacements  near  the  load  minimum. 
The  graph  on  the  right  shows  hysteresis  due  to  the  formation  and  breaking  of  tip- 
surface  bonds  during  the  load/unload  cycle. 


Figure  5.  Load/unload  cycles  for  displacements  near  the  first  load  relaxation.  As 
the  peak  is  traversed,  hysteresis  in  the  right  graph  indicates  the  onset  of  plastic 
deformation.  Just  before  the  peak  (left  graph),  the  indent  is  purely  elastic. 
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relaxations,  even  at  indents  beyond  the  first  peak  in  the  curve.  These  further  instances  of 
relaxation  in  the  load  could  have  a  similar  interpretation  as  the  one  just  presented. 

CONCLUSION 

i,.75  J°xTSa,nd’ 1  311(1 10  million  atom  simulations  of  both  amorphous  and 

crystalline  Si3N4  have  been  presented.  The  load  displacement  curves  for  the  1  million  atom 
systems  show  relaxation  effects  that  should  be  accommodated  in  a  modified  simulation 
schedule.  Still  the  main  features  of  these  curves  are  valid  and  show  a-Si3N4  to  be  harder  than 
amorphous  Si3N4.  Further,  the  elastic  moduli  estimated  from  these  curves  are  in  good 
agreement  with  the  bulk  values  known  for  this  potential.  Local  pressure  distributions  for  the  10 
million  atom  system  showed  that  the  elastic  deformation  extends  to  a  considerable  distance  from 
the  indent  area.  Additionally,  residual  stresses  beyond  the  area  of  the  indent  after  unloading 
suggests  plastic  deformation  at  significant  distances  from  the  immediate  indent  area.  Finally  by 
using  a  Si3N4  indenter  we  modeled  attractive  interactions  between  the  indenter  tip  and  substrate 
surface.  We  found  that  the  formation  and  breaking  of  tip-surface  bonds  determines  the  onset  of 
hysteresis  in  the  load/unload  cycle.  On  indentation  of  the  surface,  we  have  found  that  plastic 
deformation  begins  at  a  depth  that  can  be  predicted  from  the  first  peak  of  the  load  curve  where 
the  load  relaxes  slightly  with  increasing  displacement,  which  is  a  manifestation  of  the  elastic- 
pi  ashc  nature  of  the  material. 
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ABSTRACT 

The  relationship  between  intergranular  microstructures  and  cavitation  is  examined  in  a 
yttria-stabilized  tetragonal  zirconia  doped  with  0.2-0.4  wt%  Si02  under  constant  stress  loading  in 
tension.  An  increase  in  the  initial  grain  size  for  a  constant  Si02-addition  or  an  increase  in 
Si02-addition  for  a  constant  grain  size  enhances  the  precipitation  of  a  glass  phase  at  the  multiple 
grain  junctions  during  deformation.  Simultaneously  with  the  enhanced  glass  phase  precipitation, 
intergranular  cavitation  is  also  enhanced.  This  is  because  the  precipitated  glass  phase  act  as  the 
site  of  cavity  formation. 

INTRODUCTION 

Small  amount  of  Si02-addition  is  known  to  strongly  affect  the  high  temperature  deformation 
of  yttria-stabilized  tetragonal  zirconia  (Y-TZP)  with  a  grain  size  of  about  0.3  fixn  [1].  Although 
the  addition  of  pure  Si02  simply  decreases  the  flow  stress,  the  tensile  ductility  of  Y-TZP  is 
steeply  decreased  by  a  Si02-addition  of  0.3  wt%.  The  decrease  in  ductility  is  caused  from  the 
occurrence  of  crack-like  cavities  growing  quickly  in  the  direction  perpendicular  to  the  stress  axis 
[1].  A  recent  study  on  the  Y-TZP  doped  with  0.3  wt%  Si02  [2]  has  suggested  that  the  crack-like 
cavitation  correlates  to  a  glass  phase,  which  is  absent  before  deformation,  precipitated  at  the 
multiple  grain  junctions.  The  study  has  also  suggested  that  the  precipitation  of  the  glass  phase 
results  from  grain  growth  during  deformation.  If  these  suggestions  are  correct,  the  precipitation 
of  glass  phase  and  hence  the  cavitation  should  be  enhanced  with  increasing  initial  grain  size  for  a 
constant  Si02-addition  or  with  increasing  Si02-addition  for  a  given  initial  grain  size.  To  examine 
this  point  closely,  we  investigated  the  creep-deformed  microstructures  of  Si02-doped  3Y-TZP  as 
a  function  of  initial  grain  size  and  the  amount  of  Si02-addition. 

EXPERIMENTAL  PROCEDURE 

High  purity  3Y-TZP  (containing  3  mol%  yttria,  Al2O3<50,  SiO2=50,  Fe2O3<50,  Na2O=220 
in  wt  ppm,  Tosoh  Co. ,  Japan)  doped  with  0.2-0.4wt%  Si02  was  sintered  at  1573-1623  K  for  2  h 
to  adjust  the  grain  sizes  in  a  range  between  0.2  and  0.4  fim.  Dog-bone-shaped  tensile  specimens 
with  a  gage  length  of  10  mm  were  machined  from  the  materials  [1].  Tensile  creep  tests  at  a 
constant  stress  of  20  MPa  were  performed  at  1673  K  in  vacuum  of  2X10'3.  The  grain  size 
defined  as  1.56L,  where  L  is  the  average  intercept  length  of  grains,  was  measured  from  SEM 
micrograph.  For  microstructural  observations  with  a  JEOL  JEM-2000EX,  specimens  were  cut 
from  the  deformed  gage  section,  mechanically  polished  to  a  thickness  of  100  fim  and  thinned  by 
the  Ar  ion-milling  machine. 
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RESULTS 

1.  Effects  of  initial  grain  size  on  creep  behavior 


Figure  1  shows  creep  curves  for  0.3-wt%-SiO2-doped  materials  with  initial  grain  sizes 
among  0.22  and  0.4  ^m.  Although  the  strain  rate  differs  from  each  other  owing  to  the  difference 
in  the  initial  grain  size,  each  creep  curve  exhibits  three  distinctive  regions.  These  are  the 
primary-like  region  where  strain  rate  decreases  with  strain,  the  quasi-steady  state  region  where 
decrease  in  strain  rate  saturates  and  the  tertiary  region  where  strain  rate  increases  with  strain.  As 
indicated  with  arrows,  the  tertiary  region  is  brought  forward  with  an  increase  in  the  initial  grain 
size.  Since  the  tertiary  region  starts  with  the  occurrence  of  the  crack-like  cavitation  [2],  the 
figure  indicates  that  the  cavitation  is  also  advanced  with  the  increasing  initial  grain  size.  In 
accordance  with  this,  severer  cavitation  appeared  in  materials  having  coarser  grain  sizes  at  a 
given  creep  strain  in  the  tertiary  region.  Figures.  2(a)  and  (b)  are  the  typical  example  of  this 
situation:  both  axial  lengths  of  crack-like  cavities  and  total  cavity  density  increases  with  an 
increase  in  the  initial  grain  size  from  0.27  to  0.4  jum. 

2.  Effect  of  Si02-addition  on  creep  behavior 


Figure  3  shows  the  change  in  creep  behavior  resulting  from  an  increase  in  Si02-addition 
for  a  constant  initial  grain  size  of  0.27  fim.  The  figure  clearly  indicates  that  the  increasing 
SiOz-addition  also  brings  forward  the  onset  of  the  tertiary  region  and  hence  the  crack-like 
cavitation.  More  enhanced  cavitation  at  a  given  strain  in  the  tertiary  region  also  appeared  with 
the  increased  Si02-addition.  These  aspects  bear  a  close  resemblance  to  those  caused  from  the 
increased  grain  size  for  the  constant  Si02-addition. 


True  Strain,  a 

Fig.  1  Effects  of  initial  grain  size  on  creep  behavior  in  0.3  wt%  Si02-doped  3Y-TZP. 
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Fig.  2  Optical  micrographs  of  cavity  morphologies  in  0.3  wt%  Si02-doped  3Y- 
TZP  deformed  to  failure.  Initial  grain  sizes  were  (a)  0.27  and  (b)  0.4  fim. 


3.  Undeformed  and  deformed  microstructure 


Figure*,  4(a)  and  (b)  are  bright  field  TEM  micrographs  of  the  0.3-wt%-SiO2-doped  materials 
with  initial  grain  sizes  of  0.27  and  0.4  fim ,  respectively.  The  undeformed  materials  consisted  of 
equiaxed  grains  with  faceted  boundaries  and  no  intergranular  glass  phase  was  observed  along 
grain  boundaries.  For  the  materials  doped  with  0.3  wt%  Si02,  some  nanometer-sized  glass 
pockets  were  found  at  multiple  grain  junctions  for  grain  sizes  of  0.35-0.40  fim  (Fig.  4(b)),  but 
not  for  grain  sizes  of  0.22-0.27  pm  (Fig.  4(a)).  For  the  constant  grain  size  of  0.27  pm,  the  glass 

pockets  were  observed  in  the  material  doped  with  0.4  wt%  Si02. 

After  deformation  to  failure,  many  glass  pockets  appeared  in  materials  where  such  pockets 
had  been  absent  before  deformation  (Fig.  4(a)).  For  materials  where  the  nanometer-sized  glass 
pockets  had  preexisted,  the  number  and  size  of  the  grass  pockets  were  found  to  increase  after 
deformation  (Fig.  4(d)).  The  important  feature  is  that  small  cavities  coexisted  in  such  glass 
pockets  (Figs.  4(c)  and  (d)).  In  addition,  detailed  observation  revealed  that  some  of  the  glass 
pockets  included  cavity  nuclei  as  typically  shown  in  Fig.  4  (e).  These  features  indicate  that  the 
cavities  formed  in  the  precipitating  and/or  growing  glass  pockets  during  deformation. 

DISCUSSION 


>  The  first  P°int  of  *e  present  results  is  the  precipitation  of  a  glass  phase  at  the  multiple 
grain  junctions.  Earlier  studies  on  the  grain  boundary  microstructures  [2,  3]  and  grain  boundary 
electric  conductivities  [4]  of  Si02-doped  3Y-TZP  have  indicated  that  for  a  given  average  grain 
size,  a  critical  Si02 -addition  exists  for  the  precipitation  of  a  glass  phase  at  multiple  grain  junctions. 
A  previous  study  [3]  has  also  shown  that  more  than  95%  of  the  phase  consists  of  Si02  and  the 
critical  Si02-addition  per  unit  boundary  area  is  about  27  pmoi/mm2  [3].  For  an  average  grain 
size  of  0.27  fim  in  the  present  study,  0.3  wt%  Si02  corresponds  to  the  critical  addition.  For 
Si02-additions  less  than  the  critical  value,  Si02  can  be  assumed  to  segregate  along  grain  boundaries 
as  reported  for  a  5-wt%-Si02-doped  Y-TZP  [5], 

In  this  situation,  the  increasing  grain  size  from  0.27  fim  for  0.3  wt%  Si02  or  the  increasing 
Si02-addition  from  0.3  wt%  for  the  grain  size  of  0.27  fim  should  lead  to  the  precipitation  of  glass 
phase.  Indeed,  such  a  relationship  between  grain  size  and  Si02-addition  holds  in  the  undeformed 
materials  as  typically  shown  in  Figs.  4  (a)  and  (b).  For  deformed  materials,  the  occurrence  of 
glass  pockets  in  materials  doped  with  Si02  up  to  the  critical  value  (Fig.  4(c))  or  less  can  be 
attributed  to  grain  growth  during  creep  deformation.  This  is  because  grain  growth  during 
deformation  reduces  grain  boundary  area  per  unit  volume  and  thus  the  Si02-concentration  exceeds 
the  critical  value.  The  increased  size  and  density  of  glass  pockets  in  materials  with  higher 
Si02-concentrations  (Fig.  4(d))  can  be  also  attributed  the  reduction  in  grain  boundary  area  due  to 
grain  growth. 

The  next  point  is  the  relationship  between  the  glass  phase  and  cavitation.  The  occurrence 
of  cavities  in  the  glass  pockets  (Figs.  4  (c)-(e))  clearly  indicates  that  the  precipitating  and/or 
growing  glass  pockets  act  as  the  site  of  cavity  formation.  It  follows  that  when  the  precipitation 
of  glass  phase  is  enhanced  by  heightened  Si02-concentrations,  cavity  formation  should  be  also 
enhanced.  This  is  just  the  case  in  the  present  results  shown  in  Figs.  1  through  3. 
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Fig.  4  Bright  field  TEM  micrographs  of  the  0.3-wt%-SiO2-doped  3Y-TZP  with  initial  grain  sizes 
of  0.27  and  0.4  /zm.  (a)  and  (b)  are  undeformed,  and  (c)  through  (e)  are  deformed  to  failure. 
Nanometer-sized  glass  pockets  are  indicated  with  arrows,  (e)  also  shows  a  cavity  nucleus  in  the 
precipitated  glass  phase. 
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According  to  the  cavitation  mechanism  proposed  for  glass-doped  ceramics  [6,  7],  cavities 
can  nucleate  in  a  glass  phase  by  hydrostatic  tension  induced  by  grain  boundary  sliding  and  they 
grow  by  viscous  flow  of  the  glass  phase  [6,  7]  or  by  a  solution-precipitation  mechanism  [7].  The 
occurrence  of  cavities  in  the  glass  pockets  (Figs.  4(c)-(e))  strongly  suggests  that  such  a  cavitation 
mechanism  works  in  the  present  Si02-doped  3Y-TZP.  Although  the  detailed  mechanism  of  the 
crack-like  cavity  growth  (Fig  2)  is  still  not  clear,  the  present  results  indicates  that  the  precipitation 
of  glass  pockets  at  multiple  grain  junction  plays  a  central  role  in  the  enhanced  cavitation  in 
3Y-TZP  doped  with  small  amounts  of  Si02. 

SUMMARY 


With  an  increase  in  the  initial  grain  size  from  0.22  to  0.4  ^m  for  a  constant  Si02-addition 
of  0.3  wt%  or  with  an  increase  in  Si02-addition  from  0.2  to  0.4  wt%  for  a  constant  grain  size  of 
0.3  fim,  the  precipitation  of  a  glass  phase  is  enhanced  at  the  multiple  grain  junctions  in  a 
3Y-TZP.  Simultaneously  with  the  enhanced  glass  phase  precipitation,  intergranular  cavitation  is 
enhanced  and  the  onset  of  tertiary  creep  region  was  advanced.  Such  microstructural  observation 
that  cavities  occur  in  the  glass  phase  at  the  multiple  grain  junctions  indicates  that  the  precipitated 
glass  phase  acts  as  the  site  of  cavitation. 
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ABSTRACT 

We  simulate  fracture  in  two  amorphous  solids  with  different  inter-particle  potentials. 
These  small  changes  in  potential  result  in  significant  changes  in  dissipation  near  the 
crack  tip.  While  one  might  expect  these  effects  to  arise  from  a  change  in  flow  stress, 
measurements  reveal  this  is  not  the  case.  To  understand  why,  we  consider  the  relationship 
between  crack  dynamics,  rate-dependent  plasticity,  and  molecular-level  structures  in  the 
glassy  solid.  In  particular  we  discuss  the  macro-scale  continuum  theory  of  dynamic  brittle 
fracture  in  a  viscoplastic  solid  developed  by  Freund  and  Hutchinson  and  the  meso-scale 
theory  of  viscoplasticity  proposed  by  Falk  and  Langer.  We  further  consider  a  simplified 
model  on  the  molecular  scale  as  a  first-step  toward  the  construction  of  first-principles 
models  of  dynamic  plasticity  and  the  brittle  ductile  transition  in  noncrystalline  materials. 

INTRODUCTION 

The  concepts  of  brittleness  and  ductility  are  central  to  any  understanding  of  failure  in 
solids.  Understanding  what  makes  a  material  brittle  or  ductile  under  particular  loading 
conditions  at  a  given  temperature  requires  linking  the  molecular  phenomena  which  un¬ 
derlie  plastic  flow  to  the  mechanics  of  the  larger  scale  on  which  the  crack  is  loaded.  This 
paper  attempts  to  present  how  one  may  connect  continuum  models  of  fracture  to  meso- 
scale  models  of  viscoplasticity  and  molecular-level  models  of  “defect”  regions  to  begin 
to  develop  a  theory  of  brittle  and  ductile  fracture  in  non-crystalline  solids  akin  to  those 
developed  for  crystalline  materials  [1]. 

The  starting  point  of  this  analysis  will  be  results  from  molecular-dynamics  (MD) 
simulations  performed  in  simple  2D  analogs  of  noncrystalline  solids,  but  the  theoretical 
considerations  may  be  applicable  to  a  more  general  set  of  practically  important  materials 
systems.  The  simulated  system  is  similar  in  some  ways  to  metallic  glasses  which  have 
been  observed  to  undergo  transitions  between  ductile  and  brittle  behavior  as  a  function 
of  temperature  and  due  to  small  amounts  of  dilute  crystallization. [2]  Similar  transitions 
are  critical  to  the  processing  of  colloidal  ceramic  systems  which  undergo  brittle-ductile 
transitions  due  to  changes  in  salt  content,  i.e.  changes  in  inter-particle  interactions. [3] 

SIMULATIONS 

This  section  briefly  describes  the  results  of  a  pair  of  MD  simulations  of  fracture  in  a 
simple,  2D  amorphous  solid.  While  these  simulations  are  examples  of  brittle  and  ductile 
behavior  our  point  here  is  not  simply  to  differentiate  between  brittle  behavior  and  ductile 
behavior,  but  rather  to  establish  a  connection  between  a  particular  change  in  the  under¬ 
lying  inter-particle  potential  and  a  change  in  fracture  behavior  which  is  measurable  as  the 
observed  fracture  toughness.  The  details  of  these  simulations  will  be  published  elsewhere 
[4]  and  only  the  results  relevant  to  the  present  line  of  analysis  will  be  presented  here. 

•Present  address:  DEAS,  Harvard  University,  Cambridge,  MA  02138 
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Figure  1:  The  LJ  and  CLJ  potentials.  Energy  is  in  units  of  e,  distance  is  in  units  of  r0. 

The  simulated  systems  consisted  of  90,000  particles  in  2D  interacting  via  a  two-body 
potential.  In  order  to  avoid  problems  of  crystallization,  we  simulated  a  poly-disperse 
collection  of  particles  composed  of  eight  species  in  equal  proportion  with  radii  from  ap¬ 
proximately  0.34  to  0.67  units.  The  radius  of  each  species  was  10%  larger  than  the  next 
smallest,  and  the  total  volume  of  the  collection  was  the  same  as  if  the  particles  were  all 
of  radius  0.5.  The  system  is  comparable  to  a  single  component  system  in  which  the  rest 
spacing  between  two  molecules  is  r0  =  1.  The  masses  of  all  particles  were  taken  to  be  1. 

The  inter-particle  potential  was  different  in  the  two  simulations.  In  the  simulation 
which  displayed  ductile  behavior  a  Lennard- Jones  (LJ)  potential  was  used 


where  r  is  the  inter-particle  distance,  ra  and  rfi  are  the  radii  of  the  two  particles,  and  e 
is  scaled  to  be  1.  In  the  simulation  which  displayed  brittle  behavior  a  different  potential 
was  used.  We  will  refer  to  this  potential  as  a  Compressed  Lennard-Jones(CLJ)  potential 
because  it  is  the  standard  LJ  potential  rescaled  around  the  center  of  the  potential  well, 

UapJ(r)  =  r  +  (1  -  A)(ra  -f  rp)).  (2) 

The  parameter  A  was  chosen  to  be  1.5.  This  means  that  width  of  the  potential  well  was 
smaller  by  33%,  and,  consequently,  the  effective  range  of  interaction  was  also  shortened 
compared  to  the  standard  LJ  interaction.  For  the  sake  of  comparison  Fig.  1  shows  both 
potentials.  In  both  cases  interactions  were  cut  off  at  a  range  of  rc  «  2.2r0.  The  elastic 
constants  of  the  two  samples  were  measured:  the  LJ  solid  was  observed  to  have  Young’s 
and  shear  modulii  of  34 e/rj  and  lOe/rJ  respectively;  the  CLJ  solid  39 e/rg  and  12 e/r\ 
respectively.  The  simulations  were  performed  at  very  low  temperature,  kT  w  0.1%  - 1%  e. 

By  measuring  the  elastic  constants  of  our  simulated  samples  and  the  stress  at  which 
each  crack  begins  to  propagate  we  can  calculate  G,  the  energy  release  rate  for  each 
fracture  simulation.  We  find  GLJ  =  4.1e/r0  and  GClj  =  2.4e/r0.  G  can  be  considered  to 
arise  from  a  surface  energy  and  a  dissipation  per  unit  crack  extension,  G  =  27  -j-  Gd 
The  value  of  7  is  measured  to  be  0.94e/ro  in  the  LJ  system  and  1.04e/r0  in  the  CLJ 
system.  This  means  that  for  the  LJ  case  the  ratio  of  energy  dissipated  to  the  energy 
expended  creating  surface  GdisJ 27  =  1.19,  while  for  the  CLJ  case  this  ratio  is  0.14. 
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DISCUSSION  AND  CONCLUSIONS 
Macroscopic:  brittle-ductile  behavior 

Why  does  this  change  in  inter-particle  potential  lead  to  a  change  from  ductile  to  brittle 
behavior?  We  begin  by  considering  the  theory  of  high  strain-rate  crack  growth  developed 
by  Freund  and  Hutchinson  [5].  In  this  theory  the  plastic  strain  rate  is  considered  negligible 
below  some  shear  stress  <7 fUm  and  above  this  stress  the  strain  rate  £PJ  rises  linearly. 

epl  =  £0  {a9  -  a flow) / M  (3) 

Here  /z  is  the  shear  modulus;  as  is  the  applied  shear  stress.  The  energy  release  rate  of 
the  brittle  crack  is  found  to  diverge  at  both  high  and  low  velocity.  Between  these  two 
diverging  limits  there  exists  a  velocity  at  which  the  energy  release  rate  of  the  crack  is  a 
minimum.  The  crack  cannot  propagate  when  driven  at  less  than  this  minimum  energy 
release  rate  which  depends  on  the  specifics  of  the  plastic  response  described  in  Eq.  (3). 

(G min /G tip)  ~  1  +  Cio/ W 

where  Glip  is  the  bare  fracture  toughness  near  the  tip,  and  C  is  a  proportionality  constant 
which  depends  on  the  shear  modulus,  density  and  C?^p. 

In  the  context  of  this  theory  we  can  ask  what  would  cause  one  material  to  propagate 
a  brittle  crack  while  another  admits  only  ductile  failure.  Since  a  given  mode  of  failure  can 
only  result  if  a  propagating  solution  exists,  we  can  conjecture  that  the  ductile  failure  mode 
results  when  the  propagating  brittle  solution  becomes  inaccessible.  This  implies  that  the 
minimum  energy  release  rate  for  brittle  fracture  is  inaccessible  in  the  ductile  material  and 
not  in  the  brittle  material.  For  brittle  behavior  to  have  resulted  from  the  CLJ  potential 
then,  the  minimum  energy  release  rate  should  have  decreased  when  the  potential  well 
width  was  narrowed.  This  further  implies  that  the  narrowing  of  the  potential  either 
caused  a  decrease  in  £0,  the  sensitivity  of  the  strain  rate  to  a  change  in  applied  stress,  or 
an  increase  in  <Tfiow,  the  critical  stress  for  appreciable  plastic  flow. 

We  might  at  first  suspect  that  we  have  changed  the  potential  in  such  a  way  as  to 
raise  the  critical  stress  for  plastic  flow  and  this  has  caused  the  material  to  become  brittle. 
This  is  not  the  case.  Using  our  MD  procedure  we  can  directly  measure  the  stress  above 
which  the  material  begins  to  flow.  Bulk  measurements  of  <jfiow  obtained  by  simulating  the 
two  systems  in  periodic  boundary  conditions  with  zero  applied  pressure  and  a  constant 
applied  shear  strain  rate  reveal  <7fi0W  =  0.4e/r q  for  both  systems. 

Having  eliminated  a fiow  as  the  responsible  parameter  for  the  change  in  the  mode  of 
failure,  we  must  consider  the  parameter  i0.  This  parameter  corresponds  to  the  sensitivity 
of  the  strain  rate  to  an  applied  stress  above  the  flow  stress. 

£0  =  M  (aef/affj  +  (5) 

V  1 aflovi 

Mesoscopic:  viscoplasticity  in  amorphous  solids 

We  will  discuss  the  plastic  response  in  the  context  of  one  particular  theory  of  viscoplas¬ 
ticity  in  amorphous  solids[6].  In  this  model  the  plastic  flow  arises  from  a  population  of 
oriented  two-state  regions  called  “shear  transformation  zones”  (STZ).  These  STZ’s  are  par¬ 
ticularly  susceptible  to  deformation  under  one  sense  of  shear  and  when  an  STZ  undergoes 
a  transition  it  becomes  susceptible  to  an  opposite  applied  shear. 
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The  rate  of  plastic  strain  is  related  to  the  rate  at  which  STZ’s  flip  states, 

ipJ  =  Vz  Ae  [R+  n+  -  R_  n_] ,  (6) 

where  Vz  is  the  typical  volume  of  a  region,  Ae  is  the  increment  of  local  strain  due  to  an 
individual  flip,  n±  are  the  population  densities  of  STZ’s  in  each  of  the  states,  and  R±  are 
functions  of  the  stress  describing  the  rate  at  which  transitions  occur. 

The  specifics  of  the  R±  are  the  most  important  aspect  for  determining  the  time  de¬ 
pendence  of  the  plastic  flow.  In  [6]  the  transition  rates  are  written  as  volume  activated 
processes.  That  is,  the  rates  are  written  in  the  form  R±  =  R 0  exp[-Ay*/u/]  where,  for 
the  purpose  of  this  analysis,  we  will  assume  Rq  to  be  a  constant  attempt  frequency,  vf 
is  a  free  volume  per  particle,  and  Ay*  is  a  free  volume  needed  to  activate  a  transition. 
Ay*  is  a  function  of  the  applied  shear  stress  which  we  chose  to  have  the  simplest  one 
parameter  functional  form  for  which  the  volume  is  assured  to  be  non-negative. 

A V*(as)  =  y0*  exp{-as/p)  (7) 

where  VJ  is  the  free  volume  needed  to  activate  a  transition  at  zero  stress,  and  £  is  a 
modulus  characterizing  the  sensitivity  of  the  activation  volume  to  the  applied  stress.  In 
general,  Vq  vj,  and  since  we  are  interested  in  <73  ~  -\~<7riow,  we  are  in  a  regime  where 
R+  » 

Taking  this  formulation  of  the  transition  rates  into  account,  we  can  consider  the  rate 
of  deformation  described  by  Eq.  (6)  in  the  the  steady-state  flow  regime. 

ipJ  n  V2  Ae  R+  n+  oc  R+laJ^  -  a"1]  (8) 

So,  we  can  evaluate  i0  in  Eq.  (5)  using  Eq.  (8)  to  be 

io  oc  (Rqv/<j}1ow)  exp[-(VJ/vf)  exp(~aflow/p)]  (9) 

This  last  equation  provides  a  first  clue  as  to  which  aspect  of  the  microscopic  behavior 
is  responsible  for  our  observed  change  from  ductile  to  brittle  failure.  Neglecting  the 
prefactors  to  the  exponential,  we  note  that  the  ratio  V^* fvjt  which  we  already  noted  is  a 
large  number,  is  expected  to  depend  primarily  on  the  relative  sizes  of  the  particles  which 
are  the  same  in  both  systems.  Since  we  have  already  eliminated  a  substantial  change  in 
a /tow,  the  only  remaining  parameter  in  this  expression  is  p.  We  can  see  that  the  double 
exponential  causes  e0  to  be  suppressed  by  a  factor  of  exp(-V0*/vf)  when  p  becomes  large. 

Saying  that  iQ  is  highly  sensitive  to  changes  in  p  is  another  way  of  saying  that  the 
sensitivity  of  the  material  flow  rate  to  a  change  in  applied  shear  stress  is  highly  dependent 
on  the  sensitivity  of  the  deformable  regions  (STZ’s)  in  the  solid.  Relating  this  to  Freund 
and  Hutchinson’s  fracture  model  we  can  state  in  more  prosaic  terms  that  the  observed 
change  from  ductile  to  brittle  failure  seems  to  be  due  to  a  corresponding  change  from 
“floppier”  to  “stiffer”  weak  regions  in  the  solid. 

Microscopic:  simplified  model  of  a  two-state  region 

We  are  now  left  with  the  problem  of  how  to  calculate  Ay*(<rs)  in  Eq.  (7),  and  extract 
a  value  of  p  from  microscopic  considerations.  We  conjecture  that  since  the  simulations  are 
carried  out  at  very  low  temperature,  we  are  concerned  with  driven  transitions  and  must 
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Figure  2:  Diagram  of  four  identical  interacting  particles  making  a  transition  between 
stable  configurations;  (b)  is  the  saddle-point  configuration. 


ask:  For  our  model  two-state  system,  constrained  by  its  surroundings  to  a  certain  area, 
what  is  the  maximum  shear  that  it  can  support  before  being  driven  into  a  different  state? 
If  we  can  answer  this  question  we  can  also,  given  some  applied  shear  stress,  determine 
what  free  area  (volume)  a  region  must  have  to  become  unstable. 

We  begin  by  considering  four  molecules  interacting  via  a  two-body  inter-particle  po¬ 
tential  as  in  Figure  2.  Since  this  unit  is  embedded  in  our  solid  it  is  constrained  from 
undergoing  translation  or  rotation.  For  particular  choices  of  the  inter-particle  potential 
this  four-molecule  unit  is  inherently  a  two-state  system.  That  is  to  say  that  for  the  LJ  or 
similar  potential  the  energy  is  minimized  by  having  as  many  bonds  near  the  equilibrium 
bond  length  as  possible.  In  this  system  there  are  two  degenerate  ground  states,  illustrated 
in  Figs.  2(a)  and  2(c),  in  which  five  of  the  six  bonds  are  of  this  length. 

We  can  parameterize  the  energy  of  the  four-particle  system  by  only  two  parameters, 
its  x  and  y  dimensions,  if  we  constrain  it  from  rotating,  translating  or  deforming  asym¬ 
metrically. 

U(x,  y )  =  U(x)  +  V(y)  +  4l/[(l/2)(rr2  +  y 2)1/2]  (10) 

Here  U  can  be  any  two-particle  potential,  but  we  will  concern  ourselves  with  Ulj  and 
Uclj  described  above  in  reference  to  our  simulations.  Furthermore  we  can  consider  the 
case  when  the  area  (two-dimensional  volume)  of  the  system  remains  constant  by  imposing 
the  constraint  A  =  xy.  We  can  also  define  a  local  equivalent  shear  stress 


E.(z,  y)  =  (1/2 A)[x  (dU/dx)  -  y  (dU/dy)}. 


(11) 


At  this  point  it  is  possible  to  understand  why  such  two-state  STZ’s  have  been  visible 
as  “r-defects ,”  the  regions  of  anamolously  high  shear  stress  in  simulations  carried  out  by 
Srolovitz,  et.  at  [7]  Consider  the  condition  for  the  lowest  energy  of  the  configuration, 

(dU/ds)  =  [x2  +  y2]-^2[x  (dU/dx)  +  y(dU/dy)]  =  0,  (12) 

where  we  have  traversed  the  path  of  constraint  by  a  unit  speed  curve  parameterized  by 
s  such  that  ds2  —  dx 2  +  dy2.  We  immediately  note  that  the  condition  for  equilibrium  is 
not  the  same  as  the  condition  for  zero  shear  stress.  In  general  these  two  conditions  are 
not  simultaneously  satisfiable.  It  is  important  to  note  that  an  exception  to  this,  i.e.  a 
case  in  which  the  lowest  energy  configuration  has  no  shear  stress,  is  the  case  where  the 
molecules  interact  only  via  nearest  neighbor  interactions.  This  is  particularly  interesting 
in  light  of  the  simulations  since  the  limit  where  A  >  1  in  Eq.  (2)  is  the  limit  of  solely 
nearest  neighbor  interactions.  Therefore,  we  expect  that  the  CLJ  potential  (A  =  1.5), 
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which  led  to  brittle  fracture  in  our  simulations,  should  show  lower  levels  of  internal  shear 
stresses  and  fewer  “r-defects”  than  the  LJ  potential  (X  =  1)  which  in  the  simulation 
produced  ductile  fracture.  Thus,  the  microscopic  model  strongly  suggests  that  the  range 
of  the  inter-particle  potential  is  crucial  in  determining  whether  these  STZ’s  are  visible  as 
“r-defects.” . 

We  return  now  to  the  question  of  when  our  two-state  STZ  will  become  unstable  to  an 
externally  applied  shear  stress.  The  condition  for  instability  can  be  written 

(dZs/ds)  =  [x2 3 4 5 6 7  +  y2]~1/2[x  (aE s/dx)  -  y  (dl )s/dy)\  =  0  (13) 

where  we  have  again  traversed  the  path  of  constraint  by  a  unit  speed  curve.  We  can 
now  define  the  equivalent  of  a  free  volume  in  our  system,  Af  =  A  —  A0.  Here  A0  is  the 
equilibrium  area  of  the  four-body  system  at  zero  applied  shear  stress  «  \/3  (rj).  We 
can  now  calculate  the  value  of  Af{Es)/Af(0)  at  which  instability  sets  in  for  values  of  the 
shear  stress  Es.  In  fact,  the  functional  form  of  Af  is  similar  to  what  we  had  guessed 
in  Eq.(7).  In  order  to  relate  this  suppression  of  the  activation  volume  to  values  for  p 
in  our  viscoplasticity  model,  we  note  that  the  activation  area  at  Es  =  0.4e/rJ,  a  stress 
comparable  to  the  stresses  in  our  fracture  samples,  is  58%  of  its  value  at  zero  in  the  LJ 
case  and  74%  in  the  CLJ  case.  This  would  correspond  to  pLJ  ~  0.73  and  pCLj  =  1.3. 
Thus,  longer  range  inter-particle  potentials  correspond  to  a  solid  with  “floppier”  two- 
state  regions.  As  we  expected  from  our  previous  analysis,  the  toy  model  with  the  CLJ 
potential  has  a  higher  value  of  p  and,  therefore,  corresponds  to  a  solid  with  “stiffer”  two- 
state  regions.  This  is  in  keeping  with  our  expectations  since  “stiffer”  two-state  regions 
should  also  correspond  to  a  lower  value  of  e0  and,  therefore,  by  Freund  and  Hutchinson’s 
model  to  a  lower  minimum  energy  release  rate  for  brittle  fracture  from  Eq.  (4). 
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ABSTRACT 

The  yield  strength,  the  failure  strength  and  strain  behavior  of  Isotactic  Polypropylene  are 
all  a  function  of  the  molecular  orientation  in  the  polymer.  Further,  although  Isotactic 
Polypropylene  and  PMDA-ODA  polyimide  are  very  different  polymers,  they  behave  similarly 
when  the  strain  rate  is  slow  enough  for  the  polymer  to  be  at  the  low  strain  rate  limit  of  its  failure 
envelope.  A  master  True  Stress-Total  True  Strain  curve  is  obtained  for  both  polymers. 

INTRODUCTION 

Understanding  the  governing  deformation  and  failure  behavior  of  polymers  can  be  daunting  when 
one  considers  the  wide  range  of  fabrication  and  testing,  rates  and  temperatures  that  may  be  used 
to  produce  and  test  a  single  polymer.  Comparison  of  the  behavior  of  very  different  polymers 
seems  more  difficult  but  must  be  addressed  if  general  governing  conditions  for  the  deformation 
and  failure  behavior  of  polymers  are  to  be  developed.  This  paper  addresses  the  problem. 

EXPERIMENTAL 

Isotactic  Polypropylene 

Film  grade  Isotactic  Polypropylene  was  cast  on  a  film  line.  The  resulting  films  were 
spherulitic.  The  films  were  then  drawn  on  a  film  line  to  different  extension  ratio’s  to  produce  two 
drawn  film  series.  The  fabrication  draw  temperature  was  110  C  for  the  Series  1  films  and  125C 
for  the  F  Series  films.  The  stress-strain  curves  of  the  differently  oriented  Series  1  films  were  then 
measured  over  a  wide  range  of  rates  and  temperatures  [1].  The  stress-strain  curves  of  the  F  Series 
films  were  measured  at  room  temperature  while  simultaneously  measuring  the  molecular 
orientaion  in  real-time  using  polarized  infrared  measurements  [2]. 

PMDA-ODA  POLYIMIDE 

This  film  series  was  produced  from  cast  films  of  PMDA-ODA  polyimide  (Kapton  HA) 
that  were  drawn  at  room  temperature  to  different  extension  ratio’s  and  allowed  to  relax.  The 
molecular  orientation  of  the  resulting  nematic  liquid  crystalline  films  was  then  determined  be  x- 
ray  diffraction  [3].  The  stress-strain  curves  of  the  fabricated  oriented  films  was  then  measured  at 
a  rate  of  1 .25  %/minute  at  room  temperature. 

RESULTS  AND  DISCUSSION 

Ductile-  Brittle  Transition 

When  a  polymer  undergoes  yielding  it  is  called  ductile.  When  it  fractures  before  yielding, 
it  is  called  brittle.  In  this  study  all  the  Series  1  Isotactic  Polypropylene  that  had  a  spherulitic 
structure  showed  both  upper  and  lower  yield  point  at  all  strain  rates  and  temperatures  examined. 
Thus  these  samples  were  ductile  under  all  experimental  conditions.  The  films  having  a 
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microfibrillar  structure,  on  the  other  hand,  were  brittle.  Thus,  for  the  samples  studied,  there  is  a 
ductile-  brittle  transition  in  going  from  a  spherulitic  structure  (ductile)  to  a  microfibrillar  structure 
(brittle). 

The  effect  of  orientation  on  the  general  concept  of  a  ductile-brittle  transition  temperature 
is  also  significant.  The  fracture  and  yield  stresses  of  Isotactic  Polypropylene  have  been  reported 
as  a  function  of  temperature  [4],  Above  about  -IOC  the  failure  was  reported  as  ductile  (yielding 
occurs  before  fracture),  whereas  below  -IOC  the  failure  was  brittle  (no  yield).  The  point  at  which 
the  brittle  failure  stress  versus  temperature  line  intersected  the  yield  stress  versus  temperature 
line  was  called  the  brittle-ductile  transition  temperature.  The  structural  state  of  the  sample  that 
was  studied  was  not  reported. 

The  yield  stress  for  the  spherulitic  Series  1  films  of  Isotactic  Polypropylene,  deformed  at 
a  strain  rate  of  100  %/minute  at  different  temperatures,  is  shown  in  Figure  1  [1]. Since  all  of  the 
samples  yielded  at  all  of  the  temperatures,  there  is  no  ductile-brittle  transition  down  to  -196C, 
and  the  yield  stress  is  a  linear  function  of  the  temperature.  Thus  the  concept  of  a  ductile-brittle 
transition  temperature  is  not  fruitful  in  this  study,  since  the  transition  behavior  seems  to  be 
structure  and  not  temperature  dependent. 

True  Stress  and  True  Strain  Failure  Envelopes 

Extensive  studies  of  Isotactic  Polyproplene  tensile  failure  [1,5]  have  shown  that  at  a  fixed 
deformation  temperature  a  failure  envelope  can  be  observed  between  low  and  high  strain  rate 
limits.  Figure  2  shows  the  True-Stress  failure  envelope  for  the  Series  1  films  measured  at  room 
temperature  and  different  rates  of  extension  as  a  function  of  the  noncrystalline  orientation  in  the 
films.  At  low  rates  of  deformation  the  polymer  chains  have  time  to  rearrange  before  failure,  a 
complete  stress-strain  curve  is  achieved,  and  the  final  structure  at  failure  is  the  same  for  all 
samples  irrespective  of  the  starting  orientation  of  the  sample.  As  the  deformation  rate  is 
increased  the  more  highly  oriented  samples  break  prematurely  as  a  consequence  of  the  inability  of 
the  molecules  to  respond  fast  enough  to  the  deformation  rate.  Finally,  at  a  very  high  strain  rate 
none  of  the  molecules  have  time  to  respond  before  failure  and  the  sample  failure  strength  is 
directly  proportional  to  its  starting  orientation. 

Figure  2  also  shows  the  Total  True-Strain  (TTS)  failure  envelope  for  the  Series  1  films 
measured  at  room  temperature  and  different  rates  of  extension  as  a  function  of  the  noncrystalline 
orientation  in  the  films  [5].  This  illustrates  that  at  low  strain  rates  (100%/min  and  below)  the  sum 
of  the  fabrication  strain  and  the  test  strain  to  failure  is  independant  of  the  initial  noncrystalline 
orientation  of  the  film  before  testing.  Above  this  strain  rate  the  TTS  varies  until  at  the  highest 
rate  the  TTS  is  a  linear  function  of  the  noncrystalline  orientation  of  the  film  before  testing. 

Thus,  as  with  yield  strength,  the  failure  strength  and  strain  behavior  are  a  function  of  the 
molecular  orientation  in  the  polymer.  Analysis  has  shown  further  (1,2, 5-7)  that: 

[a]  A  single  phase,  the  noncrystalline  region,  controls  IPP  deformation. 

[b]  The  final  failure  structure  is  controlled  by  the  draw  temperature  at  low  strain  rates 
(100%/minute  or  below  at  room  temperature  for  IPP). 

[c]  The  true  stress  and  true  strain  must  be  used  for  quantitative  correlations  with  structure. 

[d]  The  true  fabrication  strain  is  a  linear  function  of  the  noncrystalline  orientation  function  [fnc]. 

[e]  At  low  test  strain  rates  the  true  stress  at  failure  is  independent  of  the  initial  fabricated 
orientation. 
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Figure  1.  Effect  of  average  orientation  and  temperature  on  the  yield  stress  of  isotactic 
polypropylene  film. 


Figure  2.  True  Stress  Failure  Envelope  and  Total  True  Strain  as  a  function  of 
noncrystalline  orientation  and  rate  of  testing  for  isotactic  polypropylene  films. 
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[f]  At  low  test  strain  rates  the  sum  of  the  true  fabrication  strain  and  the  true  tensile  strain  to 
break  is  a  constant. 

[g]  At  low  test  strain  rates  a  master  true  stress  -  total  true  strain  curve  is  obtained. 

Comparison  of  Isotactic  Polypropylene  with  PMPA-ODA  Polvimide 

In  this  section  the  effect  of  anisotropic  structure  on  the  room  temperature  (23oC) 
deformation  and  failure  behavior  of  two  distinctly  different  polymers  is  examined.  One  a  single 
phase  nematic  polymer,  PMDA-ODA  polyimide  [PI]  (Tg@400oC);  the  other  is  the  anisotropic 
two  phase  molecular  polymer  composite,  Isotactic  Polypropylene  [IPP]  (Tg@14oC).  Here  the  F 
Series  of  IPP  films  are  used  for  the  low  strain  rate  real-time  structure-stress-strain  measurements 
(2,6,7). 

Figure  3  shows  the  engineering  stress-strain  curves  to  failure  for  the  fabricated  PI  and  IPP 
oriented  films  and  reveals  several  features.  First,  as  the  orientation  of  the  film  before  stretching 
increases,  the  engineering  stress  to  failure  increases.  Further,  as  the  orientation  of  the  film  before 
stretching  increases,  the  engineering  strain  to  break  decreases.  A  maximum  engineering  strain  of 
65%  is  obtained  for  the  original  PI  before  failure,  while  that  for  IPP  was  625%  strain. 

Figure  4  shows  the  same  force-elongation  data  used  to  calculate  the  engineering  stress- 
strain  curves  in  Figure  3  plotted  as  true  stress  -  true  strain  curves.  Notice  that  in  Figure  4  all  of 
the  failure  true  stresses  have  essentially  the  same  value  irrespective  of  the  films  starting 
orientation.  This  is  in  stark  contrast  to  the  increasing  engineering  failure  stresses  with  increasing 
orientation  in  Figure  3.  The  engineering  stress  defines  the  force  at  failure  with  respect  to  the 
original  cross-sectional  area  of  the  sample  before  extension.  This  is  not  the  cross-sectional  area 
the  sample  sees  at  break  and  thus  the  definition  is  unrealistic  from  a  physical  point  of  view.  The 
true  stress  at  break  defines  the  force  at  break  with  respect  to  the  actual  cross-sectional  area  at 
break,  a  physically  realistic  description  of  the  failure  phenomenon.  What  the  results  indicate  is 
that  at  their  rate  of  deformation,  all  of  the  PI  and  IPP  films,  irrespective  of  their  starting 
orientation  are  breaking  at  the  same  failure  structure.  This  conclusion  is  reinforced  by  the 
observed  behavior  of  the  Total  True  strain  of  both  PI  and  IPP  with  molecular  orientation  in 
Figure  5. 

Figures  4  and  5  suggest  there  is  one  master  true  stress  -  true  strain  curve,  the  one  observed 
for  the  unoriented  film.  The  orientation  induced  by  the  fabrication  simply  shifts  the  starting 
point  of  the  deformation  curve  of  that  film.  Thus  the  initial  portion  of  the  oriented  films 
deformation  curve  will  represent  that  required  to  get  the  orientation  back  on  to  the  original  true 
stress  -  true  strain  curve  of  the  unoriented  film  so  it  can  continue  to  the  final  failure  deformation 
state.  Figure  6  shows  just  such  a  shift  for  the  the  anisotropic  PI  and  IPP  films.  As  can  be  seen 
from  the  figures,  a  shift  proportional  to  the  fabrication  true  strain  of  the  film,  when  added  to  the 
original  test  true  strain  (see  Figure  4),  brings  the  films  deformation  curve  back  onto  the  original 
true  stress  -  true  strain  curve  of  the  unoriented  film.  Thus  by  considering  the  fabrication  and 
testing  of  the  anisotropic  film  series  as  a  single  fabrication  process,  from  an  initial  undeformed 
polymer  film  to  a  desired  broken  final  fabricated  product,  it  is  possible  to  obtain  a  master  true 
stress  -  total  true  strain  curve. 
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Draw  Ratio,  x 


0.0  0.1  0.2  0.3  0.4  0.5 

TRUE  STRAIN 


ISOTACTIC  POLYPROPYLENE  PMDA-ODA  POLYIMIDE 


Figure  4.  Effect  of  using  True  Stress  on  the  deformation  curves  of  both  isotactic 
polypropylene  and  PMDA-ODA  polyimide  films. 
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ISOTACTIC  POLYPROPYLENE 


PMDA-ODA  POLYIMIDE 


Figure  5.  Relation  between  the  True  Fabrication  strain,  the  Total  True  strain  and  the 
orientation  function  of  both  the  isotactic  polypropylene  and  PMDA-ODA  polyimide 
films. 


ISOTACTIC  POLYPROPYLENE  PMDA-ODA  POLYIMIDE 

Figure  6.  Relation  between  the  True  Stress  and  the  Total  True  Strain  for  both  the  isotactic 
polypropylene  and  PMDA-ODA  polyimide  films. 
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CONCLUSIONS 


The  yield  strength,  the  failure  strength  and  strain  behavior  of  IPP  are  all  a  function  of  the 
molecular  orientation  in  the  polymer.  Further  on  examination,  although  PI  and  IPP  are  very 
different  polymers,  they  behave  similarly  (conditions  [c]  through  [g]  above)  when  the  strain  rate 
is  slow  enough  for  the  polymer  to  be  at  the  low  strain  rate  limit  of  its  failure  envelope.  A  master 
True  Stress-Total  True  Strain  curve  is  obtained  for  both  polymers. 
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ABSTRACT 

Most  fracture  is  athermal.  Either  because  it  occurs  at  low  temperatures;  or 
because  it  occurs  too  fast  for  thermal  activation  to  be  effective.  Thus  it  must  be 
directly  activated  by  applied  stresses.  This  can  occur  via  quantum  tunneling  when 
the  chemical  bonding  of  a  solid  resides  in  localized  (covalent)  bonds.  Then  applied 
stresses  can  cause  the  bonding  electrons  to  become  delocalized  (anti-bonded) 
through  quantum  tunneling.  That  is,  the  bonds  become  broken.  The  process  is 
related  to  the  Zener  tunneling  process  that  is  thought  to  be  responsible  for  dielectric 
breakdown  in  semiconductors.  Under  a  driving  force,  bonding  electrons  tunnel  at 
constant  energy  from  their  bonding  states  into  anti-bonding  states  through  the 
forbidden  gap  in  the  bonding  energy  spectrum. 

INTRODUCTION 

The  theory  of  quantum  tunneling  leads  to  a  characteristic  rate  law  in  which  the 
tunneling  probability  is  a  function  of  the  virtual  work  of  fracture  instead  of  being  a 
function  of  the  thermal  energy  as  in  thermal  reaction-rate  theory.  And,  the  attempt 
frequency  is  determined  by  the  density  of  Zener-Bloch  states  rather  than  being 
determined  by  thermal  vibration  frequencies.  Through  these  parameters  experimental 
results  can  be  compared  with  the  theory.  This  will  be  done  here  for  a  variety  of 
crystals,  glasses,  and  polymers. 

In  addition  to  being  related  to  the  theory  of  dielectric  breakdown,  this  theory  of 
fracture  is  also  related  to  the  Fowler-Nordheim  theory  of  the  field  emission  of  elec¬ 
trons.  The  only  essential  difference  is  that  the  bonding  electrons  are  emitted  into  a 
vacumn  in  field  emission,  whereas  they  are  emitted  into  surface  states  during  fracture. 

The  localized  fracture  of  bonds  occurs  in  a  stressed  specimen  prior  to  the  time 
when  the  Griffith  energy  criterion  is  satisfied,  so  that  general  failure  occurs.  This 
localized  fracture  can  be  detected  by  observing  the  presence  of  the  free-radicals  that 
the  broken  bonds  become.  This  approach  to  low  temperature  fracture  has  been 
discussed  previously  [1],  It  is  revisited  here  because  Doremus  has  reported  that  the 
rate  equation  derived  from  it  agrees  with  experimental  results  better  than  other 
theories  [2].  Also,  recent  data  for  Kevlar  agree  with  the  theory. 

FRACTURE  VIA  TUNNEUNG 

The  situation  at  the  tip  of  a  sub-critical  crack  is  shown  schematically  in 
Figure  1.  The  crack  tip  does  not  move  concertedly  (as  a  rigid  line).  It  moves  in 
discrete  jumps  as  bond  after  bond  becomes  broken  until  the  crack  length  reaches  the 
Griffith  critical  value.  In  the  super-critical  regime,  the  rate  of  crack  growth  is  limited 
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Figure  1  -  Schematic  kink  on  the  tip  Figure  2  -  Schematic  bonding  and  anti- 
of  a  crack.  bonding  Morse  potentials. 


principally  by  the  inertia  of  medium  so  it  accelerates  until  it  reaches  a  velocity  of  about 
v,  /  3  where  v,  is  the  speed  of  a  longitudinal  sound  wave,  and  v,2  =  Y  /  p;  with  Y  = 
Young's  modulus,  and  p  =  the  mass  density. 

in  the  sub-critical  regime,  the  net  crack  velocity,  vc,  results  from  the  sum  of  the 
velocities  of  the  individual  kinks  along  the  crack  tip,  vk,  and  the  concentration  of  kinks 
(fraction  of  occupied  sites),  ck,  so  that  vc  =  ck  vk.  The  cross-sectional  area  of  each 
kink  is  ab  where  b  is  the  distance  between  bonds  along  the  tangent  of  the  crack  tip, 
and  a  is  the  distance  between  bonds  perpendicular  to  the  crack  tip.  Then,  if  the  bond 
length  is  c,  the  relaxation  volume  associated  with  a  unit  of  motion,  b,  of  the  crack  kink 
is  abc,  and  the  kink  velocity  is  vk  =  db/dt. 

Let  the  local  Cartesian  coordinates  be  x||a,  yj|b,  and  z||c.  Also,  let  the  principal 
applied  stress  be  o2  so  the  local  stress  at  the  kink  is  oc  =  Co^  where  C  is  the  stress 
concentration  factor.  Then,  the  strain  energy,  Uk,  of  the  kink  region  is  approximately 

Uk  =  (oc2/2Y)abc  (1) 

where  Y  is  Young's  modulus.  This  is  the  chemical  potential  of  the  kink.  The  force 
tending  to  move  the  kink  in  the  direction  that  extends  the  crack  is: 

aUk  /  3y  =  (abc  /  Y)  (aoc/ ay)  ac=f<,  (2) 

This  is  a  generalized  force.  Since  the  hypothetical  fracture  mechanism  begins  with 
the  promotion  of  a  bonding  electron  into  an  anti-bonding  state,  it  is  equivalent  to  the 
electrical  force  needed  to  do  that.  The  electrical  force,  fe,  on  an  electron  of  charge,  q, 
is  Eq,  where  E  is  an  electric  field.  Therefore:  fe  =  fa, and: 

Eq  =  acoc  *  (3) 

where  b  is  the  bond  length.  This  expression  indicates  that  there  is  a  simple  connec¬ 
tion  between  a  stress  field  and  an  electric  field;  allowing  theoretical  results  from  the 
quantum  mechanics  of  electrons  to  be  applied  to  mechanical  problems. 

When  a  valence  (bonding)  electron  undergoes  a  transition  to  an  anti-bonding  state, 
the  local  potential  changes  from  attractive  to  repulsive.  A  simple,  and  approxi-mately 
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correct,  way  to  represent  this  is  by  means  of  a  bonding  Morse  potential,  together  with 

its  conjugate  anti-bonding  potential  [3].  One  is  obtained  from  the  other 

simply  by  changing  the  sign  of  one  of  the  two  terms.  This  is  illustrated  in  Figure  2. 

The  Morse  potential  can  be  written  as  the  sum  of  two  terms  (multiplied  by  the  ^ 
dissociation  energy,  D):  A  =  exchange  attraction  =  2f;  and  R  =  overlap  repulsion  =  f . 
The  function,  f(r)  where  r  is  the  interatomic  distance,  is: 

f(r)  =  em) 

where  p  is  a  constant  and  b  is  the  bond  length  (equilibrium  value  of  r).  Then  the 
bonding  potential  energy,  Ub(r)  is: 

Ub  =  D(f2  -  2f) 

and  the  anti-bonding  potential  energy  is: 

Ua  =  D(f2  +  2f) 

At  equilibrium,  when  r  =  b,  f  =  1,  so  Ub  =  -  D,  and  Ua  =  +  3D.  Then:  AU  =  4D,  and 
the  force  tending  to  separate  the  atoms  is:  -  (dl)a  /  dr)r  =  b.  This  can  be  related  to  the 
curvature  of  Ub  at  r  =  b  (the  bulk  modulus,  B)  using  relationships  given  by  Keyes  [3]. 

If  it  is  expressed  as  a  pressure  by  dividing  the  force  by  b2,  the  answer  is  that  the 
dissociation  pressure,  Pdlssoc  =  -  -  B.  This  is  of  the  order  of  megabars.  Thus,  if  a 
bond  is  put  into  an  anti-bonding  state,  a  very  large  pressure  tends  to  break  it.  This  is 
a  quantum  mechanical  effect  caused  by  the  large  kinetic  energy  of  a  nearly-free 
electron  in  an  antibonding  state. 

ZENER  TUNNEUNG 

In  order  to  account  for  the  dielectric  breakdown  of  solids  when  they  are  subjected 
to  very  large  electric  fields,  Zener  proposed  that  breakdown  avalanches 
could  start  with  the  tunneling  of  electrons  from  the  valence  band  where  they  are 
immobile  to  the  conduction  band  where  they  become  mobile  so  the  applied  field 
accelerates  them  to  high  enough  velocities  to  cause  breakdown  [4]. 

Similarly,  Gilman  and  Tong  [1]  proposed  that  this  kind  of  band-to-band  tunneling 
can  cause  fracture  by  breaking  covalent  bonds;  the  difference  in  this  case  being  that 
the  stress  field  is  the  driving  force  instead  of  an  electric  field. 

There  are  three  factors  to  consider:  the  electronic  attempt  frequency,  ve,  the 
tunneling  probability,  pt  and  the  acoustic  attempt  frequency,  va  (which  may  be  much 
slower  than  the  electronic  frequency).  In  one  dimension,  the  electronic  frequency  is 
associated  with  Zener-Bloch  oscillations,  Figure  3,  and  is  given  by  [5]: 

ve  =  (abc)ac/h  (4) 

with  h  being  Planck’s  constant,  and  using  Equation  (3). 

The  acoustic  attempt  frequency  is  determined  by  the  sound  speed; 

vs  -  *Wp). 

and  the  bond  length,  b: 

va  =  vs  /  b  (5) 

This  may  be  an  order  of  magnitude  smaller  than  ve  in  which  case  it  determines  the 
overall  rate.  The  range  of  attempt  frequencies  is  about  1013  -  1014  /  sec. 

Next,  the  tunneling  probability  needs  to  be  considered.  This  depends  very 
sensitively  on  the  height  of  the  barrier  to  be  penetrated,  and  on  the  magnitude  of  the 
applied  stress,  but  is  relatively  insensitive  to  the  shape  of  the  barrier  [6].  Therefore, 
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Reciprocal  Tensile  Stress  (1/GPa) 

Figure  3  -  Schematic  diagram  of  Zener  Figure  4  -  Rate  of  free  radical  formation  in 
band-to-band  tunneling.  stressed  Capron  fibers.  The  straight  line 

conforms  with  Equation  (7).  Data  of 
Zhurkov  and  Tomashevskii  [7]. 

the  shape  will  not  be  considered  further.  The  barrier  is  simply  taken  to  be  the  energy 
gap  in  the  bonding  energy  spectrum  (the  band  gap,  or  the  LUMO-HOMO  gap).  In  the 
absence  of  an  applied  stress  the  energy  diagram  is  shown  on  the  left  in  Figure  3 
where  the  coordinates  are  U  (energy),  and  x  (reaction  path).  The  effect  of  an  applied 
stress  on  the  total  energy  is  shown  in  Figure  3  on  the  right.  It  may  be  seen  that  an 
electron  can  now  transfer  from  the  top  of  the  valence  band  to  the  bottom  of  the 
conduction  band  (or  from  the  HOMO  level  to  the  LUMO  level)  at  constant  total  energy 
However,  to  do  this,  it  must  tunnel  through  the  forbidden  gap.  This  is  the  problem  that 
Zener  addressed.  Transposing  his  result  from  the  electric  to  the  stress  field  case 
gives  the  tunneling  probability: 

Pt-exp-{{7iEg/h)2/boc}  (6) 

=  exp  -  (F/oJ 

and,  the  expression  for  the  fracture  kink  velocity,  vw  ,  is: 

vw  =  cujexp  -  (F/cc)]  (7) 

Thus,  the  velocity  of  a  fracture  kink  ranges  from  zero  to  approximately  the  velocity  of 
sound.  Note  that  the  stress  in  the  function  of  Equation  (7)  plays  the  same  roie  as 
temperature  in  the  usual  Arrhenius  rate  function.  Therefore,  plots  of  fracture  rates  vs. 
reciprocal  applied  stress  should  yield  straight  lines  that  intercept  the  ordinate  at 
approximately  the  speed  of  sound. 


CONFORMANCE  OF  DATA  WITH  TUNNEUNG  EQUATION 

There  are  at  least  four  types  of  data  that  can  be  compared  with  the  tunneling 
theory:  (1)  rates  of  free  radical  production;  (2)  sub-critical  crack  velocities;  (3)  static 
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fatigue;  and  (4)  dynamic  (impact)  fatigue.  Also,  various  materials  meet  the 


log  t#  of  impacts] 

Figure  5  -  Rate  of  crack  propagation  Figure  6  -  Impact  fatigue  of  cellulose 
in  soda-lime  glass  for  two  humidity  acetate  fibers.  The  normalized  stress  is 

conditions.  Wiederhorn‘s  dsata  [8].  the  applied  stress  (psi.)  divided  by  the 

Youngs  modulus  (=  1.95  x  105  psi.)  The 
logarithm  is  base  10. 

assumption  of  relatively  independent  "bond-breaking".  These  include  polymeric  fibers 
such  as  cellulose  acetate  and  Kevlar,  as  well  as  various  inorganic  glasses  including 
fused  silica.  Some  of  the  data  have  been  reviewed  previously  [1],  but  new  data  have 
appeared  in  the  meantime,  and  Doremus  [2]  has  reported  systematic  studies  of  the 
equations  that  have  been  used  in  the  literature  to  describe  the  fracture  of  glass.  He 
concludes  that  Equation  (7)  gives  the  best  description  of  the  available  data, 

When  a  polymer  molecule  breaks,  the  electron-pair  bond,  becomes  two  free 
radicals  on  the  broken  ends.  These  can  be  detected  by  a  spin  resonance  spectro¬ 
meter.  In  a  stressed  polymer  fiber,  prior  to  the  formation  of  a  crack  of  critical  size, 
individual  molecules  break.  The  rate  at  which  they  break  depends  on  the  magnitude 
of  the  applied  stress.  This  breakage  rate  can  be  observed  as  the  rate  of  free-radical 
formation.  Data  for  this  effect,  reported  by  Zhurkov  and  Tomashevskii  [7]  are  shown 
in  Figure  4  plotted  to  conform  with  Equation  (7).  That  is,  the  logarithm  of  the  rate 
versus  the  reciprocal  stress.  It  may  be  seen  that  the  conformance  is  quite  good  over 
more  than  four  orders  of  magnitude  in  the  rate. 

Cracks  that  are  put  into  small  plates  of  glass  and  then  subjected  to  stresses 
somewhat  less  than  the  critical  stresses  needed  to  make  them  propagate  rapidly  are 
observed  to  propagate  slowly.  Their  velocities  depend  sensitively  on  the  applied 
stress  as  expected  by  Equation  (7).  Data,  obtained  by  Wiederhorn  [8]  for  two 
examples  are  given  in  Figure  5.  These  data,  as  well  as  data  reported  previously  [1] 
agree  with  the  form  of  the  equation.  Note  that  in  Figure  5,  the  velocity  data  extend 
over  five  orders  of  magnitude. 

Two  types  of  data  exist  for  fatigue  tests:  static  in  which  constant  (nominal) 
stresses  are  applied  and  the  time-to-failure  is  recorded;  and  dynamic  in  which 
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Figure  7  -  Static  fatigue  data  of  Burke,  Figure  8  -  Static  fatigue  of  PPTA  (Kevlar) 
Doremus,  Hillig  and  Turkalo  for  spec-  at  21C.  Data  from  Crist  [121. 
mens  of  soda-lime  glass.  SN  is  the 
short  time  breaking  stress  at  78K. 

repeated  light  impacts  are  applied  and  the  number  of  impacts  (time)  to  failure  is 
recorded.  Figure  6  shows  impact  fatigue  data  (obtained  by  Findley  and  Mintz)  for 
cellulose  acetate  fibers  as  reported  by  Taylor  [9]. 

The  most  extensive  data  in  the  literature  are  those  of  static  fatigue  for  various 
glasses,  ceramics  such  as  porcelain,  and  environmental  conditions.  A  considerable 
set  of  theses  data  follow  the  Preston-Haward  law  [10],  and  it  was  pointed  out 
previously  [1]  that  rearrangement  of  this  law  yields  Equation  (7).  More  recent  data  of 
Pavelchek  and  Doremus  [11]  for  soda-lime  glass  is  shown  in  Figure  7.  Doremus'  book 
presents  other  examples  such  as  fused  silica,  and  borosilicate  glass,  all  of  which 
behave  consistently  with  Equation  (7).  Also,  the  book  states  that  Equation  (7)  is 
consistently  better  than  other  proposed  equations  in  describing  the  data. 

Another  polymeric  material  that  behaves  as  expected  by  the  present  theory 
is  Kevlar.  Figure  8  illustrates  this. 

SUMMARY 

A  case  is  presented  that  covalently  bonded  materials  fracture  as  a  result  of  stress- 
induced  quantum-mechanical  tunneling  of  electrons  from  bonding  states  into  anti¬ 
bonding  states  (Zener  tunneling).  It  is  shown  that  the  resulting  rate  equation  is 
consistent  with  a  large  variety  of  experimental  data;  and  that  its  fit  to  the  data  is 
superior  to  those  given  by  equations  based  on  thermal  activation. 
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ABSTRACT 

We  follow  the  accumulation  of  microscopic  damage  ahead  the  crack  tip  in  paper.  The  fiber 
debonding  process  varies  even  within  each  specimen  because  of  large  variation  in  fiber  and  bond 
properties.  In  general,  stiff  and  weakly  bonded  fibers  tend  to  debond  as  a  rigid  body  while  ductile 
or  well  bonded  fibers  pull  out  gradually  in  a  process  that  propagates  from  the  crack  line  to  the 
fiber  ends.  Particularly  in  the  latter  case  the  network  ruptures  coherently  rather  than  through 
debonding  of  single  fibers.  Experimental  analysis  and  simulations  show  that  fracture  energy 
correlates  closely  with  the  size  of  the  fracture  process  zone  (FPZ)  irrespective  the  nature  of  the 
debonding  process.  Only  the  cases  of  low  bonding  and  stiff  fibers  seem  to  make  an  exception  in 
that  FPZ  can  grow  in  size  without  a  corresponding  increase  in  fracture  energy. 

INTRODUCTION 

Our  objective  is  to  study  experimentally  the  underlying  micro-mechanism  that  determine  the 
fracture  energy  of  paper.  We  observe  various  fiber  debonding  processes  and  relate  them  to  the 
geometry-independent  plastic  deformation  zone  and  fracture  energy.  Similarly,  in  ordinary  short 
fiber  composites  different  rupture  processes  are  seen  to  affect  the  size  of  the  plastic  deformation 
zone  that  relates  to  fracture  energy.  E.g.  Sato  et  al.  [1]  observed  that  in  glass  fiber  reinforced 
polyamide,  debonding  starts  from  fiber  ends.  The  subsequent  damage  propagates  towards  the 
center  of  fibers  and  a  band  of  local  yielding  forms.  This  agrees  with  the  shear-lag  model  of  Cox 
[2].  In  contrast,  Lindhagen  and  Berglund  [3]  found  that  at  large  fiber  contents  damage  starts  from 
transverse  fibers  and  fiber  bundles.  The  initial  microcracks  merge  to  form  the  final  crack.  The 
size  of  the  process  zone  depends  on  fiber  length. 

Paper  differs  from  ordinary  composites  becaue  the  cellulosic  fibers  are  held  together  by  inter¬ 
fiber  bonds  and  not  by  a  matrix  material.  The  plastic  deformation  zone  can  be  divided  into  the 
fracture  process  zone  FPZ  and  the  outer  plastic  zone  OPZ  [4].  The  fracture  work  contribution 
from  FPZ  does  not  depend  on  specimen  geometry  whereas  the  OPZ  contribution  does. 

EXPERIMENT 

Mechanical  testing 

We  studied  single-edge-notched  specimens  using  tensile  test  (SENT)  and  in-plane  tear  test 
(IPT)  at  23°C,  RH  50%.  The  former  test  is  common  in  materials  testing  but  the  latter  is  not.  The 
IPT  specimen  has  to  be  flexible  because  it  is  bent  between  the  clamps.  The  notched  edge  is  tight 
and  the  other  edge  is  slack.  This  gives  stable  crack  propagation  [5].  The  SENT  specimens  were 
35  mm  wide,  the  notch  length  was  10  mm  and  span  length  55  mm.  The  displacement  rate  was  0.4 
mm/min  to  provide  imaging  time.  The  IPT  specimens  had  a  55-mm  ligament  and  45-mm  initial 
span  length.  Tearing  angle  was  10 — 12°  and  elongation  rate  20  mm/min. 
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Detection  of  damage 


The  microscopic  damage  was  made  visible  using  impregnation  with  General  Electric  RTV 
615  silicone  rubber  that  does  not  significantly  alter  the  mechanical  properties  of  paper.  The 
silicone  fills  almost  all  the  voids  in  paper.  Paper  becomes  translucent  because  light  scattering 
surface  is  reduced.  This  enhance  the  optical  contrast  of  any  free  surface  that  is  created  when 
paper  is  subsequently  elongated.  The  free  surface  shows  where  fibers  debond  or  other  damage 
occurs  [6].  Damage  accumulation  during  the  tests  was  recorded  with  a  digital  camera.  The 
minimum  pixel  size  was  10  pm.  After  IPT,  damage  patterns  were  also  recorded  with  a  desktop 
scanner  (1200  dpi).  In  both  cases  images  were  taken  in  reflected  light  with  a  black  background. 
Damaged  areas  correspond  to  light  shades  of  gray  and  undamaged  areas  to  dark  gray. 

The  size  of  FPZ  was  measured  from  the  scanned  images  from  IPT.  Two  parameters,  the  pull¬ 
out  width  and  damage  width,  were  determined  using  image  analysis.  The  first  one  gives  the 
length  of  fiber  ends  sticking  out  of  the  crack  line.  The  second  measures  how  far  from  the  crack 
line  damage  occurs  [7].  These  parameters  relate  to  the  fracture  energy. 

Sample  material 

We  used  handsheets  (SCAN  M5:76)  of  pure  mechanical  pulp  (PGW)  and  mixtures  of  PGW 
and  a  chemical  pulp  (softwood  kraft).  The  two  pulps  differ  in  stiffness  and  perhaps  bonding 
ability.  Kraft  fibers  are  ductile  and  well-bonding,  PGW  fibers  are  stiff.  Kraft  fibers  were  dyed 
with  chlorazole  black.  In  the  IPT  damage  analysis  we  used  mixtures  of  PGW  with  kraft,  sulphite 
(low  fiber  strength),  and  viscose  (low  bonding  ability)  [8],  as  well  as  pure  kraft  pulp  at  different 
beating  levels  [9]  and  machine-made  commercial  paper  grades  (magazine,  newsprint,  LWC  and 
sack  paper)  [5].  Beating  influences  the  bonding  ability  and  perhaps  ductility  of  the  kraft  fibers. 

RESULTS 


Damage  accumulation  during  the  test 

Figure  1  shows  SENT  and  IPT  damage  zones  in  a  kraft  specimen  in  the  beginning  of  crack 
propagation.  Even  though  rather  homogeneous  damage  is  seen  in  the  entire  FPZ,  single  fibers  are 
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Figure  2.  Damage  accumulation  sequence  in  a  PGW  specimen  in  SENT  with  the  crack  propagating  from 
left  to  right  in  (a) — (c).  In  (c),  the  fiber  1m  (dotted  outline)  debonds  in  a  systematic  sequence,  fiber  2m 
(dashed  outline)  as  a  rigid  body,  and  3m  (dash-dotted  outline)  starting  from  the  fiber  end. 


also  visible.  Damage  extent  is  different  in  the  two  tests.  SENT  gives  rise  to  a  large  outer  plastic 
zone  of  low  damage  intensity.  In  IPT  the  small  but  nonzero  tearing  angle  confines  damage  into 
the  FPZ  [7,  8].  The  damage  zone  in  IPT  resembles  the  highest  intensity  part  of  the  SENT  damage 
zone.  The  IPT  fracture  work  should  therefore  equal  the  essential  work  of  fracture  (EWF). 

Figure  2  shows  images  of  a  PGW  specimen  under  increasing  load  in  SENT.  The  longest 
fibers  (usually  also  the  thickest  and  stiffest)  bridge  the  crack.  Damage  spreads  along  these  fibers 
long  way  into  the  intact  paper.  Some  debonding  occurs  even  well  behind  the  crack  tip.  This 
broadens  the  otherwise  narrow  damage  zone  and  increases  the  fracture  work.  Figure  2c  illustrates 
three  fiber  debonding  processes.  The  first  fiber  type  ( 1  m)  becomes  visible  in  a  systematic 
sequence  where  bond  ruptures  proceed  along  the  fiber  from  the  crack  line  to  both  fiber  ends.  The 
second  fiber  type  (2m)  debonds  more  like  a  rigid  body.  Especially  in  the  beginning  (Fig.  2a), 
damage  grows  simultaneously  all  along  the  fiber.  In  the  third  case,  a  fiber  end  debonds  first  (3m), 
in  accordance  with  the  shear-lag  theory.  Sometimes  these  fibers  exhibit  no  other  bond  failures. 

Figure  3  shows  a  case  where  presumably  stiff  and  long  PGW  fiber  (or  shive),  labeled  2m, 
debonds  as  a  rigid  body  simultaneously  all  along  its  length,  even  though  only  the  end  of  the  fiber 
crosses  the  crack  line.  The  fibers  depicted  in  Fig.  2  bridged  the  crack  line  rather  symmetrically. 

Figure  4  shows  crack  lines  in  mixtures  of  PGW  and  kraft.  Long  PGW  fibers  seem  to  debond 
much  in  the  same  manner  as  in  the  pure  PGW  sheets  (Figs.  2  and  3)  so  that  all  the  three  process 


Figure  3.  Damage  accumulation  sequence  in  a  PGW  specimen  in  SENT.  The  fiber  2m  (marked  with 
dashed  outline)  debonds  as  a  rigid  body  even  though  only  its  end  crosses  the  crack  line. 
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Figure  4.  Damage  shown  with  the  light  shades  of  gray  in  mixtures  of  PGW  and  softwood  kraft  (black)  in 
SENT.  The  mass  fraction  of  kraft  fibers  is  5%  (a),  1 0%  (b)  and  20%  (c). 


types  can  be  seen.  The  debonding  process  of  the  ductile  and  well  bonded  kraft  fibers  seems  to  be 
primarily  of  the  first  type.  Thus  debonding  starts  from  the  crack  line  and  proceeds  into  the  intact 
paper.  The  PGW  fibers  seem  to  debond  before  kraft.  At  low  kraft  contents  (Fig.  4a),  the  kraft 
fibers  remain  almost  intact  even  after  the  crack  front  has  passed.  Kraft  debonding  occurs  at  high 
kraft  contents  (Fig.  4c)  where  it  seems  to  trigger  debonding  of  PGW  fibers  further  away  from  the 
crack  line  than  would  be  the  case  in  the  absence  of  the  kraft  fibers. 


Fracture  energy  vs.  damage  extent 


Figure  5a  shows  IPT  damage  width  against  pull-out  width  for  various  paper  grades  (cf.  [7]). 
The  ratio  of  pull-out  width  to  damage  width  is  only  slightly  affected  by  bond  strength  or  fiber 
breakage.  Also  the  fracture  work  is  almost  uniquely  related  to  the  damage  width  (Fig.  5b).  The 
trendline  for  the  PGW— kraft  mixture  (20—30%  of  fibers  fail)  is  almost  the  same  as  for  the 
PGW  sulphite  mixture  (50 — 60%  of  fibers  fail).  The  anisotropic  commercial  paper  grades  and 
beaten  kraft  samples  lie  close  to  the  same  trendline.  The  fracture  energy  in  fiber  failures  therefore 
does  not  seem  to  contribute  to  the  overall  fracture  energy.  The  energy  consumption  probably 
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Fi-?Uuri^.D^age  width  against  pull'out  width  (a)  and  IPT  work  (fracture  energy  index)  against  damage 
width  (b)  in  PGW-kraft  mixtures  (full  squares),  PGW-sulphite  mixtures  (open  squares),  kraft  beating 
(crosses),  kraft-viscose  mixtures  (plusses)  and  commercial  paper  grades  (circles). 


arises  from  the  plastic  elongation  of  fibers  and  perhaps  the  concurrent  bond  ruptures. 

Fibers  with  poor  bonding  capacity  provide  the  only  exceptions  to  the  general  correlation 
between  fracture  work  and  damage  width.  Both  the  unbeaten  kraft  and  viscose  fibers  have  low 
ductility  and  poor  bonding  capacity  and  therefore  give  lower  fracture  work  than  damage  width 
alone  would  predict  (Fig.  5b).  Given  their  high  stiffness,  these  fibers  may  pull  out  from  the 
surrounding  fiber  network  as  a  rigid  body  similar  to  the  PGW  fibers  illustrated  in  Fig.  3.  Visual 
inspection  of  the  IPT  specimens  suggests  that  the  combination  of  low  bonding  and  high  fiber 
stiffness  gives  rise  to  a  very  irregular  and  diffuse  crack  line.  This  contributes  to  the  exceptionally 
large  damage  width  values  of  these  fibers  in  Fig.  5.  Another  factor  with  the  viscose  fibers  is  the 
very  high  fiber  length,  6  mm  instead  of  the  2 — 3  mm  of  the  other  pulps. 

Simulation  of  fiber  debonding 

We  did  also  Monte  Carlo  simulations  to  find  out  if  simple  single  fiber  debonding  mechanism 
could  explain  the  experimental  results.  We  compared  three  processes  in  fibers  that  randomly 
cross  a  crack  line.  In  the  first  case  bonds  were  opened  in  a  systematic  sequence  starting  from  the 
crack  line  and  ending  to  the  fiber  end  first  encountered.  The  second  case  was  a  “rigid  body” 
process,  where  all  bonds  along  the  fiber  could  open  with  equal  probability.  The  last  case  was  a 
combination  of  the  other  two  so  that  two  “process  windows”,  each  covering  20%  of  the  fiber 
length,  proceeded  systematically  towards  the  fiber  ends  but  the  bond  opening  within  the  windows 
was  random.  The  FPZ  size  was  varied  with  the  probability  of  the  fiber  failing  instead  of  a  bond. 

Figure  6  shows  the  simulation  results.  None  of  the  debonding  models  agrees  perfectly  with 
the  experimentally  observed  linear  relationship  between  damage  width  and  pull-out  width  (Fig. 
5a).  Yet  damage  width  is  larger  than  pull-out  width  in  every  model,  as  in  the  experiments. 
Measured  fiber  lengths  and  damage  widths  suggest  that  the  absolute  values  given  by  the  rigid 
body  process  or  combination  process  are  closest  to  reality.  However,  the  large  proportion  of 
broken  fibers  in  the  rigid  body  process  is  not  reasonable.  It  is  plausible  that  the  actual  debonding 
mechanism  depends  on  the  fiber  failure  probability. 


Damage  width/fiber  length 


Figure  6.  Simulated  damage  width  against  pull-out  width  (a)  and  fracture  energy  against  damage  width  (b) 
for  the  three  fiber  debonding  models,  systematic  sequence  (triangles),  rigid  body  (diamonds)  and  moving 
process  window  (squares).  Dashed  lines  are  guides  to  the  eye  and  numbers  in  (a)  show  the  fraction  of 
broken  fibers. 
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The  simulated  fracture  energy  (proportional  to  the  number  of  opened  bonds)  falls 
approximately  on  a  single  curve,  irrespective  the  assumed  debonding  mechanism.  The  only 
variation  comes  from  damage  width.  The  slightly  nonlinear  shape  agrees  with  the  experimental 
results  in  Fig.  5b.  The  shape  arises  from  the  mathematical  algorithm  that  we  use  to  evaluate 
damage  width  both  in  experiments  and  simulations. 

CONCLUSIONS 

The  microscopic  damage  in  well  bonded  sheets  made  of  ductile  kraft  fibers  (Fig.  1)  show  that 
in  general  the  network  fails  in  a  coherent  manner,  with  most  fibers  in  the  FPZ  debonding 
simultaneously.  When  the  network  contains  stiff  fibers  (Figs.  2 — 4),  some  of  them  debond 
individually  and  extend  damage  from  the  crack  line.  These  fibers  are  parallel  to  the  external  load. 
In  mixtures,  stiff  fibers  debond  first  and  ductile  fibers  later.  Different  single  fiber  debonding 
processes  are  observed.  In  few  cases  the  fiber  ends  debond  first,  as  the  shear-lag  theory  predicts. 
Some  stiff  fibers  debond  as  a  rigid  body,  with  all  their  bonds  opening  simultaneously.  On  the 
average,  however,  debonding  starts  from  the  crack  line  and  propagates  into  the  intact  paper. 

In  most  of  our  paper  samples,  fracture  energy  depends  only  on  the  damage  width,  the  size  of 
the  area  where  debonding  occurs.  In  these  cases,  fiber  failures  or  details  of  the  debonding  process 
do  not  affect  the  slightly  nonlinear  relationship  between  fracture  energy  and  damage  width.  The 
simulation  study  confirmed  this  conclusion.  The  fracture  energy  thus  arises  entirely  from  the 
plastic  deformation  of  fibers  and  related  opening  of  bonds. 

Papers  with  poor  bonding  and  stiff  fibers  deviate  from  the  general  trend  in  that  the  damage 
area  is  large  and  yet  fracture  energy  is  low.  The  experimental  observations  suggest  that  these 
fibers  may  debond  predominantly  as  rigid  bodies  so  that  bonds  along  the  entire  fiber  length 
undergo  rupture  process  simultaneously.  The  rigid  body  behavior  means,  among  other  things, 
that  fracture  energy  is  consumed  in  bond  openings,  not  in  the  plastic  elongation  of  fibers. 
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ABSTRACT 

An  investigation  of  the  brittle-to-ductile  transition  (BDT)  in  silicon  has  been 
conducted  on  essentially  dislocation-free  silicon  test  specimens  made  by 
photolithography.  No  pre-cracks  or  additional  dislocation  sources  were  introduced 
into  the  samples.  Three-point  bending  tests  of  the  samples  reveals  a  well  defined 
transition  from  brittle  fracture  of  the  specimens  to  complete  yielding  near  732°C  at  a 
crosshead  displacement  rate  of  0.1  mm/min.  Limited  plasticity  is  observed  below 
732°C  but  is  insufficient  to  prevent  crack  propagation  suggesting  that  yielding  is  not 
dislocation  mobility  limited.  Instead  the  transition  may  be  controlled  by  the 
nucleation  of  a  sufficient  density  of  dislocations.  Further  support  comes  from  the 
results  of  experiments  conducted  at  temperatures  below  732°C  in  which  samples 
were  rapidly  pre-loaded  within  the  linearly  elastic  regime,  then  immediately 
retested.  This  rapid  pre-loading  results  in  a  lower  transition  temperature.  This 
would  not  be  expected  if  dislocation  mobility  controlled  the  BDT.  Instead,  it  is 
believed  that  the  transition  only  occurs  when  a  sufficient  density  of  dislocations  has 
nucleated  within  the  sample.  In  these  experiments,  the  pre-loading  event  may 
increase  the  dislocation  nucleation  rate.  The  source  of  the  dislocations  in  these 
defect  free  samples  is  still  under  investigation. 

INTRODUCTION 

The  brittle-to-ductile  transition  (BDT)  has  traditionally  been  attributed  to  a 
tightly  coupled  interaction  between  dislocation  sources  and  a  crack  tip  [1-3]:  if  the 
dislocations  are  capable  of  multiplying  and  moving  at  a  rate  greater  than  the  crack 
velocity,  then  the  crack  tip  will  be  blunted  and  the  material  will  deform  ductily. 
Conversely,  if  the  crack  front  advances  at  a  rate  greater  than  the  rate  of  dislocation 
motion,  the  material  will  fracture  in  a  brittle  manner.  In  both  instances,  the  motion 
of  the  dislocations  relative  to  the  crack  front  is  governed  by  the  applied  stress,  the 
test  temperature,  the  strain-rate,  and  the  particular  dislocation  geometry  in  the 
vicinity  of  the  crack  front. 

We  propose  that  the  BDT  is  a  more  general  material  phenomenon  that  is  not 
dependent  on  a  particular  crack  tip-dislocation  geometry  and  that  the  presence  of  a 
crack  is  not  even  a  precondition  for  the  transition.  Evidence  for  this  viewpoint  can 
be  found  in  research  conducted  in  the  1950's  on  whiskers  of  various  materials. 
Pearson,  Read,  and  Feldmann  [4],  loaded  silicon  whiskers  at  various  temperatures 
until  failure  or  yielding  of  the  whiskers  occurred.  A  transition  from  brittle  fracture 
to  general  yielding  was  observed  between  600°C  and  650°C.  Within  this  temperature 
range  some  whiskers  exhibited  a  small  degree  of  plastic  deformation  prior  to 
fracture.  However  above  650°C  all  of  the  test  specimens  displayed  ductile  behavior. 
Upon  yielding,  each  of  these  specimens  displayed  a  large  load  drop  until  a  point  was 
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reached  where  flow  occurred  at  approximately  constant  load.  Similar  results  were 
reported  by  Brenner  [5,  6]  on  room  temperature  tensile  tests  conducted  on  iron, 
silver,  and  copper  whiskers.  The  iron  whiskers  fractured  after  reaching  elastic 
strains  in  excess  of  3.5  percent.  In  contrast,  at  similar  stresses,  the  silver  and  copper 
whiskers  yielded  suddenly  and  displayed  load  drops  which  were  as  great  as  80-to-l 
in  the  case  of  the  copper  whiskers.  Brenner  also  noted  that  the  plastic  deformation 
was  highly  concentrated  in  narrow  slip  bands.  The  results  are  not  limited  to 
whiskers,  however.  Bulk  silicon  and  germanium  samples  were  tensile  tested  by 
Patel  and  Chaudhuri  [7]  at  elevated  temperatures.  Unlike  more  recent  BDT 
experiments  conducted  on  pre-cracked  samples,  these  samples  were  polished  and 
etched  prior  to  testing  to  minimize  the  nucleation  of  dislocations  at  surface  defects 
such  as  micro  cracks.  Patel  and  Chaudhuri  found  that  for  samples  tested  in  tension 
at  elevated  temperatures,  large  load  drops  occurred  upon  yielding.  In  addition,  it 
was  found  that  the  magnitude  of  the  load  drop  for  a  given  sample  was  related  to  the 
density  of  grown-in  dislocations,  with  the  largest  load  drop  occurring  in  samples 
that  were  initially  dislocation-free.  Although  Patel  and  Chaudhuri  were  unable  to 
conclusively  identify  the  dislocation  sources,  they  did  report  that  dislocations  were 
nucleated  in  the  linear  elastic  portion  of  the  loading  curve. 

The  research  presented  here  represents  a  preliminary  investigation  into  the 
brittle-to-ductile  transition  in  bulk  silicon  in  the  absence  of  a  crack  tip  or  other  stress 
concentrator.  We  believe  that  a  brittle-to-ductile  transition  occurs  in  a  material 
when  a  critical  combination  of  stress  and  temperature  results  in  the  generation  of 
mobile  dislocations  with  a  sufficient  density  to  permit  general  yielding  (see  the 
paper  by  M.  Khantha,  et.  al.  in  this  volume).  The  factors  contributing  to  the 
generation  of  the  dislocations  in  the  initially  dislocation-free  samples  have  been 
examined,  however  an  explicit  characterization  of  what  can  be  considered  a 
'sufficient'  density  of  dislocations  is  not  treated  at  this  time.  In  addition,  since  there 
is  evidence  that  preexisting  dislocations  influence  the  BDT,  several  pre-loading 
experiments  have  been  conducted. 

EXPERIMENT 

Small  silicon  beams  produced  from  <100>  semiconductor  grade  silicon 
wafers  using  photolithography  were  tested  in  three-point  bending.  The  surface  of 
each  wafer  was  patterned  with  an  array  of  beams  that  were  then  etched  out  of  the 
wafer  using  KOH.  The  preferential  nature  of  the  KOH  etchant  produces  a 
trapezoidal  cross-section  with  mirror  polished  surfaces.  The  dimensions  of  the 
beams  are:  a  top  face  width  of  1  mm,  a  base  width  of  approximately  1.35  mm,  and  a 
length  of  10  mm.  The  thickness  of  the  samples  varies  with  each  wafer  but  is  on 
average  0.25  mm.  The  trapezoidal  cross  section  has  two  advantages:  it  increases  the 
tensile  stress  (when  the  narrow  face  of  the  beam  is  placed  opposite  the  applied  load) 
and  reduces  the  contact  stress  under  the  load  on  the  top  surface  of  the  beam. 

The  samples  were  tested  in  air,  at  temperatures  ranging  from  25°C  to  816°C 
with  an  Instron  4206  at  a  constant  crosshead  displacement  rate  of  0.1  mm/min.  In 
the  first  set  of  experiments,  the  samples  were  loaded  at  temperature  until  either 
fracture  occurred  or  until  a  state  of  constant  flow  was  reached.  The  results  were  used 
to  develop  a  representative  stress-temperature  map  of  the  BDT. 
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The  second  set  of  experiments  involved  a  two-step  load  cycle.  A  pre-load  was 
rapidly  applied  to  a  preset  load  within  the  linear  elastic  portion  of  the  loading  curve, 
then  unloaded,  and  then  immediately  reloaded  at  a  reduced  crosshead  displacement 
rate.  All  but  one  of  the  samples  were  pre-loaded  at  a  crosshead  displacement  rate  of 
1.0  mm/min.  The  remaining  sample  was  pre-loaded  at  a  rate  of  5.0  mm /min.  The 
reload  rate  was  the  same  for  all  samples,  0.1  mm/min.  The  test  temperature  and  the 
pre-load  level  were  varied  for  each  sample  tested.  The  effect  of  the  pre-load  on  the 
brittle-to-ductile  transition  temperature  (BDTT)  was  observed. 

RESULTS 

Fracture/Yield  Behavior 

The  three  types  of  mechanical  behavior  observed  during  the  loading  of  the 
silicon  beams  are  displayed  in  Figure  1.  Figure  la  is  representative  of  experiments 
conducted  at  room  temperature,  325°C,  and  675°C  in  which  the  samples  failed  by 
brittle  fracture  with  no  apparent  plastic  deformation.  Samples  tested  above  675°C 
but  below  732°C  show  some  level  of  plastic  deformation  prior  to  fracture.  Within 
this  temperature  interval,  the  transition  from  totally  brittle  fracture  to  limited 
yielding  does  not  appear  to  be  well  defined.  For  example,  the  sample  tested  at  713°C 
shows  only  a  small  degree  of  non-linearity  in  the  loading  curve  prior  to  fracture. 
Samples  tested  slightly  above  713°C  show  a  small  load  drop  followed  by  brittle 
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Deflection  (mm) 

Figure  1:  Characteristic  mechanical  behavior  of  silicon  test  specimens 
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fracture  (Fig.  lb).  Samples  tested  at  732°C  and  above  exhibit  general  yielding  and 
large  load  drops  and  deform  into  a  distinct  vee-shape.  Inspection  under  a  light 
optical  microscope  reveals  intense  slip  bands  directly  under  the  point  of  load 
application.  Further  work  is  necessary  to  characterize  the  extent  of  the  plastic  zone 
and  the  magnitude  of  the  dislocation  activity  in  the  plastic  zone.  A  comparison 
between  Figures  lb  and  lc  illustrates  the  narrowness  of  the  transition  from  brittle 
fracture  to  complete  ductility.  A  summary  of  the  fracture  and  yield  behavior  of  the 
samples  tested  is  presented  in  Figure  2.  The  figure  inset  highlights  the  mechanical 
behavior  of  samples  tested  in  the  temperature  interval  from  just  below  to  just 
above  the  presumed  BDT. 

The  sharp  transition  from  incomplete  yielding  to  complete  ductility  at  732°C 
is  characteristic  of  a  brittle-to-ductile  transition.  Tests  at  or  near  732°C  were  repeated 
several  times  and  in  all  cases  the  transition  remained  fixed.  Although  it  could  be 
argued  that  the  difference  in  behavior  displayed  above  and  just  below  the  transition 
is  due  to  a  variation  in  dislocation  mobility,  the  pre-loading  experiments  discussed 
below  cast  doubt  on  that  hypothesis. 
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Figure  2:  Stress-Temperature  map  of  the  brittle-to-ductile  transition. 


Pre-loading  experiments 

o  The  pre-loading  experiments  were  conducted  at  several  temperatures  below 
732°C.  Figures  3  -  8  are  a  series  of  loading  curves  from  experiments  conducted  at 
686  C  that  are  characteristic  of  the  type  of  behavior  observed  during  these  tests. 
Figures  3,  5,  and  7  are  the  pre-loading  curves  for  three  different  samples.  The 
maximum  pre-load  stress  increases  in  the  series.  The  resulting  behavior  of  the 
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samples  upon  reloading  is  recorded  in  Figures  4,  6,  and  8.  The  yield  behavior  shown 
in  Figures  4  and  6  is  the  same  as  the  yield  behavior  observed  as  the  test  temperature 
approached  the  BDT  in  the  first  set  of  experiments.  Complete  ductility  is  only 
observed  in  the  sample  subjected  to  the  highest  pre-load  stress  as  shown  in  Figure  8. 
The  magnitude  of  the  load  drop  in  this  sample  is  similar  to  that  observed  for 
samples  tested  above  732°C  without  the  application  of  a  pre-load.  This  change  in 
behavior  with  increasing  pre-load  may  indicate  that  the  application  of  a  pre-load  to 
the  samples  is  equivalent  to  raising  the  test  temperature. 


Deflection  (mm)  Deflection  (mm) 

Figure  3:  Crosshead  disp.  rate  =  1 .0  Figure  4:  Crosshead  disp.  rate  =  0. 1 

mm/min;  T  =  686°C  mm/m  in;  T  =  686°C 


Deflection  (mm) 


Figure  5:  Crosshead  disp.  rate  =  1 .0 
mm/min;  T  =  686°C 


Deflection  (mm) 


Figure  6:  Crosshead  disp.  rate  =  0.1 
mm/min;  T  =  686°C 
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Figure  7:  Crosshead  disp.  rate  =  5.0 
mm/min;  T  =  686°C 


Figure  8:  Crosshead  disp.  rate  =  0.1 
mm/min;  T  =  686°C 


The  pre-loading  reduced  the  BDTT  by  approximately  46°C.  This  would  not  be 
expected  if  the  transition  observed  at  732°C  is  governed  by  a  mechanism  that  is  very 
sensitive  to  the  velocity  of  the  mobile  dislocations.  Instead  we  believe  that  the  BDT 
results  from  the  nucleation  of  a  sufficient  density  of  mobile  dislocations  in  the 
sample.  Because  the  initial  dislocation  density  of  the  samples  is  on  the  order  of  100- 
200  lines/ cm2  and  the  samples  are  not  notched,  it  is  unlikely  that  the  dislocations 
responsible  for  the  massive  plasticity  observed  above  the  BDT  result  from 
conventional  sources.  These  dislocations  may  be  produced  by  a  homogeneous 
nucleation  process  that  results  from  an  instability  in  the  material.  In  addition,  this 
instability  may  be  very  sensitive  to  preexisting  dislocations  in  the  material.  This 
would  explain  the  lowering  of  the  BDT  in  the  pre-loaded  samples.  This  would  also 
explain  why  the  sample  has  to  be  pre-loaded  to  a  certain  minimum  stress  level 
before  a  BDT  occurs  upon  reloading.  This  description  of  the  nucleation  event  is  but 
one  hypothesis,  additional  experiments  need  to  be  conducted  to  examine  the  change 
in  dislocation  density  above  and  below  the  BDT.  We  are  also  in  the  process  of 
investigating  the  change  in  dislocation  density  during  the  pre-loading  phase. 

CONCLUSIONS 

An  investigation  into  the  yield  behavior  of  essentially  dislocation-free  and 
crack-free  silicon  samples  has  been  conducted.  Experiments  carried  out  at  elevated 
temperatures  indicate  that  for  a  constant  crosshead  displacement  rate  of  0.1 
mm/min,  a  brittle-to-ductile  transition  occurs  at  or  near  732°C.  Some  degree  of 
plasticity  is  observed  prior  to  the  transition  but  the  level  of  dislocation  activity  is  not 
sufficient  to  prevent  the  brittle  fracture  of  a  test  specimen.  Above  the  transition 
temperature  complete  yielding  occurs,  characterized  by  a  large  drop  in  the  measured 
load  followed  by  a  period  of  flow.  An  investigation  into  the  role  of  dislocation 
mobility  in  governing  the  transition  was  conducted  by  pre-loading  the  samples 
prior  to  determining  the  fracture /yield  stress.  It  was  found  that  pre-loading  the 
samples  lowers  the  BDT  by  at  least  46°C.  This  would  not  be  expected  if  the  transition 
was  sensitive  to  and  governed  by  the  velocity  of  the  mobile  dislocations.  Instead,  we 
believe  that  the  BDT  occurs  when  a  sufficient  density  of  mobile  dislocations 
nucleates  by  some  process  in  the  material.  Because  the  transition  is  very  sharp  and 
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reproducible,  it  is  unlikely  that  this  nucleation  process  is  thermally  activated. 
Instead,  the  nucleation  of  the  dislocations  may  result  from  an  instability  in  the 
material  that  manifests  itself  at  a  critical  combination  of  stress  and  temperature. 

This  instability  may  also  be  sensitive  to  the  density  of  preexisting  dislocations  in  the 
material.  This  would  explain  the  lowering  of  the  BDT  with  the  application  of  a  pre¬ 
load  to  the  samples.  To  confirm  this  hypothesis,  experiments  need  to  be  conducted 
that  carefully  measure  the  change  in  the  dislocation  density  as  a  function  of  stress 
and  temperature. 
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ABSTRACT 

Mode  I  cracks  introduced  in  Si  at  the  ductile-brittle  transition  temperature  (DBTT)  have 
been  examined  extensively  using  transmission  electron  microscopy.  Cross-sectional  as  well  as 
plane-view  specimens  suitable  for  the  observation  were  prepared  using  a  focused  ion  beam 
technique.  Many  small  dislocation  loops  nucleate  at  the  fracture  surface  of  a  mode  I  crack 
during  the  propagation  at  DBTT. 

INTRODUCTION 

The  ductile-brittle  transition  (DBT)  in  Si  single  crystals  has  gathered  much  attention.  It 
is  well  accepted  that  the  DBT  is  a  result  of  the  competition  between  two  processes,  i.e.,  a 
cleavage  crack  and  the  thermal  activation  of  dislocation  motions  [1,2,3].  The  emission  of 
dislocations  near  the  tip  of  a  crack  in  Si  deformed  at  high  temperatures  has  been  observed  by 
several  workers  by  transmission  electron  microscopy  (TEM)[4,5,6,7].  In  many  cases  a 
dislocation  wake  has  been  observed  frequently  in  a  variety  of  materials[8,9]. 

From  the  viewpoint  that  the  DBT  behaviour  is  considered  as  a  result  of  the  competition 
between  propagtion  of  a  cleavage  crack  and  thermal  activation  of  dislocations,  the  dislocation 
wake  may  be  considered  as  a  debris  of  those  dislocations  which  have  lost  the  competition 
against  the  propagation  of  a  cleavage  crack.  Thus,  it  appears  worthwhile  to  characterize  the 
dislocation  wake  in  detail.  The  present  paper  decribes  results  obtained,  by  means  of  TEM,  on 
the  nature  of  the  dislocation  wake  along  a  crack  surface  introduced  at  the  DBTT  in  Si. 

EXPERIMENTAL  PROCEDURES 

A  dislocation-free  single  crystal  of  Si  was  used.  Pre-cracks  were  introduced  by  Vickers 
indentation  with  50  g  on  a  (001)  surface  of  a  parallelopiped  crystal  (3.5  mm  x  11  mm  x  0.6 
mm)  at  room  temperature[6,7].  Two  diagonal  half-penny  {110}  cracks  were  introduced 
(fig.  1(a)).  The  specimen  was  then  deformed  to  80%  of  the  fracture  stress  at  873K  by 
three-point  bending  in  an  argon  atmosphere  in  such  a  way  that  one  set  of  the  {110}  pre-cracks, 
say  the  (1 10)  crack,  was  coincident  to  the  axis  of  the  bending,  so  that  the  (1 10)  crack  grew 
during  the  deformation  (fig.  1(b)).  Two  types  of  foil  specimen  were  prepared  using  a  FEB 
technique.  In  one,  i.e.,  cross-sectional  specimen,  the  (110)  crack  was  end-on,  while  in  the 
other,  i.e.,  plan-view  specimen,  one  of  the  two  broad  surfaces  of  the  foil  specimen  coincides 
with  the  (1 10)  fracture  surface.  The  specimens  were  examined  in  a  Hitachi  HU-1000D  and  a 
Hitachi  H-1250ST  microscope  at  an  accelerating  voltage  of  1000  kV. 
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Figure  2  Cross-sectional  electron  micrograph  of  a  crack  in  a  specimen  bent  to  80%  of  the 
fracture  stress  at  873K.  The  micrograph  is  divided  into  (a)  and  (b). 
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RESULTS 

Figure  2  shows  a  low-magnification  electron  micrograph  of  a  cross-sectional  specimen 
where  an  end-on  crack  P-C-Xi  -X2  -X3  -Yi  -Y2  -Y3  -Y4  -Ys  -Z  is  observed.  The  crack  is  so  long 
that  the  micrograph  is  divided  into  two  parts,  namely,  (a)  and  (b).  Part  from  P  to  C  of  this 
crack  is  a  pre-crack  (a  half-penny  crack)  at  room  temperature.  The  rest  of  the  crack,  i.e.,  from 
C  down  to  Z  must  have  propagated  during  the  deformation  at  the  DBTT,  i.e.,  873K  (hereinafter 
the  crack  C-Z  will  be  called  DBTT  crack). 

Many  dislocations  such  as  Di ,  D2  and  D3  have  glided  out  of  the  severely  damaged  region 
just  beneath  the  indentation  I  over  an  area  which  is  much  wider  than  that  where  dislocations 
can  be  observed  in  the  as-indented  specimen(without  further  deformation  at  DBTT(See  for 
example  fig.3  in  [6])).  Apparently  there  are  many  differences  in  morphology  between  the 
pre-crack  P-C  and  the  DBTT  crack  C-Z.  First  of  all,  the  pre-crack  P-C  is  very  straight  along 
[110],  while  the  DBTT  crack  C-Z  is  zigzagged  and  deviates  from  the  exact  (1 10)  plane. 
Secondly,  there  is  no  evidence  of  a  dislocation  wake  along  the  pre-crack  P-C,  while  a 
dislocation  wake  is  clearly  observed  along  the  DBTT  crack  C-Z. 

Figure  3  shows  defect  structure  near  Y4  at  a  higher  magnification  in  the  weak-beam 
mode.  The  followings  are  evident. 

1)  The  fracture  surface  of  the  DBTT  crack  has  steps  at  various  places  such  as  Xi ,  X2 ,  X3 ,  Yi , 
Y2 ,  Y3 ,  Y4  and  Ys .  The  surface  orientation  of  these  steps  is  approximately  <11 1> 

2)  The  fracture  surface  of  the  DBTT  crack  is  decorated  with  many  small  dislocation  loops. 

3)  Dislocation  loops  are  emitted  from  the  fracture  surface  (for  example,  p,  q,  r,  s,  t  and  v)  and 
from  the  comer  of  a  step  of  the  fracture  surface(for  example,  t).  These  dislocations  are  believed 
to  be  glissile  dislocations. 

4)  In  addition  to  the  aforementioned  dislocation  loops  many  smaller  dislocation  loops  such  as 
those  indicated  by  arrows  in  Fig.3  are  observed. 

Figure  4  shows  a  plan-view  micrograph  of  a  crack  which  propagated  at  DBTT.  In  this 
case,  those  crystals  that  had  existed,  before  deformation  at  DBTT,  at  both  sides  of  the  pre-crack 
lying  parallel  to  the  foil  surface  were  separated  completely  into  two,  and  no  miore  fringes  are 
observed  where  the  pre-crack  lay.  This  makes  it  rather  difficult  to  identify  the  crack  tip,  but 
dislocation  structure  connecting  d2  -cb  -d4  looks  like  the  tip  of  a  half-penny  crack.  We  believe 
that  dislocations  near  d2  -d3  -d4  nucleated  at  the  tip  of  a  pre-crack.  Since  it  is  well 


Figure  3  Defect  structure  near  Y4  imaged  in  the  weak-beam  mode. 
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c)  Schematical  illustration  of 
he  dislocation  loops. 


established  that  there  are  no  dislocations  at  the  tip  of  a  crack  introduced  by  indentation  at  room 
temperature,  these  dislocations  must  have  been  introduced  during  deformation  (three-point 
bending)  at  DBTT.  Then,  the  region  lower  than  <h  -d3  -d4  must  be  a  fracture  surface  under 
which  one  of  the  two  crystals  separated  by  the  DBTT  crack  lies.  Of  special  interest  in  this 
region  of  the  DBTT  crack  are  dislocations  denoted  by  d’i,d’2,d’3  and  d’5.  At  first  sight  they 
may  look  straight  dislocations  piercing  the  foil  from  the  bottom  to  the  top.  However,  close 
examination  by  stereo-microscopy,  as  shown  in  Figs.  5(a)  and  (b),  reveals  that  they  are  actually 
half  loops,  as  schematically  drawn  in  (c).  This  observation  of  nucleation  of  small  dislocation 
loops  at  the  fracture  surface  is  in  good  agreement  with  the  results  shown  in  Figs.  2  and  3,  and 
also  results  shown  in  Figs.  10  and  13  in  [7], 

In  conclusion,  the  present  cross-sectional  and  plan-view  observations  of  cracks  introduced 
at  DBTT  have  confirmed  definitely  that  many  dislocation  loops  are  nucleated  at  the  fracture 
surface  of  a  DBTT  crack.  A  possible  mechanism  for  the  nucleation  of  such  loops  has  been 
proposed  elsehwere[10], 

REFERENCES 


1.  A.  George  and  G.Michot,  Materi.  Sci.  &  Engg,  A164,  118(1993) 

2  .  P.B.Hirsch  and  S.G.Roberts,  Phil. Mag., A64,55(l 991). 

3  .  Y.-B.Xin  and  K.J.Hsia,  Acta  Materi.,45,1747(1997). 

4  .  B.R.Lawn,  B.J.Hocklev  ,and  S.M.Wiederhom,  J.Materi. Sci. ,15, 1207(1980) 

5.  Y.-H.Chiao  and  D.R.Clarke,  Acta  metall.,37,203.(1989). 

6.  H.Saka  and  G.Nagaya,Phil.Mag.Lett.,72, 25 1(1995). 

7.  H.Saka  and  S.Abe,  J.Electron  Microsc., 1,45(1997). 

8.  B.S.Majumdar  and  S.J.  Bums,  Scripta  Met.,  14, 653(1 980). 

9.  Y.Ikuhara,  T.Suzuki,  and  Y.Kubo,  Phil.Mag.Lett, 66, 323(1992) 

10.  Suprijadi  and  H.Saka, Phil.Mag.Lett. ,78, 43 5(1 998). 


j 


174 


UNSTABLE  STACKING  FAULT  FREE  ENERGIES  IN  SILICON 
THROUGH  EMPIRICAL  MODELING 


M.  DE  KONING*1),  A.  ANTONELLI<2\  MARTIN  Z.  BAZANT^,  EFTHIMIOS 
KAXIRAS(4) ,  and  J.F.  JUSTC>(5> 

(^Department  of  Nuclear  Engineering,  Massachusetts  Institute  of  Technology, Cambridge, 
Massachusetts,  02139 

(2) lnstituto  de  Fisica  Gleb  Wataghin,  Universidade  Estadual  de  Campinas, Unicamp,  13083- 
970  Campinas,  Sao  Paulo,  Brazil 

(3)  Department  of  Mathematics,  Massachusetts  Institute  of  Technology,  Cambridge,  Mas¬ 
sachusetts,  02139 

(4)  Department  of  Physics  and  Division  of  Engineering  and  Applied  Sciences,  Harvard  Uni¬ 
versity,  Cambridge,  Massachusetts  02138 

^Instituto  de  Fisica  da  Universidade  de  Sao  Paulo,  CP  66318,  CEP  05315-970  Sao  Paulo, 
Sao  Paulo,  Brazil 

ABSTRACT 

The  temperature  dependence  of  unstable  stacking  fault  free  energies  on  glide  and  shuffle 
{111}  planes  in  silicon  is  investigated  using  a  finite  temperature  molecular  dynamics  ap¬ 
proach  which  includes  a  full  treatment  of  anharmonic  vibrational  effects.  The  results  are 
compared  to  earlier  zero  temperature  ab  initio  calculations  in  which  finite  temperature  ef¬ 
fects  were  estimated  using  a  harmonic  approximation  to  transition  state  theory  (TST).  The 
unstable  stacking  free  energies  are  interpreted  within  the  framework  of  Rice’s  dislocation 
nucleation  criterium  to  characterize  a  possible  change  from  shuffle  to  glide  plane  dominance 
in  the  context  of  dislocation  nucleation  processes  at  a  sharp  crack  tip.  Such  a  change  may 
be  related  to  the  abrupt  brittle-ductile  transition  observed  in  silicon. 

INTRODUCTION 

The  understanding  of  the  microscopic  properties  of  extended  defects  and  their  relation 
to  the  macroscopic  mechanical  behavior  of  materials  is  an  issue  of  fundamental  interest 
to  materials  science  and  technology.  An  interesting  example  of  macroscopic  mechanical 
behavior  which  is  believed  to  have  a  direct  relation  with  the  properties  of  dislocations 
on  the  microscopic  level  is  the  brittle-ductile  transition  (BDT).  This  transition,  which  is 
characterized  by  a  change  in  which  a  brittle,  easily  fractured  material  transforms  into  a 
tough  substance  that  can  easily  undergo  plastic  deformation,  is  particularly  remarkable 
in  silicon.  For  this  material  the  transition  is  observed  to  occur  in  a  narrow  temperature 
interval  of  a  few  degrees  at  a  critical  temperature  near  873  K  [1,  2]. 

On  the  microscopic  level  the  intrinsic  brittleness  or  ductility  of  a  material  is  closely 
related  to  the  behavior  of  a  sharp  crack  tip  under  external  loading.  While  brittleness  is 
typically  associated  with  easy  crack  propagation,  ductility  is  characterized  by  crack  tip 
blunting  through  dislocation  emission.  Although  a  detailed  understanding  of  the  complex 
atomic  mechanisms  involved  in  dislocation  nucleation  and  motion  is  necessary  for  a  satis¬ 
factory  quantitative  description,  the  characteristic  abruptness  of  the  BDT  in  silicon  may 

175 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  539  ®  1999  Materials  Research  Society 


be  related  to  certain  general  geometrical  features  of  dislocations  in  the  diamond  lattice 
structure. 

The  diamond  lattice  structure  consists  of  two  interpenetrating  fee  lattices  giving  rise 
to  two  distinct  sets  of  close-packed  {111}  planes:  the  so-called  shuffle  and  glide  planes  [3]. 
While  dislocations  nucleated  on  the  widely  spaced  shuffle  planes  are  relatively  narrow  and 
experience  a  relatively  high  resistance  to  motion  (Peierls  stress)  [3],  dislocations  on  the 
narrowly  spaced  glide  planes  tend  to  split  into  two  partial  dislocations  which  lowers  the 
Peierls  stresses  and  enhances  mobility.  In  this  sense  the  BDT  in  silicon  may  be  related  to  a 
sudden  change  of  dominance  of  one  set  over  the  other  with  respect  to  dislocation  nucleation 
at  a  sharp  crack  tip. 

Within  this  picture,  the  recent  theoretical  work  by  Rice  and  collaborators  [4-6]  is  par¬ 
ticularly  interesting.  They  developed  a  model  for  dislocation  nucleation  at  a  crack  tip  based 
on  a  continuum  elasticity  approach  and  the  Peierls  stress  concept.  This  study  has  led  to 
the  identification  of  a  simple  solid  state  parameter  measuring  the  resistance  to  dislocation 
nucleation  at  a  crack  tip  (which  we  will  refer  to  as  the  dislocation  nucleation  criterion):  the 
unstable  stacking  fault  (USF)  energy  7 us .  The  USF  energy  is  defined  as  the  lowest  barrier 
that  needs  to  be  crossed  when  one  half  of  a  perfect  crystal  slips,  on  the  dislocation  nucle¬ 
ation  plane  of  interest,  relative  to  the  other  half,  completing  a  total  displacement  equal  to 
one  lattice  repeat  vector. 

Kaxiras  and  Duesbery  and  Juan  and  Kaxiras  [7,  8]  used  ab  initio  total  energy  calcula¬ 
tions  based  on  a  local  density  approximation  scheme  to  density  functional  theory  (DFT- 
LDA)  to  calculate  accurate  zero  temperature  values  for  7US  on  the  glide  and  shuffle  sets  in 
silicon.  The  effects  of  finite  temperature  and  pressure  conditions  were  estimated  using  a 
harmonic  approximation  scheme  to  transition  state  theory  (TST)[9].  While  the  results  of 
this  work  illustrate  the  idea  of  an  abrupt  change  in  dominance  of  one  set  over  the  other 
with  respect  to  dislocation  nucleation,  finite  temperature  effects  related  to  the  motion  of 
the  atoms  on  either  side  of  the  slip  plane  were  neglected.  In  this  work  we  include  such 
effects  using  finite  temperature  molecular  dynamics  (MD)  techniques  to  calculate  the  USF 
free  energies  on  the  shuffle  and  glide  sets  in  silicon  as  a  function  of  temperature.  The  results 
are  compared  to  the  earlier  DFT-LDA  work. 

COMPUTATIONAL  METHOD 

The  basis  for  our  MD  simulations  is  provided  by  the  new  environment-dependent  in¬ 
teratomic  potential  (EDIP)  for  silicon  [10,  11].  As  opposed  to  other  empirical  models, 
EDIP  captures  with  adequate  realism  several  important  stable,  metastable,  and  saddle 
point  configurations,  including  the  energetics  of  dislocation  cores.  The  free  energies  have 
been  calculated  using  the  adiabatic  switching  MD  method  [12,  13]  which  is  based  on  the 
simulation  of  thermodynamically  reversible  processes  and  enables  accurate  and  efficient 
determination  of  thermal  properties  including  all  anharmonic  effects. 

In  order  to  represent  the  structure  of  the  USF  configurations  on  the  shuffle  and  glide 
sets  in  the  simulations  we  utilized  cells  with  edges  parallel  to  the  [111],  [101],  and  [121] 
crystallographic  directions.  The  slip  displacement  vectors  associated  with  the  glide  and 
shuffle  USF  configurations  (^[121]  a0  and  |[101]ao  respectively [7])  are  implemented  by 
addition  to  the  standard  periodic  boundary  condition  repeat  vector  in  the  [111]  direction. 

During  the  MD  simulations  the  motion  of  the  atoms  immediately  adjacent  to  the  slip 
plane  was  restricted  to  the  [111]  direction  (perpendicular  to  the  slip  plane)  to  prevent  re- 
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Table  1:  Static  (0  K)  unstable  stacking  energy  yus  for  the  {111}  shuffle  and  glide  set  in 
silicon  at  various  levels  of  relaxation.  All  values  are  in  J  m~2.  The  DFT  results  were  taken 
from  Ref.  8. 


Shuffle  set 

Glide  set 

No  relaxation 

DFT-LDA 

1.84 

2.51 

EDIP 

1.98 

3.28 

Atomic  relaxation 

DFT-LDA 

1.81 

2.02 

EDIP 

1.28 

1.89 

Atomic+volume  relaxation 

DFT-LDA 

1.67 

1.91 

EDIP 

1.04 

1.86 

laxation  of  shear  stresses  and  maintain  the  system  on  the  saddle  point  configuration.  The 
size  of  the  cells  was  chosen  as  to  minimize  the  interaction  between  the  periodic  images  of 
the  USF  configurations.  For  this  purpose  we  utilized  cells  containing  648  atoms  divided  in 
36  (111)  planes. 

RESULTS 

In  order  to  study  the  volume  relaxation  perpendicular  to  the  slip  planes,  the  7„s  were 
evaluated  at  several  volumes  below  and  above  the  ideal  volume  of  bulk  silicon  at  zero 
temperature.  For  the  glide  set,  the  minimum  value  of  7US  was  found  for  a  perpendicular 
expansion  A zgude  =  0.35  A,  while  the  shuffle  set  USF  configuration  showed  a  contraction 
A zshuffie  —  —0.22  A.  Table  1  shows  several  0  K  ^us  values  characterized  by  different  levels 
of  relaxation,  as  obtained  with  EDIP  and  DFT-LDA[8].  EDIP  successfully  captures  the 
qualitative  trends  in  the  effects  of  relaxation  on  yus  as  obtained  with  DFT-LDA.  Both 
approaches  predict  the  influence  of  atomic  relaxation  to  be  larger  on  the  glide  set,  and 
the  volume  relaxation  to  be  more  pronounced  on  the  shuffle  set.  However,  despite  this 
qualitative  agreement,  there  are  significant  quantitative  discrepancies  between  EDIP  and 
DFT-LDA  for  the  shuffle  set.  While  the  differences  between  EDIP  and  DFT-LDA  on  the 
glide  set  are  fairly  small  when  volume  and/or  atomic  relaxation  are  allowed,  they  are  much 
larger  for  the  shuffle  set.  The  consequences  of  these  discrepancies  will  be  discussed  further 
below. 

Figure  1  shows  the  Helmholtz  free  energies  of  the  shuffle  and  glide  USF  configurations 
as  a  function  of  temperature.  Although  the  free  energy  of  the  USF  glide  configuration 
is  higher  over  the  entire  temperature  range,  the  difference  between  both  curves  decreases 
with  increasing  temperature  due  to  the  higher  entropy  of  the  glide  USF  configuration.  At 
this  point  we  interpret  these  results  within  the  framework  of  Rice’s  theory  on  dislocation 
nucleation.  So  far,  the  calculations  have  ignored  the  possible  influence  of  finite  pressure 
conditions.  These  effects  should  be  taken  into  account  in  order  to  obtain  a  more  realistic 
picture  of  the  energetics  involved  in  the  dislocation  nucleation  criterion.  To  this  end  the 
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Figure  1:  USF  Helmholtz  free  energies  as  a  function  of  temperature,  for  the  glide  and  shuffle 
sets  in  silicon  at  zero  pressure. 

introduction  of  the  Gibbs  free  energy  per  unit  area  is  appropriate: 

G(P,T)  =  F(T)  +  PAz.  (1) 

Here  F(T)  is  the  Helmholtz  free  energy  per  unit  area  and  A z  represents  the  volume 
relaxation  perpendicular  to  the  slip  plane  under  consideration.  According  to  the  dislocation 
nucleation  criterion,  the  condition  that  the  preferred  slip  plane  changes  from  shuffle  to 
glide  is  given  by  Gshuffle(P,T)  =  Gglide(P,T ),  which  describes  the  ( P,T )  coexistence  curve 
separating  the  two  dislocation  nucleation  regimes  in  the  phase  diagram. 

Before  embarking  on  the  construction  of  the  EDIP  phase  diagram,  the  question  related 
to  the  quantitative  7US  discrepancy  mentioned  earlier  should  be  addressed.  According  to 
Table  1,  EDIP  overestimates  the  difference  between  the  glide  and  shuffle  values  of  yus  at 
zero  temperature  (including  atomic  and  volume  relaxation)  by  more  than  a  factor  three. 
Since  this  discrepancy  is  reflected  in  the  finite  temperature  values  of  yus,  it  strongly  affects 
the  free  energies  and  distorts  the  corresponding  EDIP  phase  diagram.  In  order  to  eliminate 
this  effect,  the  EDIP  Helmholtz  free  energy  differences  were  corrected  in  such  a  manner 
that  the  zero  temperature  value  equals  the  corresponding  DFT-LDA  value.  This  correction 
is  most  conveniently  accomplished  by  means  of  a  simple  rigid  energy  shift  imposed  for  all 
temperatures.  Such  a  shift  only  modifies  the  static  energy  scales  while  it  leaves  unaltered 
the  vibrational  entropic  properties. 

Figure  2  shows  a  comparison  between  the  corrected  EDIP  phase  diagram  (continuous 
line)  and  the  DFT-LDA  results[8]  (dotted  line).  For  ( P,T )  values  below  (above)  these 
curves,  the  glide  (shuffle)  set  USF  configuration  has  lower  free  energy.  Both  coexistence 
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Figure  2:  Phase  diagram:  Coexistence  curves  separating  the  preferable  nucleation  of  dis¬ 
locations  on  shuffle  planes  versus  glide  set.  The  full  line  represents  the  results  obtained 
with  the  EDIP  potential  after  correction  for  the  overestimated  difference  in  7US.  The  dot¬ 
ted  line  represents  the  DFT-LDA  calculations  (Ref.  8).  The  dashed  line  represents  the 
experimental  brittle  fracture  stress. 

curves  agree  fairly  well,  with  derivatives  dP/dT  of  the  same  order  of  magnitude  over  the 
entire  temperature  range.  Furthermore,  the  curves  intersect  near  1100  K  with  nearly 
equal  slopes.  The  most  significant  difference  between  both  curves  is  the  inflection  point 
which  appears  in  the  EDIP  phase  diagram  and  originates  from  the  specific  behavior  of 
the  glide-shuffle  entropy  difference  as  a  function  of  temperature  (negative  first  derivative 
and  positive  second  derivative).  However,  despite  this  discrepancy,  both  phase  diagrams 
show  no  pronounced  differences.  This  suggests  that  the  exact  treatment  of  temperature 
dependent  vibrational  effects  in  the  present  simulations  does  not  significantly  alter  the 
qualitative  picture  provided  by  the  approximate  DFT-LDA  calculations. 

DISCUSSION 

The  phase  diagrams  in  Figure  2  illustrate  the  basic  idea  of  an  abrupt  transition  from 
shuffle  to  glide  set  dominance  under  specific  temperature  and  pressure  conditions.  Such 
a  transition  may  be  related  to  the  sharp  BDT  transition  observed  in  silicon.  Although 
dislocations  nucleate  more  easily  on  shuffle  planes,  the  splitted  Shockley  partials  on  the  glide 
set  are  more  mobile.  In  this  sense,  the  transition  from  brittle  to  ductile  behavior  might  be 
directly  related  to  the  abrupt  transition  from  shuffle  to  glide  set  dominance.  Within  such 
an  interpretation,  the  EDIP  and  DFT-LDA  phase  diagrams  might  indicate  a  transition 
temperature  at  the  intersection  points  of  the  coexistence  curves  with  the  experimental 
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brittle  fracture  stress.  In  this  manner  both  EDIP  and  DFT-LDA  would  indicate  a  critical 
temperature  near  1100  K  which  is  not  unreasonably  far  from  the  experimental  value  of  873 
K .  This  agreement  and  the  qualitative  similarity  between  both  phase  diagrams,  suggests 
that  temperature  dependent  vibrational  effects  included  in  the  present  simulations  do  not 
significantly  alter  the  qualitative  picture  provided  by  the  earlier  DFT-LDA  calculations. 

However,  for  several  reasons  these  results  should  not  be  taken  literally.  First,  impor¬ 
tant  factors  such  as  electronic  entropy  contributions,  surface  free  energies  and  dislocation 
core  reconstruction  effects  have  been  neglected  in  the  present  approach.  Furthermore,  the 
microscopic  mechanisms  involved  in  the  BDT  phenomenon  may  involve  subtleties  which 
are  not  included  in  the  approach  adopted  in  this  work.  For  instance,  dislocation  mobil¬ 
ity  mechanisms  mediated  by  kink  formation  and  motion  might  play  an  important  role  in 
this  issue.  Therefore,  a  direct  quantitative  interpretation  of  the  results  in  terms  of  the 
dislocation  nucleation  criterion  would  represent  an  oversimplification.  Nevertheless,  we  feel 
that  the  qualitative  picture  provided  by  the  present  approach  can  be  useful  in  the  further 
development  of  quantitative  BDT  models  in  silicon. 
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Abstract 

Tensile  tests  on  notched  plates  of  single-crystalline  silicon  were  carried  out  at  high  overloads. 
Cracks  were  forced  to  propagate  on  {110}  planes  in  a  <  1 1 0  >  direction.  The  dynamics  of  the 
fracture  process  was  measured  using  the  potential  drop  technique  and  correlated  with  the  fracture 
surface  morphology.  Crack  propagation  velocity  did  not  exceed  a  terminal  velocity  of 
vr  =  3800  m/s,  which  corresponds  to  83%  of  the  Rayleigh  wave  velocity  v*.  Specimens  fractured 
at  low  stresses  exhibited  crystallographic  cleavage  whereas  a  transition  from  mirror-like  smooth 
regions  to  rougher  hackle  zones  was  observed  in  case  of  the  specimens  fractured  at  high  stresses. 
Inspection  of  the  mirror  zone  at  high  magnification  revealed  a  deviation  of  the  {110}  plane  onto 
{111}  crystallographic  facets. 

Introduction 

Continuum-mechanical  analysis  of  the  dynamic  fracture  of  a  brittle  solid  shows  that  a  crack 
extends  on  a  straight  crack  path  and  accelerates  to  a  limiting  crack  velocity,  which  is  expected  to 
be  the  Rayleigh  wave  velocity  v*  [1].  However,  recent  experiments  on  amorphous  materials  have 
revealed  that  cracks  propagate  only  at  about  0.4  -  0.6  of  the  Rayleigh  wave  velocity  vR  [2,3]. 
Moreover,  these  investigations  have  shown  that  an  initially  smooth  and  mirror-like  fracture  surface 
evolves  into  a  rough,  hackled  region  if  the  crack  exceeds  a  critical  crack  velocity  vf  [2-4], 

In  contrast  to  the  fracture  of  amorphous  solids,  the  fracture  process  in  a  crystal  is  believed  to  be 
governed  by  cleavage  along  preferred  crystallographic  planes,  formation  of  cleavage  steps,  or  the 
emission  of  dislocations  from  the  crack  tip. 

Molecular  dynamics  (MD)  simulations  of  dynamically  running  cracks  have  shown  that  the  lower 
than  expected  terminal  velocity  is  due  to  the  non-linearity  of  the  atomic  interaction  [5].  A 
significantly  higher  crack  velocity  of  about  0.9  v*  has  been  found  in  an  MD  simulation  where  the 
crack  was  forced  in  a  particularly  “stiff*  direction  [6]. 

The  dynamics  of  fast  fracture  in  brittle  single-crystalline  materials  has  so  far  been  addressed 
experimentally  only  in  very  few  studies.  The  terminal  crack  velocity  in  LiF  has  been  reported  to  be 
less  than  0.5  v*  [7],  whereas  a  considerably  higher  terminal  velocity  has  been  observed  in  tungsten 
(0.8  vR)  [8].  The  terminal  crack  velocities  in  sapphire,  diamond  and  tungsten  were  found  to  be 
roughly  in  the  range  between  0.7  and  0.85  vR  [9],  Preliminary  experiments  on  silicon  single 
crystals  gave  crack  velocities  of  0.83  vR  [10,11].  These  observations  indicate  that  cracks  can 
propagate  faster  in  brittle  crystals  than  in  brittle  amorphous  materials. 

To  address  these  issues,  fracture  experiments  were  carried  out  on  single-crystalline  silicon  plates 
(wafers)  in  the  present  study.  The  crack  length  was  measured  as  a  function  of  time  using  the 
potential  drop  technique.  Furthermore,  the  fracture  surface  morphology  was  analyzed 
quantitatively  and  correlated  with  the  dynamics  of  the  crack  propagation. 

Experimental 

The  specimens  used  in  the  fracture  experiments  were  manufactured  from  single-crystalline  boron- 
doped  silicon  wafers  (from  SILCHEM,  Freiberg,  Germany)  with  a  <100>  surface  normal  and  a 
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diameter  of  200  mm.  These  specimens  had  a  rectangular  shape  with  a  horizontal  dimension  of 
L  =  100  mm  (parallel  to  the  crack  propagation  direction  or  “x“  direction),  a  vertical  dimension  of 
H=  150  mm  (parallel  to  the  direction  of  the  applied  stress  or  *y*  direction)  and  a  thickness  of 
750  pm.  The  crystallographic  orientation  was  such  that  both  the  direction  of  uniaxial  tensile 
loading  andjhe  direction  of  crack  propagation  were  of  the  <110>  type.  This  orientation  activates 
the  (110)[1 1 0]  cleavage  system  which  is  the  easiest  cleavage  system  in  silicon  and  in  which  nearly 
perfectly  flat  fracture  surfaces  are  produced  [12].  The  Rayleigh  wave  velocity  for  a  surface  wave 
traveling  along  a  (110)  plane  in  [1 10]  direction  was  calculated  from  the  elastic  constants  to  be 
v*  =  4480  m/s  [13]. 

Crack  propagation  was  initiated  at  a  notch  at  one  side  of  the  sample.  The  far-field  stress  at  which 
fracture  occurred  changed  from  specimen  to  specimen  because  of  variations  in  root  radius  and 
length  of  the  notch.  Fracture  stresses  in  the  range  from  4.7  to  15.5  MPa  were  obtained  in  this  way. 
The  corresponding  energy  release  rates  are  in  the  range  of  1 1  to  106  J/m2,  which  is  about  4  to  35 
times  the  Griffith  energy  G0=  3  J/m2  [14].  Using  FEM-calculations  we  could  ensure  that  the 
energy  release  rate  is  almost  constant  for  crack  lengths  between  0.4L  and  L  [1 1]. 

Stress  was  applied  via  two  beams  of  steel  with  a  slit  in  which  the  specimen  was  glued  at  the  top 
and  bottom  (Fig.  1).  The  grips  were  mounted  in  a  screw  driven  tensile  machine  by  two  cardanic 
joints  to  produce  a  homogeneous  stress  field  in  the  sample.  The  specimen  was  loaded  to  fracture 
at  constant  crosshead  velocity.  During  the  test  the  load  was  measured  continuously  by  a  load  cell 
and  digitized  at  a  sampling  rate  of  10  Hz. 


Fig.  1:  Schematic  diagram  of  the  crack  velocity  measurement  technique  and  the  fixture  used  for  the  tensile  tests  on 
the  rectangular,  notched  plates.  The  plates  were  glued  into  beams  of  steel  provided  with  a  slit.  The  crack  velocity  is 
measured  via  resistance  change  of  a  thin  chromium  film  on  one  side  of  the  sample. 

The  crack  tip  position  l(t)  was  monitored  continuously  as  a  function  of  time  using  the  potential 
drop  technique.  This  technique  is  based  on  measuring  the  electric  resistance  of  a  thin  layer  of  a 
brittle  conductor  (100  nm  thick  chromium  film)  sputter  deposited  on  one  side  of  the  specimen 
(Fig.  1).  The  layer  is  well  bonded  to  the  specimen  and  fractures  at  the  same  time.  The  resistance  of 
the  film  is  directly  related  to  the  crack  length.  Resistance  measurements  with  a  high  time  resolution 
were  accomplished  using  a  Wheatstone  bridge.  The  output  signal  of  the  bridge  Us  was  monitored 
by  a  4-channel-storage- oscilloscope  (Tektronix  TDS  420  B)  at  a  sampling  rate  of  50  MHz  and  an 
amplitude  resolution  of  10  bit  (high  resolution  mode).  The  velocity  measurement  was  calibrated 
in-situ  with  a  set  of  conductor  lines,  which  were  deposited  on  the  back  face  of  the  specimen.  This 
method  is  described  in  detail  in  Ref.  [11]. 
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Results  and  discussion 

Correlation  of  crack  velocity  and  fracture  surface  morphology 

Fig.  2  shows  the  crack  velocities  as  a  function  of  the  crack  length  obtained  at  two  different  far- 
field  fracture  stresses.  The  curves  are  smoothened  to  reduce  fluctuations  arising  from  bit-noise.  In 
both  experiments  the  crack  velocity  first  increases  and  then  stays  at  an  approximately  constant 
level.  This  level  correlates  with  the  far-field  fracture  stress  and  the  corresponding  energy  release 
rate  G. 


Fig.  2:  Crack  velocity  as  a  function  of  the  crack  length  for  two  specimens  which  were  fractured  on  a  (1 10)[1 1 0] 
cleavage  system.  After  an  initial  acceleration  period  the  crack  propagates  at  a  steady  velocity  which  depends  on  the 
applied  far-field  fracture  stress. 


In  Fig.  3  the  average  crack  velocity  is  plotted  as  a  function  of  the  far-field  stress  at  fracture  and  the 
energy  release  rate  for  all  experiments.  The  average  velocity  was  calculated  from  the  duration  of 
the  fracture  process  and  the  length  of  the  crack  path  L-lc,  where  lc  is  the  length  of  the  initial  notch. 


20 


G  [J/m2] 

40  60  80  100 


4000 


-|  3500 


£  3000 


2500 


0 

••  • 

O0  ° 

o 

o 

Regime  A 

Regime  B 

o 

mirror 

hackle 

v  =  0.83  v 
c  R 


6  8  10  12  14  16 

Fracture  stress  o  [MPa] 


Fig.  3:  Average  crack  velocity  for  the  (110)[1 10]  crack  system  as  a  function  of  the  far-field  stress  at  the  onset  of 
fracture.  An  increase  of  the  velocity  at  lower  stresses  is  followed  by  a  regime  where  the  velocity  curve  saturates.  The 
generated  fracture  surface  is  smooth  and  mirror-like  over  the  whole  crack  path  (open  circles)  for  the  lower  stresses. 
At  high  stresses  a  transition  from  mirror  to  hackle  zones  is  observed  along  the  crack  propagation  direction  (solid 
circles). 


At  low  stresses  (regime  A)  the  velocity  increases  with  increasing  stress  and  the  corresponding 
morphology  of  the  fracture  surface  is  smooth  and  mirror-like  (open  circles  in  Fig.  3).  At  higher 
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stresses  (regime  B)  the  velocity  reaches  a  saturation  level.  This  is  accompanied  by  a  transition 
from  the  mirror-like  to  rougher  hackle  zones  on  the  fracture  surface  (solid  circles  in  Fig.  3).  The 
maximum  value  of  the  crack  velocity  was  found  to  be  vc=  3800  m/s,  which  is  0.83  of  the  Rayleigh 
wave  velocity  v*.  This  value  is  denoted  as  the  terminal  velocity. 

As  mentioned  above,  we  found  a  clear  correlation  between  the  onset  of  hackle  regions  and  the  far- 
field  stress  at  the  onset  of  fracture.  The  transition  from  mirror  to  hackle  zones  is  schematically 
shown  in  Fig.  4  (left).  The  hackle  and  mirror  zones  can  very  clearly  be  distinguished.  The 
transition  between  the  zones  is  rather  abrupt.  The  hackle  region  appears  to  start  from  the  specimen 
sides  (see  a  and  b  in  Fig.  4,  left)  and  extends  gradually  into  the  interior.  Therefore,  there  exists  an 
extended  transition  region  where  mirror  and  hackle  zones  coexist. 
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Fig.  4:  Left:  Schematic  diagram  showing  the  fracture  features  obtained  from  the  specimens  tested  at  high  fracture 
stresses.  The  hackle  region  initiates  from  the  specimen  sides  and  extends  to  the  center.  Right:  Variation  of  the  x - 
positions  a  (open  squares)  and  b  (solid  squares)  as  a  function  of  the  applied  fracture  stress.  On  the  100  mm  long 
specimens  no  hackle  occurred  below  a  fracture  stress  of  9  MPa.  Also  included  are  the  crack  velocities  (gray  circles). 

In  Fig.  4  (right)  the  x-positions  of  the  onset  of  the  hackle  zone  a  and  b  (open  and  solid  squares) 
are  plotted  as  a  function  of  the  fracture  stress.  In  addition  the  corresponding  average  velocities  are 
shown  in  the  same  diagram.  For  fracture  stresses  ranging  from  0-9  MPa  no  hackle  zone  appeared 
on  the  100  mm  long  specimens.  At  fracture  stresses  between  9-12  MPa  the  onset  position 
decreases  with  increasing  fracture  stress.  At  high  fracture  stresses  (12  to  15  MPa)  the  onset 
position  is  almost  constant. 

This  indicates  that  the  dynamic  fracture  process  is  governed  by  two  different  mechanisms  in  the 
mirror  and  hackle  zones.  In  the  case  of  low  fracture  stresses  and  energy  release  rates  an  increasing 
energy  flux  into  the  crack  tip  results  in  an  increase  of  the  average  crack  velocity.  If  the  energy 
release  rate  exceeds  about  50  J/m2  no  further  energy  is  transformed  into  kinetic  energy,  which 
leads  to  the  saturation  of  the  crack  velocity.  Further  increasing  energy  flux  into  the  tip  is  then 
dissipated  by  the  formation  of  additional  free  surface,  resulting  in  the  formation  of  the  rougher 
hackle  zones. 

The  terminal  crack  velocity  of  vf=  3800  m/s  (0.83  v*)  for  the  (110)[ll0]  cleavage  system  is 
significant  higher  than  the  terminal  velocity  reported  for  amorphous  materials  (0.4  -  0.6  \r)  [2,3], 
Another  major  difference  in  the  dynamic  fracture  behavior  of  amorphous  materials  and  the  single¬ 
crystalline  silicon  is  the  change  in  the  roughening  of  the  fracture  surface  with  the  crack  velocity. 
The  present  results  on  single-crystalline  silicon  show  an  abrupt  onset  of  significant  roughening  in 
the  formation  of  hackle  zones  when  the  crack  velocities  saturate  at  the  terminal  velocity.  This  is  in 


184 


contrast  to  the  observations  on  amorphous  materials,  where  an  increase  in  the  crack  velocity  is 
accompanied  by  a  continuous  increase  in  surface  roughness  [2,3]  and/or  an  increase  in  the  length 
of  micro-branches  [4], 

Such  a  disparity  could  be  attributed  to  the  long  range  atomic  order  of  the  single  crystals.  Further 
investigations  using  different  crystallographic  orientations  are  in  progress.  They  are  aimed  at  a 
correlation  of  the  crystallography  and  the  characteristics  of  dynamic  crack  propagation. 

Micro-morphology  of  mirror  and  hackle  zones 

The  fracture  surface  was  studied  using  atomic-force  microscopy  (AFM)  to  characterize  the  mirror 
zone  on  smaller  length  scales.  Profiles  of  the  fracture  surface  topography  were  taken  in  the  mirror 
zones  of  several  specimens  and  at  different  ^-positions  along  the  crack  path.  Specimens  fractured 
at  the  lowest  fracture  stresses  exhibit  a  featureless  and  flat  fracture  surface  on  length  scales  larger 
than  5  nm.  Specimens  which  were  fractured  at  the  highest  stresses  reveal  significant  features  in  the 
mirror  zone  as  illustrated  in  Fig.  5  (left).  These  hills  and  valleys  are  extended  in  the  direction  of 
crack  propagation.  The  wave  length  and  height  of  the  features  slightly  increases  with  crack 
propagation  distance. 

In  order  to  characterize  these  structures  ftirther,  cross-sections  of  the  fracture  surface  were 
prepared  by  a  focused  ion-beam  microscope  (FIB).  An  FIB  cut  surface  tilted  by  55°  is  shown  in 
Fig.  5  (right).  At  this  particular  location  on  the  fracture  surface  the  features  are  unusually  large. 
The  FIB  image  clearly  reveals  that  the  surface  stmctures  are  roof-like  and  correspond  to  (111) 
crystallographic  facets. 


Fig.  5:  Left:  AFM  image  of  the  mirror  region  of  a  specimen  fractured  a  high  fracture  far-field  stress.  Significant 
surface  features  are  apparent  with  a  large  extension  along  the  crack  propagation  direction.  Right:  FIB  cut  cross- 
section  of  the  mirror-zone  tilted  by  55°  obtained  in  a  region  of  particularly  high  features.  They  correspond  to  (111) 
crystallographic  facets.  Crack  propagation  was  from  top  to  bottom  of  the  images. 

Since  the  surface  features  exhibit  only  little  morphological  variation  along  the  crack  propagation 
direction,  it  can  be  assumed  that  the  front  of  the  propagating  crack  was  sharp  and  dynamically 
stable.  At  low  fracture  stresses  the  crack  front  seems  to  travel  along  the  (110)  cleavage  plane  and 
to  produce  an  almost  perfect  fracture  surface.  At  the  highest  stresses  the  crack  front  deviates  from 
the  initial  (110)  cleavage  plane  onto  (111)  crystallographic  facets.  Further  investigations  are 
needed  to  study  the  conditions  under  which  such  a  deviation  occurs. 

The  hackle  regions  were  examined  in  detail  using  laser  scanning  microscopy  (LSM,  Fig.  6).  These 
observations  reveal  that  the  fracture  surface  does  not  show  any  crystallographic  characteristics  on 
length  scales  larger  than  1  pm.  The  fracture  surface  is  characterized  by  curved  and  wavy 
structures. 
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Further  quantitative  measurements  of  the  topography  of  these  regions  using  mechanical  and 
optical  profflometers  show  that  the  depth  of  the  hackles  vary  in  the  range  of  10-100  pm.  This  is 
about  three  orders  of  magnitude  more  than  the  structure  size  typically  observed  in  the  mirror 
regions. 


Fig.  6:  LSM  image  of  the  hackle  zone.  Wavy  structures  are  apparent,  crystallography  does  not  play  any  significant 
role  in  this  region. 


Conclusions 

The  dynamics  of  crack  propagation  in  silicon  along  a  [llO]  direction  on  a  (110)  plane  was 
investigated  experimentally.  The  terminal  crack  velocity  was  determined  to  be  vc  =  3800  m/s, 
which  is  0.83  of  the  Rayleigh  wave  velocity  v*.  This  is  a  significantly  higher  relative  velocity  than 
found  in  amorphous  materials,  for  which  the  terminal  velocity  never  exceeds  0.6  v?. 

The  average  crack  velocity  as  well  as  the  onset  position  of  the  hackle  zone  on  the  fracture  surface 
could  be  correlated  with  the  far-field  stress  at  the  onset  of  fracture.  At  low  fracture  stresses  the 
crack  front  propagates  along  the  (110)  plane  as  intended  by  the  loading  geometry.  A  deviation 
from  the  initial  (110)  cleavage  plane  onto  (111)  crystallographic  facets  occurs  at  higher  stresses. 
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ABSTRACT 

Sol-gel  derived  thin  nano-ceramic  layers  of  Ti02  and  A\p3  are  studied  using  scanning  electron 
microscopy  to  reveal  the  microstructure  and  morphologies  of  the  layers.  The  low-voltage 
scanning  electron  microscope  with  a  field  emission  gun  is  equipped  with  an  especially  designed 
lens,  where  the  specimen  is  placed  at  the  location  where  the  magnetic  field  is  the  largest.  In 
such  a  way  a  maximum  resolving  power  could  be  attained  of  1.5  nm  at  3kV  accelerating 
voltage.  The  melt-spun  layers  were  treated  differently  afterwards,  i.e.  by  furnace  and  by  laser 
curing.  These  heat  treatments  appeared  to  dictate  the  final  morphologies  of  the  layers  to  a  large 
extent.  Grain  growth  is  observed  for  the  furnace  as  well  as  the  laser  cured  layers.  The  activation 
energy  for  grain  growth  of  these  layers  is  determined.  Homogeneous  dense  layers  may  be 
obtained  if  the  parameters  in  the  curing  process  are  selected  adequately.  If  the  parameters  are 
chosen  incorrectly,  severely  debonded  layers  may  be  obtained.  Pre-heating  the  layers  resulted 
in  less  blister  formation.  The  mechanisms  which  may  cause  the  layers  to  fail  were  examined  in 
more  detail. 

INTRODUCTION 

The  sol-gel  method  allows  ceramic  films  to  be  made  with  almost  any  composition  and  degree  of 
porosity.  In  our  work  the  sol-gel  concept  is  combined  the  laser  treatment  of  surfaces  so  as  to 
obtain  ceramic  coatings  in  an  efficient  way[l-5].  The  research  presented  in  this  paper  focuses  on 
the  various  crack  patterns  that  appear  after  densification  of  sol  gel  derived  thin  films  by  laser 
radiation  and  by  furnace  treatments.  The  coating  liquids  investigated  are  mainly  Si02  A1203 , 
Ti02  and  a  minor  part  is  constituted  by  Zr02  films.  The  sol-gel  coatings  are  deposited  on  the 
substrate,  which  may  exist  for  example  of  monocrystalline  silicon,  polycrystalline  alumina  or 
quartz.  Deposition  may  take  place  by  means  of  spin  or  dip  coating  [6-8]  .  After  spinning  and 
evaporation,  the  layers  are  densified  in  a  furnace  or  laser  treatment.  During  furnace 
densification,  the  sample  is  placed  in  a  furnace  and  cured  in  air  at  temperature  T  for  a  time  t. 
The  densification  of  sol-gel  layers  takes  place  by  mass  transport  from  particles  to  the 
interconnecting  points  between  these  particles,  hereby  reducing  total  porosity.  The  mass 
transport  may  take  place  through  diffusion  processes  or  viscous  flow.  The  driving  force  results 
from  minimization  of  the  surface  energy.  In  the  examination  of  the  morphology  a  scanning 
electron  microscope  (SEM)  is  commonly  used.  However  in  this  work  a  very  special  lens  system 
is  introduced  in  the  high  resolution  SEM  (HRSEM)  the  reason  of  which  some  attention  is  paid  to 
its  operating  conditions.  If  the  energy  of  the  primary  electrons  of  the  SEM  is  high  enough,  they 
produce  electrons,  excited  from  the  conduction  band,  which  can  escape  from  the  surface.  These 
electrons,  also  called  secondary  electrons,  are  low  energy  electrons.  Due  to  the  low  energy,  they 
have  short  mean  free  paths,  of  the  order  of  nanometers.  Therefore,  only  secondary  electrons 
coming  from  the  point  of  incidence  of  the  primary  beam  can  be  detected  by  the  detector, 
making  these  secondary  electrons  of  importance  for  topographical  studies.  The  lateral 
resolution,  using  secondary  electrons,  of  the  scanning  electron  microscope  is  of  the  order  of 
nanometers.  Primary  electrons  which  enter  the  specimen  are  scattered  elastically  or  inelastically 
by  the  atoms  near  the  surface  layer.  The  primary  electrons  current  is  approximately  10'8  to  10‘7A. 
The  penetration  depth  of  the  high  energy  electrons  will  cause  the  electrons  to  be  trapped  in  the 
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material.  When  studying  conducting  materials,  the  electrons  will  be  transported  away  from  the 
point  of  incidence.  If  the  specimen  is  a  non-conducting  material,  the  excess  electrons  will  cause 
charging  of  the  surface.  The  electrostatic  charge  on  the  surface  deflects  the  incoming  electrons, 
giving  rise  to  distortion  of  the  image.  In  order  to  reduce  surface  charging  effects,  a  conducting 
layer  of  metal,  with  typical  thicknesses  5-lOnm,  can  be  sputtered  onto  the  surface.  This  layer 
will  transport  the  excess  electrons,  reducing  the  negative  charging  effects.  A  negative  effect  of 
the  sputtered  layers  is  that  it  may  diminish  the  resolving  power  of  the  microscope,  since 
topographical  information  is  no  longer  gained  from  the  surface  of  the  material,  but  from  the 
sputtered  layer.  Another  way  to  minimize  charging  effects  is  to  balance  the  incoming  and 
emitted  electron  current  [9-10]. 

EXPERIMENTS 

The  microscopes  used  to  produce  the  micrographs  in  this  section  are  a  Philips  XL30-FEG  SEM 
and  a  Philips  XL30S-FEG  SEM.  Both  microscopes  produce  primary  electrons  using  a  field 
emission  gun.  The  latter  is  equipped  with  an  especially  designed  lens,  where  the  specimen  is 
placed  at  the  location  where  the  magnetic  field  is  the  largest. 

Ti02  thin  films 

This  class  of  thin  films  examined  using  HRSEM  consists  of  similar  substrate /layer  systems.  The 
substrate  is  fused  silica.  The  layer  is  made  from  a  tetraethylorthotitanate  precursor,  Ti(OC2Hs)4 
or  TEOTi.  This  precursor  will  result  in  a  layer  of  TiOz  after  spinning  [11].  The  expected  thickness 
of  the  films  is  of  the  order  of  -200-500  nm.  After  spinning,  the  specimens  are  dried  to  remove 
excess  liquids,  left  after  spinning,  from  the  layers.  A  set  of  specimens  is  cured  using  a 
Nabertherm  tube-furnace.  The  specimens  are  directly  cured  in  air  at  temperatures  ranging  from 
300°C  to  1200°C.  An  alternative  way  to  density  as-spun  thin  films,  is  to  cure  them  in  a  laser 
treatment.  This  process  consists  of  radiating  the  thin  films  with  a  80W  CW-C02  laser  (RS80), 
using  a  wavelength  of  10.6  jwm.  Since  the  area  of  interest  of  this  class  of  samples  is  the  thin  top 
layer,  the  operating  settings  of  the  microscope  are  chosen  in  such  a  way,  that  the  secondary 
electron  image  is  mainly  generated  by  the  layer.  In  figure  1  a  micrograph  is  depicted  of  a  TEOTi 
sample  which  is  heat  treated  in  the  furnace  at  300°C  for  30  minutes.  The  figure  depicts  the 
morphology  of  the  thin  layer.  There  are  no  grains  or  particles  distinguishable,  although  overall 
some  sort  of  texture  may  be  observed,  indicating  nanopores  or  very  small  grains.  The  transition 
from  amorphous  films  to  the  crystalline  anatase  phase  depends  on  the  synthesis  conditions  of 
the  sol  and  depending  on  those  conditions  crystallization  starts  at  temperatures  in  the  order  of 
~300°C  [12,13].  Cracking  of  the  layer,  as  depicted  in  figure  lb,  is  observed  on  a  global  scale.  The 
cracks  are  sub-micron  sized,  and  are  assumed  to  be  formed  in  the  drying  process  already  .A 
micrograph  of  a  sample  furnace  treated  at  700°C  is  depicted  in  figure  2.  This  sample  is  similar  to 
the  one  depicted  in  figure  1  for  the  300°C  sample,  the  only  difference  is  the  heat  treatment  it  has 
experienced.  The  initial  film  properties,  film  thickness,  sub-micron  cracks,  grain  and  pore  size 
distributions  are  however  similar.  The  sample  is  heat  treated  at  700°C  for  30  minutes.  From  the 
micrograph  it  is  apparent  that  an  evolution  in  grain  size  has  taken  place.  In  figure  1  no  separate 
grains  are  distinguishable  whereas  in  figure  2  grains  are  clearly  visible.  A  second  remarkable 
feature  is  that  the  observed  sub-micron  cracks  in  the  300°C  heat  treated  sample  are  less 
frequently  observed  in  the  700°C  heat  treated  sample.  Increasing  the  curing  temperature  for  the 
samples  to  900°C,  results  in  a  further  evolution  in  grain  growth  for  the  Ti02  layers  up  to  a 
radius  of  50  nm  .  At  1200°C  further  grain  growth  is  observed  up  to  a  radius  of  the  grains  of  the 
order  of  -90  nm.  Sub-micron  cracks  in  the  layer,  occurring  for  samples  which  have  experienced 
a  heat  treatment  at  lower  temperatures,  disappeared.  The  activation  energy  for 
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Figure  1:  (left):  Micrograph  of  a  300°C  furnace  cured  TiO,  layer,  Figure  2:  ( right) :  Micrograph  of 
a  700°C  furnace  cured  Ti02  layer.  The  average  grain  radius  determined  is  r=18.2  nm. 

grain  growth  in  the  thin  Ti02  layers  is  determined  to  be  AGfl=11.4  kj/mol.  Subsequently,  the 
laser  cured  thin  Ti02  are  studied  using  scanning  electron  microscopy.  The  morphology  of  the 
laser  cured  layers  show  a  remarkable  resemblance  with  the  furnace  cured  layers.  The  laser  cure 
parameters  for  the  layers  considered  are  listed  in  table  1 


TABLE  1:  laser  cure  parameters 


sample 

power  density  (Js^m'2) 

interaction  time  (s) 

a 

7.5 109 

no-3 

b 

10 109 

no3 

Laser  densified  Al203  thin  films 

These  samples  receive  a  pre-treatment  before  laser  curing  takes  place.  The  aim  of  this 
pre-treatment  is  to  remove  excess  fluids  from  the  layers.  The  procedure  consists  of  curing  the 
samples  in  a  furnace  at  moderated  temperatures  for  a  short  period  of  time.  Subsequently,  the 
samples  are  laser  cured.  The  curing  is  performed  using  several  laser  parameters,  as  listed  in 
table  2.  A  sample  with  code  2b  is,  as  defined  in  the  table,  a  sample  which  is  dried  at  400°C  and 
during  the  laser  curing  the  power  density  P  is  set  to  1.3T0l0Js 'm  Svith  an  interaction  time  T  of 
1.910'5s.  In  figure  3  several  micrographs  are  depicted  of  layers  which  have  had  dissimilar 
pre-treatments  and  curing  conditions.  Micrograph  3a  is  a  cross-sectional  picture  of  a  2a  layer. 
Separate  grains  may  be  observed  with  an  average  grain  size  of  the  order  of  -25-40  nm.  The  layer 
appears  to  be  relatively  dense,  although  voids  and  cracks  may  be  observed.  At  the  right-hand 
side  debonding  of  the  layer  and  substrate  has  taken  place.  Micrograph  3b  also  depicts  a  2a  layer. 
The  debonding  effect  as  seen  in  micrograph  3a  is  worsened  and  is  severe.  The  layer  is  detached 
from  the  substrate  and  has  formed  a  dome.  A  planar  view  of  this  sample,  micrograph  3c, 
illustrates  the  formation  of  blisters  in  the  layer.  The  blister  formation  may  find  its  origin  in  two 
processes.  The  first  effect  may  be  due  to  the  dissimilar  thermal  linear  expansion  coefficients  of 
the  layer  and  the  substrate  [14,15].  Since  the  expansion  coefficient  of  the  layer  is  higher  than  the 
expansion  coefficient  of  the  substrate,  the  layer  will  expand  more  upon  heating  of  the 
layer/substrate  system.  This  will  cause  compressive  stresses  in  the  layer  to  build  up.  Whenever 
the  difference  in  expansion  between  layer  and  substrate,  and  thus  the  compressive  stress  in  the 
layer,  is  large  enough,  the  layer  may  fail  in  a  buckling  process  and  debonding  between  the  layer 
and  substrate  will  take  place. 
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TABLE  2:  laser  curing  parameters _ 

_ _ pre-treatment  parameters 

_ code  temperature  (°C)  time  (min.) 

1  200  5 

2  400  5 

3  600  5 _ 

_  laser  parameters  ” 

_ oode_ _ power  density  (JsV)  interaction  time  (s) 

a  1.3 1010  2.7 10’5 

b  13  IQ10  1.9  IQ'5 

A  second  origin  for  the  blister  formation  may  be  excess  liquids  trapped  in  enclosed  pores  [6] . 
During  gelation  of  the  layers,  particles  tend  to  aggregate  and  some  fluid  may  be  entrapped  in 
pores.  Upon  heating  of  the  layers  this  liquid  becomes  gaseous  and  expands  drastically,  building 
up  pressure  in  the  layer.  Since  the  permeability  of  the  layers  is  low,  due  to  the  small  pores,  the 
pressure  can  not  leave  and  will  cause  the  layer  to  blister.  After  the  laser  curing  process,  the  layer 
is  consolidated  in  its  blistered  form.  To  investigate  whether  the  blisters  may  be  caused  by 
entrapped  fluids  in  the  layers  before  laser  curing,  samples  are  dried  at  higher  temperatures. 
Micrograph  3d  depicts  a  3b  sample,  pre-treated  at  600°C.  This  sample  still  exhibits  blister 
forming,  though  the  effect  is  less  severe  than  for  samples  pre-heat  treated  at  400°C.  Micrograph 
3e  displays  a  region  of  the  layer  which  is  perfectly  bonded  and  where  densification  is 
homogeneous.  The  effect  that  blister  formation  is  less  for  layers  which  have  had  more  intense 
pre-drying  processes,  suggests  that  the  blister  formation  is  due  to  entrapped  fluid  that  expands 
upon  heating.  The  pre-heating  on  the  other  hand  causes  the  layer  to  density  before  the  laser 
curing.  As  a  result  of  this  pre-densification  a  tensile  stress  state  may  occur  which  will  lower  the 
compressive  stress  state  in  the  layer  due  to  the  thermal  expansion  mismatch,  lowering  the 
possibility  for  the  film  to  buckle.  ° 

DISCUSSION  AND  CONCLUSIONS 

During  the  curing  process  of  sol-gel  derived  thin  Ti02  layers,  the  ceramic  material  exhibits  large 
changes  in  morphology.  For  the  furnace  cured  samples,  the  changes  involve  mainly  a 
pronounced  evolution  in  grain  sizes.  It  is  seen  that  the  curing  temperature  is  influencing  the 
final  grain  sizes  in  the  layer.  From  the  dependence  of  the  grain  size  upon  the  curing 
temperature,  an  activation  energy  for  grain  growth  is  derived.  Furthermore,  the  sub-micron 
sized  cracks  disappeared  upon  increasing  the  curing  temperature.  The  cracks,  as  observed  for 
the  300°C  samples,  are  expected  to  be  induced  during  the  drying  process  of  the  layers.  In  this 
process,  large  tensile  stresses  evolve  as  a  result  of  capillary  pressures  in  the  pores  of  the  solid 
network.  Laser  curing  the  A1203  layers  not  necessarily  results  in  homogeneous,  dense  layers,  as 
may  be  observed  from  figure  3.  The  various  laser  treatments  result  in  very  different  structures 
of  the  layers.  Cracking,  debonding  and  blister  formation  may  be  the  result  of  the  laser 
treatment.  The  thickness  of  thin  sol-gel  derived  layers  is  limited.  Exceeding  the  critical  film 
thickness  will  result  in  delamination  of  the  layer.  In  literature,  empirical  film  thicknesses  for 
spun  or  dipped  layers  are  of  the  order  of  -500-1000  nm  [16,17].  Layers  with  larger  thicknesses 
turn  opaque,  due  to  severe  cracking  in  the  layers,  or  delaminate.  High  thickness  layers  may  be 
obtained  by  repetitive  deposition  of  films  of  low  thickness.  Post  heat  treatment  of  the  layers 
after  each  deposition  increases  the  final  thickness  of  crack  free  layers.  The  effective  Young’s 


192 


Figure  3 

Micrographs  of  laser  cured  A1203  layers.a)micrograph  of  a  2a  specimen.b)micrograph  of  a  2a 
specimen,  exhibiting  catastrophical  debonding  between  layer  and  substrate.  The  debonding 
may  find  its  origin  in  two  processes,  namely  buckling  due  to  compressive  themal  stresses  upon 
curing,  or  degassing  of  entrapped  liquids  in  the  layer.c)topview  micrograph  of  a  2a  specimen, 
illustrating  the  blisters  in  the  layer.  d)micrograph  of  a  3b  specimen,  indicating  that  intensifying 
the  pre-heat  treatment  reduces  blister  formation.e)  micrograph  a  3b  specimen,  illustrating  a 
homogeneous,  well  bonded  and  densified  layer. 

modulus  is  of  great  importance  for  the  final  behavior  of  the  thin  films.  Using  an  approach  [1]  in 
which  not  the  porosity  of  the  material  [18,19]  but  the  effective  surface  for  bonding  governs  the 
elastic  behavior  of  the  material,  an  estimate  is  derived  for  the  effective  strain  energy  release  and 
the  effective  elastic  modulus  for  nanosized  materials  of  high  porosity.  Using  the  effective 
elasticity  modulus,  for  the  A1203  layers,  three  regimes  in  layer  thicknesses  can  be  predicted,  for 
layers  with  thicknesses  below  ~0.2  \xm  only  surface  cracking  is  expected  in  the  layers.  Increasing 
the  thickness  will  result  in  channelling  cracks  in  the  layers,  and  the  critical  thickness  for  these 
layers  is  of  the  order  of  -0.4  pm.  Exceeding  this  critical  thickness  will  result  in  delamination  of 
the  layers.  Sol-gel  layers  containing  entrapped  liquids  in  closed  pores  are  expected  to  build  up 
high  hydrostatic  pressures  as  a  result  of  the  laser  curing  process,  of  the  order  of  -500  MPa. 
These  large  hydrostatic  pressures  has  to  be  sustained  by  the  solid  network.  Any  pressure 
building  up  in  the  layers  is  hard  to  relax  by  degassing,  due  to  the  low  permeability  of  the  layers, 
therefore,  formation  of  blisters  is  a  mechanism  for  the  pores  under  pressure  to  relax.  An 
alternative  mechanism  by  which  the  blisters  in  the  layers  may  be  formed  is  the  evolution  of 
compressive  stresses  in  the  layers.  Due  to  a  misfit  in  thermal  linear  expansion  coefficients  of 
both  substrate  and  layer,  the  substrate  and  layer  will  expand  dissimilar  upon  temperature 
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changes.  As  a  result  of  the  misfit  in  expansion,  thermally  induced  stresses  are  expected  to  arise 
in  the  layer  and  substrate.  Whenever  these  stresses  exceed  a  critical  stress  level,  the  layer  will 
fail  in  a  buckling  process.  This  critical  stress  is  determined  for  the  layers  of  interest.  The  critical 
stress  level  is  determined  by,  amongst  others,  the  thickness  of  the  layer  and  the  size  of  flaws 
present  initially.  For  the  system  with  a  layer  thickness  of  the  order  of  -500  nm  the  size  of  the 
flaws  is  estimated  from  figure  3c.  A  critical  buckling  stress  of  -1  GPa  is  determined  for  this 
system.  An  evaluation  of  the  expected  thermally  induced  stress  as  a  result  of  the  laser  curing 
process  indicates  that  these  stresses  do  not  exceed  -100  MPa.  This  low  stress  value  is  attributed 
to  the  low  effective  Young's  modulus  of  the  layer.  For  layers  to  buckle  at  this  stress  level,  initial 
flaws  of  the  order  of  -5  pm  are  required.  However,  blisters  of  this  size  were  not  observed.  From 
calculations  and  the  observed  layer  morphologies  as  depicted  in  figure  3,  it  was  concluded  that 
the  blisters  are  not  likely  to  be  introduced  by  compressive  stresses  in  the  layer.  The  stresses 
evolving  in  the  layer  are  too  small  for  the  layer  to  fail  in  a  buckling  process,  regarding  the  size 
of  the  initial  flaws  at  the  interface  between  layer  and  substrate.  The  reduction  in  blister 
formation  as  a  result  of  the  pre-curing  process,  prior  to  the  laser  curing,  indicates  that  the 
blisters  are  caused  rather  by  the  evaporation  of  entrapped  liquids  in  the  layers.Choosing  the 
right  pre-processing  treatment  before  laser  curing  the  samples,  results  in  a  homogeneous,  dense 
layer,  as  observed  in  figure  3e. 
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ABSTRACT 

In  the  present  work,  we  analyze  the  behaviour  of  graphite-reinforced  composite  mate¬ 
rials  under  periodic  loading.  We  reconstruct  the  phase  space  of  these  physical  systems 
by  means  of  the  tools  of  nonlinear  system  theory.  Experimental  measurements  are 
used  to  calculate  chaotic  parameters  as  fractal  and  embedding  dimensions.  We  use 
these  quantities  to  characterize  differences  in  the  physical  samples  and  modifications 
in  their  internal  structure.  This  analysis  can  provide  useful  indications  about  the 
fracture  process. 


INTRODUCTION 

The  problem  of  the  analysis  of  data  from  physical  systems  with  non-linear  behaviour 
has  been  well  addressed  only  in  the  last  few  years  [lj.  By  sampling  the  time  evolution 
of  a  single  scalar  variable  it  is  possible  to  obtain  information  on  the  dynamics  of  the 
physical  system  producing  the  observable.  In  this  kind  of  analysis  reconstruction  of 
the  phase  space  is  the  key  problem.  The  goal  is  to  reconstruct  the  time  evolution 
of  the  system’s  trajectories  in  a  d-dimensional  space  in  which  the  coordinates  are 
determined  by  measurement  of  the  time  variation  of  a  single  scalar  quantity  [2].  In 
such  a  phase  space  it  is  possible  to  characterize  the  physical  system  in  terms  of 
embedding  and  fractal  dimensions  [1].  These  features  are  not  revealed  by  classical 
analysis  methods  devoted  to  real  space  and  to  the  more  traditional  Fourier  expansion. 
This  method  of  analysis  can  be  helpful  in  the  problem  of  the  non-linear  response  of 
materials  to  an  external  solicitation.  In  particular,  the  fracture  of  graphite-reinforced 
fibre  when  subjected  to  axial  periodic  force  has  been  investigated  in  recent  years  [3] 
[4],  In  these  systems  there  is  a  transition  to  a  plastic  non-linear  regime  for  critical 
values  of  the  external  charge.  Samples  under  periodic  loading  undergo  a  fracture 
after  an  unpredictable  time.  This  effect  does  not  show  any  evident  macroscopic 
signal  and  constitutes  a  problem  in  the  practical  use  of  this  kind  of  composites. 

In  the  present  work,  we  analyze  the  behaviour  of  such  materials  by  means  of 
the  tools  of  non-linear  systems  theory  [1].  We  studied  modifications  in  their  physical 
structure  by  analysing  the  properties  of  system  trajectories  in  the  reconstructed  phase 
space.  We  try  to  indicate  a  difference  in  specimen  behaviour  before  the  fracture  by 
determining  some  physical  quantities  which  allow  the  distinguishing  of  the  critical 
factors  leading  to  the  system  breakdown. 
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THE  EXPERIMENT 


A  graphite-fibre  reinforced  bar  is  axially  stressed  by  external  sinusoidal  loading. 
Specimens  are  polyethererketone  laminate  materials,  built  by  reinforcing  a  single  layer  of 
polymeric  laminates  by  means  of  a  parallel  set  of  carbon  fibres  and  putting  one  layer  on  top 
of  another.  The  angle  formed  by  the  carbon  fibres  with  respect  to  the  axial  direction  of  the 
externally  applied  load  may  vary  layer  by  layer  in  a  periodic  sequence.  Values  are  indicated 
as  [0j  /02]ns,  where  ns  accounts  for  the  period  (fig.  1).  The  analysis  was  performed  on 
different  samples  in  order  to  analyse  and  numerically  characterize  different  possible 
behaviours  during  load  and  before  the  fracture. 

Tests  were  carried  out  in  a  servohydraulic  ±  250  kN  MTS  machine  under  load 
control.  Fatigue  loading  was  a  sinusoidal  tension-tension  with  R  =  Omir/<Jmax  =  0.1.  A 
low  pass  filter  with  a  cutoff  frequency  of  10  Hz  was  applied  in  this  series  oftests.  A  low 
pass  filter  with  a  cutoff  frequency  of  10  Hz  was  applied  in  this  series  of  tests.  During  the 
test,  the  load  cell  and  the  longitudinal  strain  signals,  on  a  basis  of  a  50  mm  length,  were 
continuously  monitored  by  means  of  an  extensometer  and  a  13-bit  digital  voltmeter,  and 
processed  to  give  the  hysteresis  cycle  area.  In  general  we  can  distinguish  two  kinds  of 
states  for  such  composite  materials  [5].  Specimens  with  a  fibre  angle  of  less  than  30 
degrees  have  a  linear  strength-deformation  diagram.  The  others  undergo  a  transition  to  a 
plastic  regime  where  stiffness  is  determined  by  the  polymeric  matrix,  and  have  non-linear 
behaviour  (Fig.  2). 

Specimens  considered  for  the  numerical  analysis  consisted  of  four  angle-ply  laminates 
with  16  layers.  The  first  one  had  fibres  oriented  along  the  directions  of  35°  and  -35°  with 
respect  to  the  load  application  axis.  The  other  two  had  angles  of  45°  and  -45“  and  the  last 
one  had  fibres  at  45°,  but  with  a  different  fibre  structure.  In  each  single  layer  of  polymer 
the  fibres  are  interlaced  at  +45°  and  -45°.  The  corresponding  notations  are  [35/-35]2s  [45/- 
45]2s  and  [45/-45]ls,  hereafter  indicated  as  35, 45A-45B  and  45C.  The  dimensions  of  all 
samples  were  200x20x2.2  mm^.  We  measured  the  time  variation  of  specimen  total  length 
as  the  only  variable  needed  to  reconstruct  the  system’s  dynamics  in  the  phase  space  [2]. 
Sampling  rate  was  51  points/sec  for  35  and  90  points/sec  for  45A-45B  and  load  frequency 
was  3  Hz.  In  the  case  of  45C  we  performed  a  slightly  different  kind  of  experiment.  We 
varied  external  maximum  load  and  frequency  during  fatigue.  This  allowed  us  to  investigate 
the  behaviour  of  the  same  sample  under  different  external  conditions  and  to  analyse  how 
the  modifications  of  its  internal  structure  are  reflected  in  the  reconstructed  phase  space.  The 
load  frequencies  were  integers  varying  from  2  to  9  Hz.  Sampling  rate  was  100  points/sec 
at  low  frequency  and  200  points/sec  for  frequencies  equal  to  or  larger  than  6  Hz.  The 
maximum  load  was  increased  in  time  from  the  initial  0.2  GPa  just  at  the  fracture  load  of 
material. 

Figs.  3  and  4  show  the  time  evolutions  of  the  lengths. 

PHASE  SPACE  RECONSTRUCTION 

The  measured  values  of  sample  lengths  constitute  a  scalar  temporal  series  s(n)  that  allows 
the  reconstruction  of  the  trajectories  in  order  to  represent  the  system  dynamics  [2].  We 
used  the  lagged  variables  s(n+T)  =  s (t0  +  (n+T)/5)  to  create  a  vector  in  d  dimensions, 

y(n)  =  [s(n),  s(n  +  T),  s(n  +  2 T), . . s(n  +  (d-  1)7)]  (1) 
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which  provides  the  phase  space  coordinates.  s(n)  is  the  sample  length  at  time  n,  T 
is  the  time  lag  and  it  is  an  integer  number  and  d  is  the  embedding  dimension.  This 
method  is  a  standard  procedure  in  the  analysis  of  experimental  data  generated  by 
non-linear  systems  [1]. 

To  determine  T  we  calculated  the  first  minimum  of  the  average  mutual  information 
[6]  between  measurements  at  time  t  and  t+T  defined  by: 


J(T)  =  £  s(n  +  T))  x  l°9* 

n=l 


P{s{n),  s(n  +  T)) 
P(s(n))  x  P(s(n  +  T)) 


(2) 


In  this  relation  P(s)  is  the  probability  of  measurement  s,  while  P(s,s’)  is  the  joint 
probability  of  measurements  s  and  s’.  We  found  T=5,  T=13,  T=10  for  35,  45A,  45B. 
To  determine  the  embedding  dimension  we  used  the  method  of  false  nearest  neigh¬ 
bours  [7].  We  must  construct  d-dimensional  vectors  y(n)  =  [s(n),s(n+T),. .  .,s(n-f  (d- 
1)T)]  and  calculate  the  number  of  points  nearest  neighbors  (NN)  of  a  fixed  point 
y(n)  for  increasing  values  of  d.  When  there  are  no  false  NN  remaining,  we  have 
reached  the  required  dimension.  This  analysis  in  the  case  45C  allowed  us  to  identify 
some  special  characteristics.  We  found  no  dependence  of  d  on  the  external  load  and 
frequency.  However,  in  some  cases  the  changes  in  the  load  were  followed  by  a  more 
marked  increase  in  the  sample  length.  In  these  situations  we  found  smaller  values 
of  the  embedding  dimension.  These  values  were  always  under  d  =  5  in  this  series  of 
measurements  .  In  the  other  cases,  in  which  the  sample  length  was  almost  stationary, 
the  values  of  d  were  larger  than  6  (fig  5).  We  calculated  the  embedding  dimension  in 
different  ranges  of  a  single  temporal  series  in  which  load  and  frequency  were  main¬ 
tained  constant.  We  found  differences  between  the  ranges  in  which  the  length  was 
stationary  and  the  ones  in  which  the  length  increased  in  time.  The  first  ones  were 
responsible  for  the  higher  values  of  d.  Lesser  rates  of  increase  in  the  total  length 
corresponded  to  larger  values  of  d.  Sample  length  increased  in  time  also  in  the  cases 
of  35A,  45A  and  45B  and  we  found  a  low  value  for  the  embedding  dimension  (fig. 


Figure  1:  Scheme  of  the  poly¬ 
meric  matrix:  the  fibres  are  in¬ 
clined  with  respect  to  the  direc¬ 
tion  of  load. 


Figure  2:  Strength-deformation 
diagram  for  different  fibre  incli¬ 
nations.  The  samples  with  fibre's 
angulation  of  35  and  45  degrees 
have  non-linear  behaviour. 
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CALCULATION  OF  FRACTAL  DIMENSION 


We  used  the  value  of  fractal  dimension  to  classify  both  the  general  physical  character¬ 
istics  of  the  different  samples  and  their  behaviour  in  proximity  to  their  fracture.  By 
using  the  Grassberger-Procaccia  method  [8]  we  calculated  the  correlation  dimension 
D2  defined  by: 


D2 


*■-►0  log(r) 


(3) 


where  C2  is  the  correlation  integral: 


=  jvfAf2- 1)  L  e(r  -  lly(»)  -  y(i)ll)  (4) 

where  N  is  the  total  points  number  and  0  is  the  step  function. 

Fig.  7  shows  the  results  of  the  scaling  of  the  correlation  integral.  We  eliminated 
the  initial  transient  of  time  from  calculations  before  transition  to  the  plastic  regime. 
The  dimensions  of  samples  45A-45B  are  D2  =  1.85  and  that  of  sample  35  is  Do  = 
1.51. 

In  the  case  of  45C  we  calculated  D2  only  for  the  pieces  of  temporal  series  having 
low  embedding  dimensions.  In  the  case  with  external  frequency  of  3  Hz  we  found  D2 
=  1.78,  a  value  comparable  to  the  ones  of  45 A  and  45B.  In  the  case  with  external 
frequency  of  4  Hz  and  the  same  loading  D2  =  1.15  (fig  8). 

Thus  the  results  obtained  with  the  procedure  of  Phase  Space  reconstruction  and 
fractal  dimension  calculation  show  analogies  between  samples  having  the  same  phys¬ 
ical  structure  under  similar  external  solicitations.  Conversely,  there  are  differencies 
when  the  physical  samples  or  the  external  conditions  are  different. 

In  reality  our  results  are  related  to  the  response  of  devices  to  the  external  force, 
which  is  essentially  determined  by  the  fibre’s  inclination  which  govern  the  stiffness 
and  resistence  of  such  composites.  So  we  use  the  parameters  from  numerical  calcu¬ 
lation  to  characterize  the  different  samples. 

By  considering  that  there  is  a  modification  of  the  devices  internal  structure  before 
breakdown  and  a  corresponding  variation  in  their  dynamical  response  caused  by  the 
progressive  increase  of  the  internal  damage  that  drives  the  materials  to  fracture, 
we  applied  the  same  method  of  analysis  to  the  final  part  of  the  temporal  series  of 
35,  45A  and  45B.  We  considered  roughly  the  final  twenty  percent  of  each  temporal 
series  and  we  divided  each  of  such  ’’reduced  series”  into  three  parts.  For  35  and  45B 
each  part  has  15000  points,  for  45A  5000  points.  We  repeated  the  calculation  of  the 
fractal  dimension  for  the  three  parts  of  each  ’’reduced  series”.  For  sample  45C  we 
calculated  the  fractal  dimension  in  the  case  in  which  loading  is  at  the  fracture  value. 
We  calculated  D2  for  the  total  temporal  series  and  for  its  5000  final  points  in  this 
case  as  well. 

Figs  9, 10,  11  show  that  the  value  of  D2  in  each  piece  is  almost  the  same  as  the  one 
calculated  for  the  total  temporal  series  of  the  corresponding  sample.  But  in  all  cases 
we  found  an  increase  in  the  value  of  fractal  dimension  at  the  end  of  the  temporal 
series.  We  found  the  same  behaviour  in  the  case  of  45C  as  well  (fig  12). 
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CONCLUSIONS 

We  reconstructed  the  phase  space  and  calculated  the  fractal  and  embedding  dimen¬ 
sions  in  order  to  characterize  different  behaviours  of  the  composite  materials  anal¬ 
ysed.  We  found  that  these  tools  allow  us  to  classify  the  physical  systems  numerically. 
In  particular,  our  approach  reveals  a  modification  of  D2  in  the  final  steps  of  the  frac¬ 
ture  process.  In  principle  this  fact  can  be  used  to  enhance  the  imminent  breakdown. 
In  short,  the  method  provides  useful  indications  in  studying  the  physical  properties  of 
such  graphite-fibre  peek  laminates  in  the  dynamic  state  before  macroscopic  fracture. 
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Figure  3:  Sample  lengths  (arbi¬ 
trary  units)  vs.  time  (number 
of  experimental  points)  for  the 
samples  35.  45 A.  45B. 
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Figure  4:  Sample  length  (arbi¬ 
trary  units)  vs.  time  (number 
of  experimental  points)  for  the 
sample  45 C.  The  various  num¬ 
bers  correspond  to  different  load 
and  frequency. 


Figure  5:  Percentage  of  false 
nearest  neighbours  vs.  embed¬ 
ding  dimension  for  various  pieces 
of  the  sample  45 C.  The  numbers 
in  the  figure  correspond  to  the 
different  parts  in  the  fig.  4. 
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Figure  6:  Percentage  of  false 
nearest  neighbours  vs.  embed¬ 
ding  dimension  for  samples  35. 
45 A  and  45B.  When  the  percent¬ 
age  is  under  3  %  we  have  reached 
the  right  embedding  dimension. 
We  found  respectively  4,3,4  for 
the  embedding  dimension. 
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Figure  7:  Scaling  of  the  corre¬ 
lation  integral  vs.  r.  The  frac¬ 
tal  dimension  is  the  slope  of  the 
function.  We  found  respectively 
D->  =  1.51.  1.35.  1.35  for  35.  45A, 
45B. 
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Figure  3:  Fractal  dimension  for 
some  pieces  of  the  sample  45C. 
Each  piece  corresponds  to  dif¬ 
ferent  frequency  and  load  condi¬ 
tions.  The  numbers  correspond 
to  the  pieces  in  fig  4.  We  found 
respectively  Do  =  1.78.  1.15. 1.95 
for  pieces  6.  7,  32. 
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Figure  9:  Calculation  of  the  frac¬ 
tal  dimension  for  the  three  final 
parts  of  the  35  sample  temporal 
series.  We  found  a  larger  value 
of  Do  in  the  final  part  (a). 
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Figure  10: 

Calculation  of  the 

fractal  dimension  for  the  three  fi¬ 
nal  parts  of  the  45A  temporal  se¬ 
ries.  We  found  a  larger  value  of 
Do  in  the  final  part  (a). 
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Figure  11:  Calculation  of  the 
fractal  dimension  for  the  three  fi¬ 
nal  parts  of  the  45B  temporal  se¬ 
ries.  We  found  a  larger  value  of 
D‘2  in  the  final  part  (a). 


Figure  12:  Calculation  of  the 
fractal  dimension  for  the  final 
5000  points  (b)  of  the  45C  tem¬ 
poral  series  compared  to  the  to¬ 
tal  series  (a).  We  found  a  larger 
value  of  D->  in  the  final  part  (b). . 
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ABSTRACT 

The  long  distance  roughness  of  fatigue  fracture  surfaces  of  a  nickel-based  superalloy  is 
reported  for  two  samples  of  different  grain  size.  Statistical  analysis  over  a  wide  range  of  length 
scales,  from  a  few  nanometers  to  a  few  millimeters,  using  scanning  electron  microscopy  and 
atomic  force  microscopy  allows  to  obtain  accurately  the  self-affine  correlation  length.  Long 
distance  fracture  profiles  of  14,000  points  were  obtained  and  digitized  from  overlapping 
electron  micrographs  at  a  resolution  of  0.22  micrometers/point.  We  have  also  analyzed  the  long 
distance  roughness  of  the  mirror  zone  on  a  soda-lime  glass  using  atomic  force  microscopy.  In 
the  case  of  the  nickel  superalloy,  correlation  lengths  are  found  to  correspond  well  to  the  grain 
size.  This  result  gives  information  about  the  mechanism  of  crack  propagation  in  heterogeneous 
materials  and  shows  that  the  correlation  length  of  fracture  surfaces  is  of  the  order  of  the  largest 
microstructural  heterogeneity. 

INTRODUCTION 

In  1984,  Mandelbrot1  et  al  established  the  fractal  character  of  metal  fracture  surfaces. 
Their  results  suggested  a  correlation  of  the  fractal  dimension  with  the  fracture  toughness  of 
steels.  These  results  encouraged  many  workers2  around  the  world  to  apply  fractal  analysis  to 
the  study  of  fracture  surfaces  and  crack  propagation.  These  first  results  were  questioned  under 
the  light  of  results  obtained  on  many  different  materials  analyzed  using  various  experimental 
techniques,  and  treated  with  refined  statistical  and  spectral  methods  applied  to  sets  of  data 
spanning  over  several  decades  of  length  scales.  It  is  now  well  established  that  fracture  surfaces 
are  anisotropic  natural  fractals,  they  are  self-affine  objects  characterized  by  the  roughness 
exponent  There  is  abundant  accumulated  evidence  to  support  the  idea,  first  advanced  by 
Bouchaud3  et  al,  that  there  exists  a  self-affine  regime  common  to  many  materials,  with  the 
universal  value  C  »  0,8.  This  regime  is  valid  for  sufficiently  high  enough  crack  propagation 
speeds  and/or  long  enough  length  scales.  For  very  low  propagation  speeds  and/or  small  enough 
(sub-micrometric)  length  scales,  another  self-affine  regime  is  observed,  with  a  roughness 
exponent  C  *  0.5.  For  adequate  kinetic  conditions4,  the  two  regimes  can  be  observed  in  the 
same  fracture  surface,  separated  at  a  cut-off  length  £c  that  seems  to  be  strongly  correlated  with 
the  microstructure.  This  lead  us  to  a  question  that  remains  open:  What  is  the  role  of  the 
microstructural  parameters  in  the  process  of  crack  propagation? 

A  self-affine  surface  is  fractal  up  to  distances  of  the  order  of  a  characteristic  length 
called  the  correlation  length  £,  beyond  this  length  scale  the  surface  can  be  considered  to  be  flat. 
It  is  almost  intuitive  to  think  that  the  correlation  length  must  be  of  the  order  of  the  size  of  the 
largest  heterogeneities  in  the  material.  Recent  experiments4,5  using  atomic  force  microscopy 
and  SEM  observations  had  permitted  to  perform  self-affinity  analysis  of  fracture  surfaces  over 
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five  decades  of  length  scales.  However,  it  is  not  always  easy  to  determine  this  parameter.  In 
this  work  we  present  the  results  obtained  in  the  determination  of  the  correlation  length  of 
fracture  surfaces  of  a  nickel  superalloy  for  two  samples  with  very  different  grain  size.  Our  aim 
was  to  determine  if  £  is  correlated  to  the  grain  size,  assumed  to  be  the  largest  heterogeneity  in 
the  material.  For  this  purpose  we  analyzed  the  long  distance  roughness  on  profiles  of  up  to  3 
millimeters  in  length.  For  the  self-affinity  analysis  we  used  mainly  the  variable  bandwidth 
method2’6,  the  use  of  the  3-millimeter  long  profiles  thus  allowed  windows  sizes  at  least  one 
decade  larger  than  the  grain  size.  For  purposes  of  comparison,  we  have  also  obtained  the 
correlation  length  in  a  sample  of  soda-lime  glass. 

EXPERIMENT 

The  material  used  in  this  work  was  N18  nickel  superalloy,  a  soda-lime  glass  was  also 
analyzed  for  comparison.  The  N18  alloy  is  produced7  by  powder  metallurgy  and  specifically 
designed  for  high-temperature  turbine  disk  applications.  Typical  chemical  composition  of  this 
alloy  is  as  follows  (%  wt):  C:0.015,  Co:15.7,  Ni:  balance,  Cr:11.5,  Mo:6.5,  Al:4.35,  Ti:4.35, 
B:0.015,  Hf:0.45,  Zr:0.03,  O:  less  than  0.010  (100  ppm),  N  :  less  than  0.005(50  ppm).  Alloy 
N18  has  an  austenitic  matrix  structure.  High  temperature  strengthening  is  produced  by  the 
precipitation  of  the  ordered  intermetallic  y'  phase,  Ni3(Al,Ti),  and  by  solid  solution  hardening 
principally  by  molybdenum.  Typical  heat  treatment  comprises  partial  dissolution  slightly  below 
the  gamma  prime  solvus  temperature  (-1195  °C),  followed  by  rapid  cooling  and  subsequent 
aging,  in  order  to  control  the  size  and  distribution  of  the  y'  precipitates. 

The  typical  micro  structure8  of  this  alloy  in  the  fully  heat-treated  condition  ("sub-solvus" 
treatment)  consists  of  austenitic  grains  of  -  10pm,  together  with  three  sizes  of  y\  The  largest, 
3-5  pm  in  diameter,  termed  primary,  forms  during  forging.  The  secondary,  0.15-0.30  pm, 
forms  during  cooling.  The  finest,  -  0.02  pm,  that  forms  during  aging,  and  termed  tertiary’ 
appears  to  control  the  mechanical  properties.  The  three  forms  of  gamma  prime  possess  a 
different  chemistry  and  lattice  parameters.  In  the  solubilized  condition,  the  microstructure 
consists  mainly  in  coarse  austenitic  grains. 

For  this  work  we  took  two  samples  of  this  material,  one  in  the  fully  treated  condition, 
with  austenitic  grain  size  of —10  pm,  the  other  was  in  the  solubilized  condition  with  grain  size 
of -100  pm.  We  had  then  the  same  material  in  different  condition  with  a  difference  of  grain 
size  of  one  order  of  magnitude.  Figure  1  shows  the  microstructures  of  the  samples. 


Figure  1  .Microstructure  of  the  two  samples  analyzed,  la)  Coarse  grain  sample  lb)  Fine  grain 
sample. 
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In  order  to  generate  the  fracture  surfaces,  fatigue  tests  were  performed  over  single-edge- 
notched  plate  specimens.  We  used  a  servo-hydraulic  tension  machine  operating  under  load 
control.  Tests  were  performed  in  air  with  a  stress  ratio  R  ~  0. 1  at  a  frequency  of  30  Hz.  Figure  2 
shows  the  fracture  surfaces  obtained.  The  fractographic  observations  for  the  N18  show  a  mixed 
intergranular  and  transgranular  mode  of  propagation  for  both  grain  sizes. 


Figure  2:  Fracture  surfaces  of  coarse-grained  (left)  and  fine-grained  (right)  specimens 


The  fracture  surfaces  were  analyzed  both  by  SEM  and  atomic  force  microscopy.  For  the 
SEM  observations  fracture  surfaces  were  sectioned  and  polished  in  a  plane  perpendicular  to 
the  direction  of  crack  propagation.  Cuts  were  made  at  locations  with  crack  velocities  in  the 
Paris  regime  of  about  0.1  pm/s  for  both  samples.  The  profiles  obtained  were  observed  by  SEM 
at  200X,  digital  images  were  captured  at  1024  pixels  long  with  a  resolution  of  0.22  pm/pixel. 
Slightly  overlapping  adjacent  fields  were  registered  in  order  to  analyze  a  long  distance 
continuos  profile  with  a  total  length  of  ~  3  mm.  The  single  1024-pixels  profiles  were  extracted 
by  image  analysis,  converted  to  arrays  of  x,y  coordinates,  and  then  carefully  joined  together  to 
obtain  a  single  data  set  of  more  than  14,000  points.  Figure  3  shows  the  profiles  obtained  for 
both  the  coarse-grained  and  the  fine-grained  samples. 


x.  (Jim) 

Figure  3:  Heigth  profiles  obtained  for  the  N18  samples,  each  one  consists  of  more  than  14,000 
points  with  a  resolution  of  0.22  pm/pixel.  The  inset  shows  one  single  SEM  profile,  14  of  these 
images  were  needed  to  obtain  the  long  distance  3-mm  profiles  shown. 


For  AFM  analysis  of  the  N1 8  samples,  ten  height  profiles  of  length  10pm  were  recorded 
perpendicularly  to  the  direction  of  crack  propagation. 

With  purpose  of  comparison,  we  have  also  analyzed  the  fracture  surface  of  a  soda-lime 
glass.  For  the  glass  sample,  we  recorded  10  AFM  height  profiles  of  length  1  pm,  these 
observations  were  made  over  the  mirror  zone  of  the  fracture  surface. 

Self-affinity  analysis  was  performed  using  the  variable  bandwidth  method2’6,  we 
calculated  the  quantities  Zmax(r)  and  the  second  moment  w(r)  of  the  height  distribution.  The 
best  results  in  the  determination  of  the  correlation  length  were  obtained  using  the  second 
moment  method,  thus  we  only  present  the  results  obtained  with  this  method. 

RESULTS 

Figure  4  shows  the  results  of  the  self-affinity  analysis  for  the  N18  samples.  Results  of 
the  AFM  and  SEM  observations  were  completely  compatible,  as  previously  reported  by 
Daguier  et  al,  so  we  were  able  to  construct  a  single  curve  spanning  over  more  than  six 
decades  of  length  scales.  The  curves  obtained  allowed  us  to  observe  the  whole  domain  of  the 
self-affinity  regime,  together  with  its  upper  limit,  or  correlation  length,  We  can  clearly  see 
that  this  fracture  surfaces  are  no  longer  self-affine  for  length  scales  of  the  order  of  10  pm  and 
100  pm  for  the  fine-grained  and  the  coarse-grained  samples,  respectively,  these  correlation 
lengths  correspond  very  well  to  the  grain  size  of  the  samples.  This  results  confirms  the  idea  that 
the  correlation  length  of  a  fracture  surface  is  of  the  order  of  the  size  of  the  largest 
heterogeneities.  This  fact  suggest  that  the  front  line  interacts  with  the  heterogeneities  as  it 
advances  through  the  material,  but  it  “sees”  nothing  above  this  correlation  length,  leaving  thus 
behind  a  fracture  surface  which  is  flat  for  length  scales  above  this  limit. 

As  far  as  the  self-affinity  regime  of  the  N18  alloy  is  concerned,  we  have  found  the  same 
behavior  for  the  two  samples,  with  a  roughness  exponent  £  w  0.8,  result  in  agreement  with  the 
ubiquitous  universal  exponent  reported  for  similar  kinetic  conditions 


Figure  4:  Self-affinity  curves  for  the  N18  samples,  results  of  the  AFM  and  long  distance  SEM 
profiles  are  shown  spanning  over  more  than  six  decades,  the  limits  of  the  self-affine  regimes 
are  estimated  at  values  of  10  pm  and  100  pm,  which  correspond  to  the  grain  size  of  the 
samples.  In  both  cases,  the  roughness  exponent  has  the  universal  value  £&0.8. 
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In  the  case  of  the  glass  sample,  figure  5  shows  that  the  10  pm  AFM  profiles  are  the 
equivalent  of  the  long  distance  SEM  profiles  for  the  N18  alloy.  One  clearly  sees  the  limit  of  the 
self-affine  regime,  with  a  correlation  length  £  «  100  nm.  Above  this  value  the  fracture  surface 
is  flat  and  below  this  value  it  is  self-affine,  thus  implying  that  the  front  line  “sees”  a  completely 
homogeneous  materials  for  length  scales  above  this  correlation  length.  In  the  self-affine 
domain,  the  roughness  exponent  has  the  universal  value  £  »  0.8. 


Figure  5:  Self-affinity  curve  for  the  mirror  zone  of  the  fracture  surface  of  the  silica 
glass.  The  correlation  length  is  clearly  determined  at  100  nm. 


CONCLUSIONS 

The  use  of  long  distance  profiles  allowed  us  to  estimate  with  good  accuracy  the 
correlation  length  for  the  fatigue  fracture  surfaces  of  the  N18  samples.  This  limit  of  the  self- 
affine  domain  was  found  to  correspond  to  the  grain  size  of  the  material.  Our  results  show  that 
the  correlation  length  of  the  fracture  surfaces  of  these  heterogeneous  materials  is  of  the  order  of 
the  size  of  the  largest  micro  structural  heterogeneities.  The  simultaneous  use  of  AFM  and  SEM 
allowed  us  to  perform  the  self-affinity  analysis  over  more  than  six  decades  of  length  scales  with 
results  that  are  quantitatively  compatible.  In  the  case  of  the  glass  fracture  surface  analyzed,  we 
also  were  able  to  determine  the  correlation  length  with  high  precision.  We  obtained  the 
universal  value  of  the  roughness  exponent  C,  ~  0.8  for  both  materials.  These  results  should  help 
to  improve  the  available  crack  propagation  theoretical  models. 
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ABSTRACT 

We  use  molecular  dynamics  simulation  to  investigate  the  evolution  of  a  crack 
front  in  interfacial  fracture  in  three  dimensions.  We  find  that  when  a  crack  passes 
through  a  localized  region  of  heterogeneous  toughness,  crack  front  waves  are  initiated 
and  propagate  laterally.  We  also  investigate  the  development  of  roughness  of  the  crack 
front  when  the  crack  propagates  in  a  region  of  heterogeneous  toughness.  We  find  that  in 
steady  state  the  mean  square  width  W  of  the  front  scales  with  system  size  L  as  W~  L0  35, 
in  agreement  with  recent  theoretical  predictions. 


INTRODUCTION 

When  a  crack  propagates  through  a  solid,  the  rough  fracture  surface  left  behind  may 
display  self-similarity  over  a  wide  range  of  length  scales  [1].  As  a  first  step  toward 
understanding  the  mechanisms  that  drive  formation  of  self-similar  structure,  we  study  a 
simpler  problem:  the  evolution  of  roughness  of  a  crack  front  as  it  propagates  along  a 
planar  interface  in  a  three-dimensional  solid.  In  this  case,  the  fracture  surface  itself  is 
smooth,  but  the  crack  front  will  roughen  if  the  fracture  toughness  of  the  planar  interface 
is  heterogeneous.  This  problem  has  been  studied  via  continuum  methods  in  the  quasi¬ 
static  case  [2]  and  in  the  dynamic  case  [3].  Molecular  dynamics  methods  have  been 
applied  to  a  simplified  model  which  is  not  fully  three  dimensional  in  character  [4],  In  the 
present  work  we  report  on  preliminary  results  for  a  fully  three  dimensional  simulation. 

We  model  a  crack  running  along  a  flat  planar  interface  in  a  three  dimensional 
crystal.  The  crystal  has  the  structure  of  a  simple  cubic  lattice  of  point  masses  with  linear 
elastic  bonds  between  nearest  neighbors  and  along  the  body  diagonals  of  each  unit  cell. 
The  crack  plane  is  modeled  as  a  weak  interface;  bonds  along  the  crack  plane  fail  when 
they  reach  a  threshold  strain.  Heterogeneity  in  the  fracture  toughness  is  introduced  by 
varying  the  elastic  modulus  of  bonds  along  the  crack  plane. 

We  use  a  moving  boundary  condition  developed  by  Marder  et  al  [5]  in  which  a  layer 
of  clean  crystal  is  periodically  added  ahead  of  the  crack  and  a  layer  of  broken  crystal  is 
removed  behind  the  crack  so  that  the  crack  remains  in  the  same  position  in  the  simulation 
cell.  The  simulation  is  run  under  conditions  of  applied  strain,  so  the  stress  intensity  factor 
driving  the  crack  is  roughly  constant  throughout  the  simulation.  Periodic  boundary 
conditions  are  used  in  the  y  direction  (see  Figure  1),  so  there  are  four  free  surfaces. 
Damping  is  applied  in  the  region  near  all  free  surfaces  to  minimize  the  effects  of  reflected 
acoustic  waves.  Since  only  bonds  across  the  crack  plane  can  break,  dislocation  nucleation 
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is  suppressed  so  that  crack  propagation  is  purely  brittle.  Under  these  conditions  we  expect 
the  crack  to  propagate  at  close  to  the  Rayleigh  wave  speed  with  no  inherent  instability. 


Figure  1:  Geometry  of  the  simulation.  A  crack  propagates  along  a  planar  interface 
between  two  identical  linear  elastic  solids.  The  crack  surface  is  smooth,  but  the  crack 
front  roughens  if  the  fracture  toughness  of  the  interface  is  heterogeneous. 


CRACK-FRONT  WAVES 

When  a  crack  moving  at  steady-state  velocity  in  a  homogeneous  region  of  the  crystal 
encounters  a  small  region  of  heterogeneous  toughness,  waves  are  nucleated  on  the  crack-front 
and  propagate  laterally  as  the  crack  moves  forward. 


Figure  2:  Sequence  of  crack-front  profiles.  An  initially  straight  crack  propagates  into  a 
region  of  heterogeneous  toughness,  then  back  into  a  homogeneous  region.  Crack-front 
waves  propagate  laterally  and  persist  without  observed  reduction  in  amplitude. 


210 


The  observed  small  amplitude  waves  shown  in  Fig.  2  are  surprisingly  persistent  and  do 
not  appear  to  damp  away,  even  after  they  travel  many  times  further  than  is  shown  in  the 
figure.  This  observation  is  in  agreement  with  predictions  of  Morrissey  and  Rice  [6]  who 
predicted  that  such  non-dispersive  waves  exist.  They  observed  similar  behavior  in  a 
simulation  of  crack  propagation  using  a  continuum  model  with  spectral  methods. 


Figure  3:  Atomic  displacements  associated  with  a  crack  front  wave.  Vertical  atomic 
displacements  are  exaggerated  by  a  factor  of  12. 

A  close-up  view  of  a  crack  front  wave  with  the  vertical  atomic  displacements 
exaggerated  by  a  factor  of  12  is  shown  in  Fig.  3.  Shown  is  a  single  layer  of  atoms  on  the 
lower  surface  of  the  crack  plane.  Atoms  that  are  bonded  across  the  crack  plane  are  shown 
in  dark  gray,  while  atoms  with  broken  bonds  are  shown  in  light  gray. 

Further  studies  of  crack  front  waves  are  planned  and  will  be  published  elsewhere. 


CRACK-FRONT  ROUGHENING 

We  introduce  heterogeneity  in  the  fracture  toughness  of  the  interface  by  varying  the 
elastic  modulus  of  the  bonds  that  traverse  the  crack  plane.  To  begin  with  we  have  chosen 
to  strengthen  10%  of  the  vertical  bonds,  giving  them  an  elastic  modulus  six  times  higher 
than  that  of  the  rest  of  the  bonds  in  the  system.  The  failure  threshold  for  all  bonds  across 
the  crack  plane  is  a  strain  of  5%.  When  the  crack  propagates  through  such  a  medium, 
portions  of  the  crack-front  are  temporarily  pinned  by  these  strong  bonds  and  the  crack- 
front  develops  a  disordered  profile  described  as  a  function  f(y).  It  has  been  proposed  that 
the  mean  square  deviation  (or  width)  of  the  profile  scales  as  [3] 

W2=  <  (f(y)  -  <f>f>  ~  l5  F(t/Lz) 

where  ^  is  the  so-called  static  scaling  exponent  and  z  is  the  dynamic  exponent. 
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We  have  attempted  to  measure  the  scaling  exponents  by  running  an  initially 
stationary,  unrelaxed  crack  into  a  region  of  heterogeneous  toughness.  The  applied  strain 
of  3%  was  well  in  excess  of  the  critical  strain  (2.1%)  for  crack  propagation.  We 
performed  multiple  runs  for  systems  of  size  60xLx40,  where  L=50  (19  runs),  L=100  (10 
runs),  and  L=200  (16  runs).  A  suitably  scaled  plot  of  the  mean  square  width  vs.  time 
shows  a  fairly  good  data  collapse  with  static  exponent  £  =  0.35  ±0.02  and  dynamic 
exponent  z  =  0.2. 

The  static  exponent  is  in  agreement  with  the  prediction  of  Ramanathan  and  Fisher 
and  seems  like  a  reasonable  result.  The  evaluation  of  the  dynamic  exponent  was  perhaps 
complicated  by  the  fact  that  the  initial  crack  was  not  in  elastic  equilibrium  and  that  its 
equilibration  was  slowed  significantly  by  the  damping  in  the  region  near  the  free  surface. 
We  plan  to  repeat  these  simulations  with  a  different  initial  condition  to  see  if  the  dynamic 
scaling  exponent  is  affected. 
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Figure  4:  Mean  square  width  vs.  time,  suitably  scaled,  for  system  sizes  L=50,  100,  and 
200,  plotted  for  £=0.35  andz=0.2. 

An  experimental  estimate  of  the  static  scaling  exponent  is  £  =  0.55  ±  0.05,  for  a 
planar  crack  propagating  on  weak  interface  in  a  transparent  polymer  material  [7].  One 
possibility  is  that  the  dissipative  elastic-plastic  behavior  of  the  polymer  gives  rise  to 
different  roughening  behavior.  In  future  work  we  plan  to  introduce  dissipate  elastic- 
plastic  bonds  into  our  simulation  to  see  if  that  would  significantly  change  the  roughening 
behavior.  We  also  plan  to  complete  our  study  of  roughening  and  also  investigate  the 
scaling  behavior  of  crack  velocity  at  loads  just  above  the  threshold  value. 
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ABSTRACT 

We  have  numerically  studied  various  models  for  crack  formation  in  the  slow  dynamical 
regime.  Two  different  aspects  are  presented  herein:  (i)  sputtering  with  reconstruction  and  (ii) 
internal  destruction  of  a  porous  medium  through  the  invasion  of  a  secondary  phase. 

INTRODUCTION 

Fracture  phenomena  [1]  in  materials  arise  from  various  different  external  causes:  mechanical 
stresses  (most  commonly  studied),  thermal  stresses  (crystal  growth),  sputtering,  second  phase 
injection  (internal  load),  drying  (sand),  ageing,  corrosion,  etc...  These  various  processes  take 
place  at  different  velocity  scales.  Indeed,  while  mechanical  stresses  lead  to  fast  developping 
crack  patterns  (v  «  1  cm  s*1),  the  drying  of  wet  sand  lead  to  a  slow  cracking  formation  (v  «  104 
cm  s1).  Ageing  can  also  lead  to  slower  fracture  phenomena  with  v  ~  10  8  cm  s-1!  Fast  crack 
formation  is  well  studied  [1]  while  slow  cracking  processes  are  less  often  discussed.  Realistic 
models  are  even  a  little  bit  lacking. 

In  this  paper,  we  present  simple  stochastic  models  which  lead  to  very  slow  fracture  dynamics 
as  well  as  particular  behaviors  like  healing  and  self-avoiding  crack  patterns.  As  we  will  see, 
these  investigations  are  relevant  for  respectively  sputtering  and  freezing  phenomena.  For 
conciseness  we  will  mainly  emphasize  the  sturcture  of  cracks  in  a  fractal/percolation  geometry 
sense. 

SPUTTERING 

Two  stochastic  models  (I  and  EE)  have  been  developped  in  successive  works  [2,3].  Each 
model  is  constrained  to  be  the  most  simple  one  as  possible  for  the  intended  purpose.  Both 
models  are  defined  on  a  two-dimensional  square  lattice  of  size  LxL.  The  lattice  represents  a 
"target"  on  which  the  supttering  process  takes  place.  Each  site  can  contain  either  a  particle 
(atom)  or  a  hole.  At  each  step  of  the  simulation,  an  occupied  site  of  the  target  is  chosen 
randomly  as  well  as  one  of  the  four  main  directions  of  the  lattice.  The  particle  of  this  site  is  then 
assumed  to  be  ejected  along  a  straigth  line  in  the  selected  direction.  In  model  I,  the  particle  is 
assumed  to  be  ejected  outside  the  target  and  does  not  participate  to  the  subsequent  process 
thereafter  [2].  In  model  II,  the  particle  is  assumed  to  stop  at  the  first  available  unoccupied  site 
on  the  lattice  if  any  [3].  Both  fracture  processes  are  illustrated  in  Figure  1. 

Of  course,  model  I  is  equivalent  to  a  percolation  phenomenon  [4]  and  indeed  the  first 
percolation  threshold  is  reached  after  tc=0.593L2  time  steps.  One  should  notice  that  we  can  also 
consider  the  second  percolation  threshold  defined  when  the  fracture  (cluster  of  connected  holes) 
reaches  the  four  borders  of  the  target.  The  second  percolation  threshold  was  found  in  [2]  to 
occur  after  tc2=0.65L2  time  steps  in  model  I. 

In  model  n,  the  situation  is  quite  different,  no  percolation  threshold  is  ever  reached  when  the 
target  size  increases  (tcl— »+°°  and  tc2— >+°°  when  L— »+«>).  In  fact,  we  have  obtained  the  power 
laws  :  tcl~tc2~L3-16  through  many  simulations.  This  effect  is  due  to  some  "healing"  of  the  target. 
Indeed,  motion  of  particles  on  the  target  allows  for  a  reconstruction  of  the  lattice.  This  regime  is 
probably  close  to  plasticity  dynamical  regimes.  This  leads  also  to  a  destruction  of  the  fracture 
such  that  multiple  percolation  thresholds  are  observed.  An  interesting  numerical  result  is  the 
observation  of  the  number  N  of  first  percolation  thresholds  before  reaching  a  second  percolation 
threshold,  i.e.  the  number  of  fractures  observed  between  tcl  and  tc2.  This  number  scales  as  a 
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power  law  N~L0  7  as  shown  in  Figure  2.  That  means  that  the  rearrangements  (healing)  is  critical 
(scaleless)  during  very  long  periods  for  large  systems. 

In  both  models,  the  crack  patterns  are  found  to  be  fractal  with  a  fractal  dimension  of  about 
1.9,  i.e.  close  to  the  percolation  value  91/48. 


model  I  model  II 

Figure  1  -  Typical  snapshots  of  the  lattice  (target)  at  the  first  percolation  threshold  tcl  for  both 
model  I  and  model  II.  The  black  squares  represent  holes  (unoccupied  sites)  on  the  lattice.  Ejected 
particles  are  represented  outside  the  target. 


Figure  2  -  The  number  N  of  first  percolation  thresholds  observed  between  t^  and  as  a  function 
of  L. 


FLUID  INVASION  AND  FREEZING  OF  POROUS  MEDIA 

When  porous  media  like  cementeous  or  brick  materials  are  in  contact  with  a  fluid,  the  latter 
invades  pores  through  capillary  forces.  The  physics  of  this  phenomenon  has  been  well 
described  by  percolation-like  models.  Our  motivation  was  to  observe  the  freezing  and 
subsequent  destruction  of  the  porous  medium.  A  simple  stochastic  model  [5]  has  been 
developped.  The  model  is  again  a  two-dimensional  one,  with  a  random  number  (taken  from  a 
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uniform  distribution  between  0  and  1)  attached  to  each  site  of  a  square  lattice.  The  number  is 
some  elementary  representation  of  a  pore  size.  From  one  side,  the  fluid  invades  the  "materials", 
invading  the  pores  with  the  smallest  "size"  first,  then  the  nearest  neighboring  pore(s)  with  the 
smallest  size,  up  to  the  "time"  the  fluid  reaches  the  opposite  extremity  of  the  lattice  with  respect 
to  its  first  invasion.  The  fluid  is  next  frozen  at  once.  The  size  of  each  invaded  pore,  thus 
belonging  to  the  percolation  cluster,  is  increased  by  a  random  number  such  that  each  new  pore 
size  is  less  than  unity.  This  pore  dilation  represents  some  cracking  at  the  pore  scale.  The  fluid 
then  sublimates,  for  a  new  invasion  to  take  place,  and  so  on.  Figure  3  illustrates  the  rule  of  the 
above  invasion/freezing  model. 

Figure  4  presents  the  successive  clusters  of  invading  fluid  after  n=l,2,3,4,5  and  6  cycles. 
After  a  few  cycles,  notice  that  a  self-avoiding  phenomenon  occurs  between  successive 
invasions.  Indeed,  after  a  few  cycles,  the  cluster  invades  new  parts  of  the  medium.  Thus,  the 
destruction  of  the  porous  medium  occurs  anywhere!  The  fractal  dimension  of  the  successive 
percolation  clusters  decreases  towards  unity.  The  distribution  history  of  pore  sizes  has  been 
discussed  in  [6], 
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Figure  3  -  Illustration  of  the  invasion-freezing  process:  (i)  a  5x5  lattice  representing  the  porous 
material,  (ii  the  invasion  of  the  porous  material  by  a  fluid  (represented  in  dark),  the  labels  give  the 
evolution  of  this  invasion,  and  (iii)  the  porous  structure  after  the  freezing  process. 


Figure  4  -  Successive  percolating  clusters  observed  on  a  200x200  lattice  after  n=  1,2, 3, 4, 5  and  6 
iterations. 
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CONCLUSION 


Through  two  simple  models  we  have  attempted  to  capture  the  essential  features  observed  in 
microstructure  of  random  media  subjected  to  slow  cracking.  Many  questions  remain,  in 
particular  the  difference  between  two  and  three  dimensional  systems  should  be  noted.  In  two 
dimensions,  a  percolation  cluster  completely  separates  the  system  into  two  parts,  and  an 
irremediable  crack  is  supposed  to  exist,  -  except  if  no  percolation  is  ever  obtained,  as  in  model  II 
here  above,  where  some  healing  is  allowed.  This  reconstruction  process  could  also  be 
introduced  in  the  random  medium  invasion  and  cracking  model.  In  three  dimensions  though  the 
percolation  cluster  is  defined  when  one  point  (site)  is  reach  on  the  opposite  extremity  of  the 
invasion  side.  Therefore  there  is  no  complete  separation  of  the  material  parts.  However  clusters 
might  be  detached  from  the  sample.  Other  conditional  probabilities  and  energetic  conditions 
might  be  interestingly  imposed. 
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ABSTRACT 

High-purity  tantalum  single  crystal  cylinders  oriented  with  [Oil]  parallel  to  the  cylinder  axis 
were  deformed  10,  20,  and  30  percent  in  compression.  The  engineering  stress-strain  curve 
exhibited  an  up-tum  at  strains  greater  than  -20%  while  the  samples  took  on  an  ellipsoidal  shape 
during  testing,  elongated  along  the  [100]  direction  with  almost  no  dimensional  change  along 
foil].  Two  orthogonal  planes  were  selected  for  characterization  using  Orientation  Imaging 
Microscopy  (OIM):  one  plane  containing  [100]  and  [Oil]  (longitudinal)  and  the  other  in  the  plane 
containing  [ol l]  and  [Oil]  (transverse).  OIM  revealed  patterns  of  alternating  crystal  rotations 

that  develop  as  a  function  of  strain  and  exhibit  evolving  length  scales.  The  spacing  and  magnitude 
of  these  alternating  misorientations  increases  in  number  density  and  decreases  in  spacing  with 
increasing  strain.  Classical  crystal  plasticity  calculations  were  performed  to  simulate  the  effects 
of  compression  deformation  with  and  without  the  presence  of  friction.  The  calculated  stress- 
strain  response,  local  lattice  reorientations,  and  specimen  shape  are  compared  with  experiment. 

INTRODUCTION 


Ideally,  any  stress-strain  behavior  during  constitutive  testing  should  be  solely  a  function  of 
the  applied  (macroscopic)  deformation,  sample  history,  orientation,  temperature,  and  strain-rate. 
In  compression  tests,  “extrinsic”  factors  such  as  sample  alignment  and  platen  friction  augment  the 
“intrinsic”  factors  [1],  Although  the  use  of  tensile  specimens  largely  mitigates  the  extrinsic 
factors,  the  convenience  and  utility  of  compression  specimens  can  outweigh  the  disadvantages. 
This  is  particularly  true  for  latent  hardening  tests,  in  which  a  sequential  set  of  single  slip  tests 
quantifies  the  constitutive  response  of  a  previously  inactive  slip  system  as  a  function  of  prior  shp 
on  another  system.  The  combined  intrinsic  and  extrinsic  factors  manifest  themselves  m  the 
evolution  of  the  crystal  orientation  with  strain,  which  is  ideally  studied  using  Orientation  Imaging 


Microscopy  (OIM).  .  «  .  ,  „  .  .  - 

OIM  is  a  SEM-based  technique  that  has  been  primarily  applied  for  characterization  of  the 
microtexture  of  polycrystalline  materials  [2].  In  this  method,  orientation  data  at  resolutions  -  1 
iim  can  be  acquired  as  a  function  of  position  on  a  planar-section.  In  this  investigation,  OIM  is 
applied  to  study  the  evolution  of  crystal  rotations  occurring  during  compression  testing  of  la 
single  crystals  and  to  correlate  these  results  with  measured  constitutive  response.  These  data 
provide  insight  into  deformation  mechanisms  as  well  as  a  means  to  assess  the  influence  of  sample 
geometry  and  testing  conditions  on  the  measured  constitutive  response.  For  example,  the 
inhomogeneous  stress  state  in  compression  specimens  arising  from  platen  friction  was  reported 
by  Cook  and  Larke  to  cause  anomalous  stress-strain  behavior  [3]. 

The  compression  specimens  characterized  in  this  work  using  OIM  are  of  a  configuration 
similar  to  the  second-stage  of  a  latent  hardening  experiment  using  typical  engineering  practice:- 
1*1  aspect  ratio  (diameter/height),  polished  diameter,  lapped  end-surfaces,  and  specimen  end- 
surfaces  lubricated  with  a  single  application  of  directional  polytetrafluoroethylene  (PTFE)  tape 
[4].  Tests  under  these  conditions  establish  a  baseline  for  comparison  with  the  results  of  more 
sophisticated,  and  expensive,  experimental  techniques  such  as  renewing  the  solid  lubricant  at 
regular  intervals  during  the  test  and  optimizing  the  type  and  thickness  of  lubricant.  Ultimately, 
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f e  h^h™2^011  of  frictional  effects  will  increase  the  accuracy  of  extrapolation  methods  as 
described  by  Ray  and  Mallik  [5]  and  Singh  and  Padmanabhan  [6]  for  end-effect  correction  and 
decrease  the  effort  m  their  application. 

A  unique  feature  of  deformation  along  the  <01 1>  axis  of  BCC  metals  is  the  stable,  essentially 
plain-strain  condition  that  persists  to  large  strains.  Compression  along  the  [Oil]  direction  results 
in  extension  along  the  longitudinal  [100]  direction  and  very  small  elongation  (<1%)  along  the 

transverse  [Oil]  direction.  Cylindrical  samples  take  on  an  ovoid  shape  within  the  (Oil)  plane. 

Hosford  [7]  has  observed  similar  deformations  in  the  study  of  drawn  BCC  polycrystalline  <01 1> 
textured  wires  that  were  first  studied  in  the  early  1960’s.  The  origin  of  this  planar  deformation 
mode  m  single  crystals  is  associated  with  the  fact  that  the  slip  directions  of  all  the  potentially 
active  {110}  and  {112}  slip  planes  are  contained  in  a  single  {110}  plane.  For  the  [011]  loading 
direction,  the  potentially  active  {110}  and  {112}  slip  planes  occur  in  symmetric  pairs;  each  pafr 

contains  both  [11 1]  and  [111]  slip  directions.  This  limits  the  plastic  deformation  for  [01 1]  loading 
to  the  (Oil)  plane. 

acC^LT"diflenSi0nai  1Jature °f  .*e  plastic  deformation  is  an  important  consideration  in 
assessing  the  influence  of  platen  friction  on  the  measured  stress-strain  response.  Simple  estimates 
to  account  for  friction  during  compression  testing  have  been  available  for  over  70  years  [3  81* 
however,  most  of  these  have  assumed  axisymmetric  deformation.  Only  since  the  1960's  have 
both  die  necessary  experimental  methods  [9]  and  theoretical  analysis  [10,11]  been  available  to 
examine  the  influence  of  friction  associated  with  more  complex  deformation.  These  simple 
analytical  methods  provide  valuable  insight  and  serve  as  a  point  of  departure  for  finite-element 
modeling.  A  finite-element,  crystal-plasticity  [12]  simulation  using  a  Coulomb  friction  model  of 

defoSion  atCn  mt6lfaCe  15  USed  t0  study  ±e  effects  of  Mction  on  **  nominally  homogeneous 

PfPer  desc^es  fJ^detailJ  of  crystal  growth,  purification,  specimen  preparation,  and 
mechanical  testing.  The  OIM  results,  discussion  of  the  finite  element  modeling^  and  overall 
conclusions  are  then  given.  6 

EXPERIMENT 


Single  Crystal  Preparation 

The  single  crystal  of  Ta  was  grown  at  the  Institute  for  Solid  State  Physics  in  Chemogolovka 
Russia,  from  high-punty  stock  material  provided  by  Cabot  Corporation.  The  stock  Ta  was 
further  purified  by  zone  refining  in  high  vacuum.  The  molten  zone  was  formed  by  electron  beam 
heatmg  from  an  annular  electrode  and  five  passes  through  the  crystal  were  taken,  with  the  last 
pass  seeded  for  growth  along  [013].  The  resultant  crystal  was  18  mm  in  diameter  and 
y  200_m7i?  lePgth-  ]fch  slice  for  compression  testing  was  oriented  using  Laue 
back-reflection  x-ray  diffraction.  After  alignment  on  the  Laue  camera,  the  sample  and  mounting 
fixture  were  transferred  as  a  single  unit  for  sectioning  slices  approximately  5. 1  mm  thick  bv  wire 
electrical  discharge  machining  (WEDM).  Compression  cylinders  approximately  5.47  mm 
diameter  by  4.65  mm  length  were  cut  by  WEDM  from  the  single  crystal  disks,  then  machine 
dimed  to  near  final  length  and  diameter.  The  diameters  were  polished  with  1200  grit  SiC  paper 
followed  by  Super  Blau  metallputz  paste.  The  ends  were  lapped  flat  and  parallel  using  1200-grit 
paper  to  within  0.01  mm.  6 

Purification  Treatment  of  Mechanical  Test  Specimen* 

Impurities  in  BCC  metals  are  known  to  have  a  strong  effect  on  mechanical  properties  In  Ta 
die  effects  of  both  substitutional  [13]  and  interstitial  impurities  [14]  have  been  well  characterized’ 
Tlie  zone  refining  steps  pnor  to  the  single  crystal  growth  allow  impurities  to  volatilize  into  the 
cuum  or  1 be  swept  to  one  end  of  the  boule.  Chemical  analysis  by  glow  discharge  mass 
Hh0WSi  thlST method  was  effective  in  reducing  the  concentration  of  substitutional 
impurities.  A  typical  analysis  reveals  Nb  and  W  to  be  the  impurities  with  highest  concentration, 
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125  and  45  ppmw,  respectively.  The  other  impurities  include  Mo  and  Re,  both  at  approximately 
2  ppmw,  while  all  other  substitutional  impurities  are  well  below  1  ppmw.  These  levels  of 
substitutional  impurities  are  not  expected  to  exert  a  significant  effect  on  the  mechanical  behavior. 

The  relevant  interstitial  impurities  in  Ta  are  H,  C,  N,  and  O.  At  levels  of  a  few  tens  of  ppmw, 
these  impurities  cause  significant  increases  in  both  the  yield  and  flow  stresses.  However, 
Smialek  and  Mitchell  [14]  have  demonstrated  that  these  impurities  can  be  removed  to  below  this 
level  by  applying  an  appropriate  heat  treatment.  As  the  last  step  in  the  preparation  of  mechanical- 
test  specimens,  the  samples  were  introduced  into  an  ultra-high  vacuum  chamber  as  shown  in 
Figure  1  (a  base  pressure  of  <1  x  10'10  ton  in  the  main  chamber,  but  approximately  a  decade 
higher  at  the  specimen  position).  The  samples  were  suspended  with  a  wire  of  Ta-10%W  and 
were  heated  by  inductive  coupling  to  an  external  RF  coil.  The  samples  were  first  heated  to 
1800°C  during  which  most  of  the  dissolved  H  outgassed  from  the  specimen  and^was  pumped 
away.  Oxygen  was  then  introduced  to  the  chamber  to  achieve  a  pressure  of  2  x  10  ton  in  order 
to  react  with  C  at  the  surface  of  the  sample  and  remove  it  as  CO.  The  sample  was  held  in  this 
condition  for  8  h,  after  which  the  oxygen  flow  was  stopped  and  the  temperature  of  the  sample 
was  raised  to  2600°C.  The  high  temperature  treatment  removed  O  and  N  from  the  sample  as 
observed  in  the  vacuum  by  residual  gas  analysis.  Two  of  the  mechanical  test  specimens  were 
held  for  8  h  while  a  third  one  was  held  for  18  h.  At  the  end  of  the  longer  time  at  high  temperature, 
the  vacuum  in  the  chamber  fully  recovered  to  its  base  pressure  level.  Upon  removal  of  the 
specimens  from  the  vacuum  chamber,  they  were  immediately  placed  into  a  dewar  of  liquid 
nitrogen  in  order  to  slow  the  kinetics  of  re-introduction  of  any  impurities.  The  purity  of  the 
specimens  was  characterized  by  measuring  their  electrical  resistivity  at  room  temperature  and  at 
slightly  above  the  Ta  superconducting  transition  temperature  at  4.5K.  The  residual  resistivity 
ratios  achieved  are  in  the  range  of  700  for  the  short-time  anneal  and  1500  for  the  longer  time. 
Prior  to  mechanical  testing  the  samples  are  warmed  to  room  temperature  in  ethyl  alcohol. 


Figure  1.  Schematic  of  purification  apparatus. 


Mechanical  Testing 

A  series  of  mechanical  tests  aimed  at  understanding  the  deformation  behavior  of  high-purity 
tantalum  single  crystals  was  undertaken.  Quasistatic  compression  tests  were  performed  in  a 
subpress  with  tungsten  carbide  platens  using  an  Instron  1 127  short  frame  test  machine  and  an 
MTS  7.6-mm  extensometer  was  used  to  measure  the  relative  motion  of  the  platens.  Teflon  tape 
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was  pre-loaded  to  2045  kg  for  use  as  a  lubricant.  All  of  the  results  described  here  pertain  to 
samples  tested  at  room  temperature  at  a  strain  rate  of  10'3  s'1. 

The  engineering  stress  -  engineering  strain  response  of  three  [Oil]  single  crystal  compression 
samples  is  shown  in  Figure  2.  These  purified  specimens  exhibit  a  minor  yield  drop,  followed  by 
a  nearly  linear  region  of  hardening.  At  approximately  20%  engineering  strain,  the  stress  -  strain 
response  begins  to  turn  up.  This  is  due  to  a  combination  of  the  non-linearity  of  engineering  strain 
and  the  effects  of  platen  friction. 


Strain 


Figure  2.  Room  temperature  stress-strain  response  of  high-purity  Ta  [Oil]  single  crystals  at  a 
strain  rate  of  10~V.  &  3 

Orientation  Imaging  Microscopy 

The  objective  of  the  OIM  analysis  was  to  explore  the  variations  in  local  lattice  rotations  as  a 
function  of  position  in  the  sample  for  several  strains.  The  ovoid  samples  were  sectioned  along 
the  plane  containing  [Oil]  and  [100]  to  reveal  the  longitudinal  view.  The  unused  half  was 

sectioned  again  to  reveal  the  transverse  plane,  which  contains  [ol  l]  and  [01 1].  These  specimens 

were  mounted  in  conductive  epoxy  and  prepared  for  OIM  examination  using  standard  lapping 
procedures. 

The  OIM  technique  is  based  on  automatic  indexing  of  the  backscatter  Kikuchi  diffraction 
patterns  within  a  scanning  electron  microscope.  Individual  orientation  measurements  are  made  at 
discrete  points  on  the  sample,  defined  on  a  grid.  At  each  point  during  the  scan,  the  orientation  is 
recorded  along  with  coordinates  describing  the  position.  Images  (or  maps)  can  be  generated  by 
mapping  the  crystal  orientation  (or  misorientation)  onto  a  color  or  grayscale  and  shading  each 
point  on  the  grid  according  to  some  aspect  of  the  crystal  orientation.  Up  to  five  individual  OIM 
scans  were  required  to  cover  the  longitudinal  section  and  two  for  the  transverse  section.  Each 
individual  scan  was  analyzed  separately  and  plotted  in  terms  of  in-plane  and  out-of-plane  rotation 
angles.  These  overlapping  maps  were  then  aligned  to  assemble  an  overall  collage. 

To  examine  local  lattice  rotations,  the  Euler  angles  relative  to  a  reference  orientation  at  the 
section  center  are  decomposed  to  their  in-plane  and  out-of-plane  components.  The  in-plane  and 
out-of-plane  crystal-rotation  maps  for  all  three  compression  tests  reveal  inhomogeneous 
deformation  eveiywhere  and  particularly  large  lattice  rotations  in  the  comers  of  the  longitudinal 
section.  b 
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RESULTS 

Figure  3  illustrates  the  measured  lattice  rotations  of  the  [Oil]  specimen  compressed  10%  with 
a  misorientation  scale  of  0  to  5  degrees.  These  three  scans  have  step  sizes  between  13  and  15 
microns.  The  existence  of  features  in  the  crystal  rotation  field  with  sizes  on  the  order  of  the  step 
size  will  be  observed  as  single  points  in  the  OIM  scan,  however,  their  morphology  will  not  be 
resolved.  In  the  longitudinal  plane,  rather  sharp  changes  in  crystal  orientation  (~1°)  are  observed 
that  appear  to  be  geometric  in  nature  and  emanate  at  approximately  45°  from  the  top  and  bottom 
comers.  These  features,  which  do  not  appear  to  correspond  to  the  traces  of  either  the  { 1 10}  or 
{112}  slip  planes,  or  <11 1>  slip  directions,  appear  early  in  deformation  and  persist  throughout. 
A  second  type  of  contrast  feature  lying  roughly  perpendicular  to  the  above  features  is  observed 
which  is  characterized  by  relatively  smaller  changes  in  orientation  (-0.5°).  Of  particular  interest 
are  the  alternating  orientation  changes  observed  upon  crossing  several  of  these  features.  This 
suggests  the  existence  of  networks  of  dislocations  with  net  alternating  sign  that  are  required  to 
accommodate  the  observed  rotations.  Essentially  all  of  the  rotations  measured  with  OIM  are 
about  the  [Ol  1]  axis,  i.e.  no  significant  lattice  rotations  occur  out  of  the  (Oil)  plane.  This  is 
consistent  with  the  Burgers  vectors  being  contained  in  the  observed  section.  These  common 
features  are  observed  in  all  of  the  specimens  studied. 


Figure  3.  Misorientation  collage  of  the  10%  compressed  sample,  longitudinal  view.  Rather  sharp 
changes  in  crystal  orientation  (~1°)  are  observed  that  appear  to  be  geometric  in  nature  and  emanate 
at  45°  from  the  top  and  bottom  comers. 

Figure  4  represents  a  collage  of  the  four  scans  required  to  cover  the  20%  compressed 
specimen  plotted  on  the  misorientation  scale  from  0  to  10  degrees.  The  rotations  are  all  about  the 
[Ol  1]  axis  with  the  largest  lattice  rotations  occurring  in  the  comers  and  prominent  misorientation 
features  emanating  from  the  comers.  The  finer-scale  contrast  features  normal  to  these  are  more 
pronounced  than  the  10%  compressed  specimen.  In  addition,  the  spacing  of  these  alternating 
misorientations  is  smaller.  . 

Figure  5  reveals  the  longitudinal  section  of  all  but  the  300  micron  wide  region  on  the  right 
side  of  the  specimen  compressed  30%.  This  image  spans  a  misorientation  scale  from  0  to  15 
degrees.  Rotations  greater  than  15  degree  occur  in  the  comers  as  well  as  at  the  ends  of  the 
horizontal  midplane.  Abrupt  orientation  changes  are  observed  throughout  this  figure.  Of 
particular  interest  is  the  approximately  5  degree  alternating  misorientations  with  width  on  the 


225 


order  of  70  microns.  The  spacing,  magnitude,  and  angles  of  the  alternating  misorientations  are 
observed  to  mcrease  m  number  density  and  decrease  in  spacing  with  strain.  Specifically  at  10% 
compression,  the  angle  between  primary  bands  is  approximately  95  degrees.  This  decreases  to 
85  then  80  degrees  as  the  specimen  is  compressed  to  20%  and  30%  deformation,  respectively 
[15].  Observed  rotations  are  about  the  [0 1 1]  axis. 
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Figure  4.  Misorientation  collage  of  the  20%  compressed  sample,  longitudinal  view.  The 

rotations  are  all  about  the  [0 1 1]  axis  with  the  largest  lattice  rotations  occurring  in  the  comers  and 
prominent  misorientation  features  emanating  from  the  comers. 
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Figure  5.  Misorientation  collage  of  the  30%  compressed  sample,  longitudinal  view.  Greater  than 
15  degree  rotations  occur  in  the  comers  as  well  as  at  the  ends  of  the  horizontal  midplane  Severe 
orientation  changes  are  observed  throughout  this  figure.  Of  particular  interest  is  the 
approximately  5  degree  alternating  misorientations  with  width  on  the  order  of  70  microns. 
Observed  rotations  are  about  the  [0 1 1]  axis. 


.  j.*s  a  *1igJler  resolution  OIM  image  of  the  specimen  compressed  20%  and  suggests  that 

tihe  bands  discussed  above  are  discrete  ~2  to  5  pm  wide  regions  of  relatively  large  rotations. 
Pese  bands  are  aligned  approximately  85°  with  respect  to  each  other  but  do  not  he  along  the 
traces  of  the  slip  planes.  Rotations  as  large  as  5°  are  observed  within  the  bands  while  the 
intersection  causes  a  displacement  across  the  band. 
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Rotation  maps  from  the  transverse  section  shown  in  Figure  7  are  distinctly  different  in 
appearance  from  those  in  the  longitudinal  plane.  Figure  7(a)  is  a  low-resolution  scan  with  step 

size  equal  16  pm  and  scans  one-half  of  the  transverse  section  from  the  top  to  the  bottom.  Figure 

7  (b)  reveals  the  out-of-plane  rotations  with  1  pm  step  size  resolution.  The  features  of  these  out- 
of-plane  rotation  maps  are  neither  as  sharp  nor  as  straight  as  those  observed  in  the  longitudinal 
section  The  rotation  maps  confirm  that  the  rotations  observed  are  about  the  [Oil]  axis 
suggesting  the  importance  of  slip  on  the  {112}<111>  slip  systems.  Alternating  orientation 
changes  are  also  observed  on  this  section.  Features  likely  corresponding  to  the  2  to  5  pm  wide 
bands  of  Fig.  6  are  observed  in  Fig.  7b. 
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Figure  6.  High  magnification  OIM  image  of  the  specimen  compressed  20%.  Orthogonal  lines  in 
the  center  show  that  the  bands  intersect  at  an  angle  <  90°.  Oblique  lines  at  the  top  right  are  the 
traces  of  the  { 1 10}  and  { 1 12}  slip  planes  in  the  longitudinal  section. 

DISCUSSION 

The  upturn  in  the  stress-strain  diagram  above  20%  strain  is  similar  to  that  seen  by  numerous 
other  investigators  [1,3-6]  during  compression  testing;  however,  the  effect  seems  particularly 
acute.  The  magnitude  of  the  upturn  and  its  occurrence  at  relatively  low  strain  suggests  that 
factors  other  than  friction  may  be  significant.  A  two-step  approach  shall  be  used  to  assess  the 
impact  of  platen  friction  on  the  deformation.  First,  using  simple  analytical  models,  the  frictional 
contribution  to  the  flow  stress  shall  be  estimated.  The  resulting  parameters  shall  then  be  used  as 
input  to  a  finite  element  simulation  to  gage  the  effect  of  friction  on  lattice  rotations. 

One  of  the  first  published  estimates  of  the  influence  of  platen  friction  on  the  measured  flow 
stress  during  compression  testing  is  due  to  Siebel  [8]: 

^obs^flow  =  1  +  C  (d/h),  (1) 

where  a0bs  is  the  observed  flow  stress,  afl0w  is  the  true  flow  stress  measured  under  uniform 
deformation,  d  is  the  sample  diameter,  h  is  the  sample  height,  and  C  is  a  constant. 
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Figure  7.  Misorientation  maps  of  the  30%  compressed  sample,  transverse  view.  The  features  of 
these  out-of-plane  rotation  maps  are  neither  sharp  nor  straight.  The  rotation  maps  confirm  that 

?ieio?ta£TS  ?bserved  ^  about  the  [Oil]  axis  suggesting  the  importance  of  slip  on  the 
1 1  iz  jci  1 1>  slip  systems.  Alternating  orientation  changes  are  also  observed  on  this  section,  (a) 

low  resolution,  16.0  pm  step  size  scan,  (b)  high  resolution,  2.0  pm  step  size  scan. 


Using  the  Tresca  yield  criterion  and  flow  rule,  the  value  of  C  is  p/3,  where  p  is  Coulomb's 
coefficient  of  friction  equal  to  the  tangent  friction  force  divided  by  the  normal  force.  Although 
Eqn.  1  is  predicated  on  small  values  of  C,  its  applicability  is  quite  broad  since  it  was  shown  by 
Avitzur  [16J  to  be  identical  to  the  upper-bound  solution  for  the  compression  of  a  cylinder  between 
two  rigid  dies  In  both  cases  the  deformation  is  considered  to  be  axisymmetric.  Using  a 
generalized  Galerkm  method.  Hill  [10]  considered  the  compression  of  an  arbitrary  cross-section 
tor  both  two-  and  three-dimensional  deformations,  obtaining: 


C  =  p/3  (in  3D) 
C  =  p/2  (in  2D) 


(2) 

(3) 


These  relations  were  later  rederived  by  Collins  [1 1]  using  an  upper-bounds  technique.  Thus 
tor  a  given  (d/h),  frictional  effects  under  2D  deformation  are  50%  greater  than  those  in  the  3D 
case,  at  least  to  first  order  in  p.  'Dus  is  consistent  with  the  enhanced  upturn  observed  during  the 
essentially  plane-strain  compression  of  the  [011]  oriented  single  crystal. 

Ine  earlier  occurrence  of  the  upturn  during  plain-strain  deformation,  as  compared  to  the 
axisymmetnc  deformations  cited  in  the  literature,  may  be  reconciled  by  considering  the 
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relationships  between  the  applied  strain  and  the  sample  aspect  ratio  in  both  two  and  three 
dimensions.  For  isochoric  deformations  in  2D  it  is  easily  shown  that  the  aspect  ratio  r  (r=d/h) 
may  be  written  as  the  following  function  of  the  engineering  strain  (e): 

r  =  r0  (1-e)'2  (in  2D)  (4) 


while  in  3D: 


r  =  r0  (l-e)_3/2  (in  3D)  (5) 

For  samples  with  the  same  initial  aspect  ratio  (r0),  at  any  given  compressive  strain  (e)  the 

aspect  ratio  of  a  sample  deforming  in  2D  is  (1-e)-^2  times  greater  than  that  of  the  3D  case.  For 
an  applied  strain  of  30%,  this  difference  amounts  to  a  20%  increase.  For  an  applied  strain  of 
40%,  the  change  in  aspect  ratio  is  29%  greater  in  2D  than  in  3D.  The  net  effect  of  the  larger 
friction  factor  (increased  C)  in  2D  coupled  with  the  greater  change  in  aspect  ratio  for  a  given 
strain  significantly  enhances  the  influence  of  friction  in  2D  deformation  as  compared  to  3D.  For 
an  applied  strain  of  30%  the  combined  increase  is  80%,  while  at  40%  strain  the  overall 
enhancement  of  the  frictional  effect  is  over  93%. 

A  simple  estimate  of  the  friction  coefficient  may  be  derived  by  assuming  a  linear  hardening 
relation: 


clow  =  O0  +  H  £  (6) 

where  ofl0W  is  the  true  flow  stress,  G0  is  the  initial  yield  stress,  H  is  the  hardening  rate,  and  e  is  the 
true  strain!  This  is  substituted  into  Eqn.  1  and  solved  for  the  friction  factor  (C).  Assuming  that 
the  initial  friction  is  small  (p.=0.04)  for  small  strains  (<10%),  the  values  of  G0  and  H  is  obtained: 

G0  =  1 15  MPa,  H  =  28  MPa  (7) 

Using  these  values,  the  friction  factor  is  calculated  for  larger  values  of  strains.  In  doing  so  it 
is  observed  that  the  value  of  C  varies  monotonically  from  0.02  at  10%  strain  to  0.1  at  30%  strain. 
It  should  be  emphasized  that  these  values  of  C  are  highly  dependent  upon  the  chosen  hardening 
model,  since  the  measured  response  is  a  convolution  of  friction  and  hardening.  The  goal  here  is 
two-fold:  to  show  that  the  apparent  rapid  hardening  rate  can  be  attributed  to  friction  when 
accounting  for  the  two-dimensional  nature  of  the  deformation  and  to  provide  a  point  of  departure 
for  finite-element  modeling  of  the  deformation.  In  this  spirit,  the  evolution  of  friction  with 
deformation  is  modeled  using  a  simple  one-parameter  model  describing  a  linear  rise  in  the  friction 
factor  with  aspect  ratio.  The  corresponding  value  of  p  varies  linearly  from  0.04  at  0%  strain  to 
0.20  at  30%.  These  values  are  consistent  with  nearly  perfect  lubrication  initially  to  that  typical  of 
lubricated  metals  [17]  at  30%  strain.  The  stress-strain  behavior  predicted  by  this  model  along 
with  the  experimental  data  is  shown  in  Figure  8.  A  curve  showing  the  behavior  in  the  absence  of 
friction  is  also  shown.  Using  reasonable  values  for  the  model  parameters  results  in  an  acceptable 
fit  to  the  experimental  data  considering  this  simple  model. 

The  evolution  of  friction  stresses  at  the  sample/platen  interface  is  in  general  extremely 
complicated,  dependent  upon  both  the  material  response  and  lubrication  conditions  at  the 
interface.  This  will  be  investigated  in  detail  in  a  later  series  of  experiments  and  simulations; 
however,  the  present  focus  shall  be  on  the  initial  stages  of  deformation  (<10%  strain)  where 
friction  is  considered  constant.  In  this  regime  it  is  of  interest  to  examine  the  role  that  friction 
plays  in  altering  the  nominally  homogeneous  deformation  and  making  comparisons  with  the  OIM 
observations.  ,  . 

A  finite-element  simulation  of  the  compression  sample  was  performed  using  Coulomb  friction 
to  model  the  sample/platen  interface  and  a  crystal  plasticity  [12]  constitutive  relation  to  model  the 
specimen.  The  platens  were  modeled  using  isotropic  elasticity.  A  crystal  plasticity  model  similar 
to  that  of  Kothari  and  Anand  [18]  has  been  implemented  in  the  implicit  finite  element  code 
Nike3D  [19].  The  material  parameters  are  chosen  to  be  those  used  by  Kothari  and  Anand,  with 
the  following  exceptions.  The  initial  flow  stress  and  hardening  rate  were  selected  to  be  consistent 
with  the  above  values  of  G0  and  H  for  the  [011]  orientation  and  linear  hardening  was  assumed. 
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Independent  hardening  of  the  slip  systems  is  used,  since  extensive  latent  hardening  data  are 
unavailable.  Slip  on  both  the  { 1 12}  and  the  { 1 10}  slip-planes  is  considered.  The  coefficient  of 
friction  at  the  sample/platen  interface  is  taken  as  0.08,  consistent  with  the  above  observations. 
Using  these  parameters,  models  of  both  the  entire  sample  and  one-eighth  the  sample  were 
constructed  using  243  and  162  elements,  respectively.  Since  the  simulation  of  the  entire 
specimen  essentially  duplicated  the  plane-strain  deformation  observed  in  the  experiments,  we 
shall  focus  on  the  one-eighth  of  the  specimen  modeled  with  162  elements  and  three  symmetry 
planes. 
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Figure  8.  Comparison  of  the  experimental  and  simulated  stress-strain  response  of  the  [01 1]  Ta 
single  crystals.  Calculations  were  performed  with  both  low  and  high  friction  models  and 
revealed  the  strong  influence  of  friction  on  the  measured  constitutive  behavior. 


An  elementary  crystal  plasticity  calculation  [20]  indicates  that  uniaxial  compression  in  BCC 
metals  along  the  [011]  axis  in  the  absence  of  friction  should  result  in  homogenous  compression 

and  an  associated  elongation  along  the  [100]  axis.  The  deformation  is  contained  within  the  (oil) 

plane  and  the  lattice  rotation  is  zero.  The  presence  of  frictional  forces  alters  this  picture,  resulting 
in  inhomogeneous  deformation  and  associated  crystal  rotations. 

This  can  be  seen  in  the  finite  element  simulation  shown  in  Figure  9.  For  an  applied  strain  of 
6%,  the  lattice  rotation  in  the  comer  regions  is  almost  two  degrees,  while  the  central  region  of  the 
sample  is  essentially  unrotated.  The  axis  of  rotation  is  parallel  to  the  normal  of  the  plane  of  the 
deformation.  The  deformation  and  rotations  are  essentially  two-dimensional,  even  though  this  is 
a  full  three-dimensional  calculation.  The  overall  deformation  pattern  and  the  magnitude  of  the 
lattice  rotations  are  in  good  agreement  with  the  OIM  observations;  however,  the  details  of  the 
lattice  rotations  are  not.  To  explore  this  further,  higher  resolution  simulations  were  performed. 

In  order  to  reduce  the  large  computational  burden  of  three-dimensional  calculations,  the  two- 
dimensional  nature  of  the  deformation  was  exploited.  A  slice  of  the  sample  parallel  to  the 
longitudinal  section  was  modeled  assuming  that  it  deformed  in  plane  strain.  This  appears  to  be  a 
good  approximation  in  light  of  the  above  experimental  observations.  In  doing  so,  finely  meshed 
finite-element  simulations  could  be  performed  in  a  few  days.  The  mesh  size  in  the  comers 
corresponds  to  10  pm,  with  over  400  elements  in  the  entire  model.  All  other  features 
(constitutive  parameters,  friction  coefficient,  etc.)  of  the  model  are  identical  to  the  previous  three- 
dimensional  case.  The  results  of  this  simulation  are  shown  in  Figure  10.  The  maximum  rotation 
has  increased  to  ~2.3  degrees  and  the  deformation  pattern  in  the  comers  has  become  sharper  and 
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Figure  9.  One-eighth  section  of  full  three-dimensional  finite  element  simulation  of  crystal  rotations 
caused  by  compression  deformation  with  platen  friction.  Maximum  rotations  of  1.6  degrees 
occur  in  the  upper-right  comer,  while  the  center  remains  unrotated.  Applied  strain:  6%. 
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Figure  10.  High  resolution,  finely  meshed,  plane-strain  finite  element  simulation  of  crystal 
rotations  caused  by  compression  deformation  with  platen  friction.  Maximum  rotations  of  2.3 
degrees  occur  in  the  upper-right  comer,  while  the  center  remains  unrotated.  Applied  strain:  6%. 
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more  well  defined.  Experimentation  with  different  mesh  sizes  and  the  number  of  elements  leads 
to  the  conclusion  that  the  finite  element  solution  exhibits  the  well-known  size  effect  of  classical 
computational  plasticity[21],  i.e.,  without  a  length  scale  in  the  plasticity  model,  the  finite  element 
solution  is  dependent  upon  the  size  of  the  mesh  used  in  the  calculation.  It  is  for  this  reason  that 
higher  resolution  calculations  with  even  finer  meshes  have  not  been  employed  to  examine  the 
rotations  observed  by  OIM  at  the  smallest  scale. 

CONCLUSIONS 

Friction  exerts  a  significant  effect  in  the  compression  deformation  of  the  [01 1]  single  crystals 
giving  rise  to  an  enhancement  of  the  apparent  flow  stress  at  strains  in  excess  of  20%.  The  two 
dimensional  nature  of  the  deformation  exacerbates  the  effects  of  platen  friction.  To  first  order,  the 
enhancement  can  be  explained  by  frictional  effects  without  invoking  crystal  plasticity.  The 
macroscopic  lattice  rotations  at  small  strains  (<10%)  predicted  by  finite-element  calculations  using 
a  Coulomb  friction  model  are  in  reasonable  agreement  with  OIM  observations.  Higher  order 
deviations  of  the  experimental  results  from  simple  model  calculations  are  likely  the  consequence 
of  crystal  plasticity.  Frictional  effects  drive  lattice  rotations  at  the  sample  comers  which  likely 
spawn  inhomogeneous  bands  of  deformation  throughout  the  sample.  The  bands,  which  are  ~2  to 
5  pm  in  width  and  bounded  by  low  angle  boundaries,  evolve  with  strain.  The  resolution  of  these 
fine-scale  lattice  rotations  awaits  the  implementation  of  a  scale-dependent  crystal  plasticity 
formalism  needed  to  remove  the  mesh  dependence  of  the  finite  element  solution. 
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ABSTRACT 

Discrete  dislocation  dynamics  simulations  have  been  performed  to  study  dislocation  activ¬ 
ity  in  the  vicinity  of  a  crack  tip  and  to  get  a  better  understanding  of  the  decisive  mechanisms 
of  the  brittle-to-ductile  transition  (BDT).  The  comparison  of  these  simulations  with  fracture 
experiments  on  tungsten  single  crystals  leads  to  a  preliminary  model  for  the  BDT  of  this 
material.  Many  features  predicted  by  this  model  are  also  found  in  other  materials.  Disloca¬ 
tion  nucleation  and  the  availability  of  active  sources  are  shown  to  be  limiting  plasticity  at 
low  temperatures  and  partly  in  the  semi-brittle  regime.  At  elevated  temperatures  disloca¬ 
tion  nucleation  occurs  easily,  such  that  plasticity  in  this  regime  and  the  BDT  itself,  must  be 
viewed  as  a  thermally  activated  processes,  which  are  controlled  by  dislocation  mobility. 

INTRODUCTION 

Materials  performance  in  structural  applications  is  often  limited  by  a  transition  from 
ductile  response  to  brittle  fracture  with  decreasing  temperature.  This  transition  is  commonly 
regarded  as  a  competition  between  brittle  cleavage,  and  blunting  and  shielding  of  the  crack 
tip  by  plastic  deformation.  However,  the  question  which  mechanisms  cause  or  prevent  plastic 
deformation  at  the  different  temperatures  has  not  yet  been  satisfactorily  answered.  Several 
groups  postulate  that  dislocation  nucleation  is  the  limiting  and  thus  decisive  mechanism 
[1,2],  whereas  others  view  the  BDT  as  a  thermally  activated  process,  which  is  controlled  by 
dislocation  mobility  [3-7]. 

In  this  work,  different  models  are  implemented  into  a  two-dimensional  (2D)  simulation 
scheme,  which  solves  the  dynamics  of  many  dislocations  around  the  crack  tip.  With  the 
help  of  this  computer  simulation  the  influence  of  dislocation  mobility  on  the  one  hand,  and 
dislocation  nucleation  on  the  other  hand,  is  investigated  separately.  The  comparison  of  the 
numerical  results  with  experimental  data  allows  us  to  determine  the  limiting  processes  at 
various  temperatures. 

The  homogeneous  nucleation  of  dislocations  along  the  crack  front  seems  possible  for 
metals  with  face  centered  cubic  (fee)  crystal  structure  [1,8],  whereas  the  activation  energy  for 
homogeneous  nucleation  is  too  high  for  metals  with  body  centered  cubic  (bcc)  structure  [1,9]. 
Therefore,  dislocation  nucleation  in  bcc  metals  occurs  preferentially  at  imperfections  in  the 
crack  front  [10, 11].  The  conditions  under  which  such  sources  become  active  are  not  yet 
completely  understood,  but  some  mechanisms  by  which  discrete  nucleation  sites  along  the 
crack  front  operate  can  be  investigated  in  more  detail  by  three-dimensional  (3D)  discrete 
dislocation  simulations.  In  this  work,  it  is  shown  that  the  assumption  of  a  temperature 
dependent  density  of  sources  along  the  crack  front  leads  to  a  good  agreement  of  simulation 
and  experiment. 
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MODEL 


A  simple  two-dimensional  (2D)  numerical  model,  which  has  already  been  used  and  de¬ 
scribed  earlier  [5,6, 12],  is  employed  to  study  the  dislocation  activity  in  the  vicinity  of  a 
crack  tip.  The  elastic  interaction  of  many  dislocations  emanating  from  the  crack-tip  region 
is  described  by  isotropic  elasticity,  taking  into  account  all  self-interactions  and  all  image 
effects  due  to  the  free  crack  surfaces  [12, 13].  The  crack  is  loaded  in  the  opening  mode  to 
an  applied  stress  intensity  Kj  —  K.  In-plane  and  out  of  plane  shear  components  are  set 
to  zero,  i.e.  Kji  —  Km  =  0.  The  dislocations  are  of  perfect  edge  character  with  their  line 
direction  parallel  to  the  crack  front.  Only  the  slip  plane  with  the  highest  resolved  shear 
stress  is  considered.  This  slip  plane  is  inclined  by  an  angle  of  72°  to  the  crack  plane. 

The  total  force  ftot  acting  on  each  dislocation  is  expressed  by 

/tot  =  /Kd  +  /dd  +  /dd'  +  /fric  (1) 

where  fKd  is  the  force  caused  by  the  applied  stress  intensity,  /dd  is  the  image  force  due  to 
the  presence  of  the  free  crack  surfaces,  and  fdd,  is  the  interaction  force  with  every  other  dis¬ 
location,  which  also  includes  the  interaction  transmitted  by  the  free  surfaces.  The  quantity 
/fric  is  the  lattice  friction  force,  which  is  always  opposite  to  the  direction  of  motion.  This 
lattice  friction  force  is  set  to  zero  unless  stated  otherwise.  The  image  force  is  always  directed 
towards  the  crack  tip,  whereas  the  applied  force  /^d  can  be  attractive  or  repulsive  depending 
on  the  Burgers  vector  and  the  line  direction  of  the  dislocation.  Shielding  (crack-closing)  dis¬ 
locations  are  repelled  from  the  crack  tip,  whereas  anti-shielding  (crack-opening)  dislocations 
are  attracted  towards  the  crack  tip.  An  explicit  formulation  of  these  terms  is  given  in  [12]. 

The  simulations  are  started  at  zero  applied  stress  intensity  and  without  pre-existing 
dislocations.  The  stress  intensity  is  raised  at  a  constant  rate.  A  constant  temperature 
is  assumed  during  each  simulation.  At  each  time  step  a  dislocation  nucleation  criterion, 
which  is  described  in  detail  below,  is  evaluated  to  decide  whether  or  not  a  new  dislocation  is 
nucleated.  Dislocations  of  anti-shielding  character  are  absorbed  by  the  crack  tip  within  short 
times.  These  dislocations  are  not  explicitly  included  in  the  simulation.  The  absorption  of 
anti-shielding  dislocations,  just  like  the  nucleation  of  shielding  dislocations  at  the  crack-tip, 
results  in  a  blunting  of  the  crack.  For  the  sake  of  simplicity,  such  a  blunting  of  the  crack 
tip  is  neglected.  The  nucleation  of  shielding  dislocations  effectively  reduces  the  local  stress 
intensity  at  the  crack  tip,  such  that  further  dislocation  nucleation  is  impeded.  If  the  emitted 
dislocation  has  moved  sufficiently  far  away  from  the  crack  tip,  the  nucleation  of  a  second 
dislocation  becomes  possible.  After  several  dislocations  are  nucleated,  an  inverse  dislocation 
pile-up  develops  on  the  slip  plane.  In  the  time  step  immediately  before  a  new  dislocation 
is  nucleated,  the  local  stress  intensity  is  at  its  maximum.  This  maximum  increases  steadily 
in  magnitude  as  the  applied  stress  intensity  is  raised.  Finally,  the  local  stress  intensity  fcj 
at  the  crack  tip  exceeds  the  critical  value  for  fracture,  which  is  taken  from  experiments 
(kflt  ~  2MPam1/2  [14]).  The  applied  stress  intensity  at  this  stage  defines  the  fracture 
toughness  Kcr\t. 

The  mobility  of  edge  dislocations  is  described  by  an  Arrhenius-type  empirical  law  of  the 
form  [15] 

•-(-%©  p> 

where  the  dislocation  velocity  uedge  depends  on  the  resolved  shear  stress  r,  the  stress  exponent 
m,  the  temperature  T ,  and  the  activation  energy  Qe dge.  The  parameter  A  is  a  pre-exponential 
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Table  I:  Parameters  describing  dislocation  mobility  of  edge  dislocations  in  tungsten  single 
crystals  as  determined  in  [18].  The  various  quantities  are  defined  in  the  text. 


4/(m/s) 

m(77K) 

m(298K) 

<9e  dg./eV 

0.32  •  10“8 

4.8 

10.5 

0.32 

factor  with  the  units  of  a  velocity,  t0  =  1  MPa  simply  fixes  the  units  of  the  stress.  The 
Boltzmann  constant  is  denoted  with  k.  For  semiconductors,  stress  exponents  close  to  m  =  1 
are  found  [16,17],  while  in  transition  metals  the  stress  exponent  is  usually  one  order  of 
magnitude  higher  and  may  even  show  a  temperature  dependence  [18,19].  For  this  study, 
the  parameters  are  set  to  values  for  edge  dislocations  in  tungsten  [18]  (see  Table  I).  The 
temperature  dependence  of  the  stress  exponent  is  assumed  to  be  of  the  form  [19]  m(T )  = 
a  +  /?/T,  with  the  two  fit  parameters  a  and  /3,  determined  from  the  stress  exponents  given 
in  Table  I. 

The  mobility  law  expressed  in  Equ.  (2)  is  valid  only  for  edge  dislocations.  In  metals  with 
bcc  crystal  structure,  screw  dislocations  are  subject  to  a  high  Peierls  barrier.  Moreover, 
the  activation  energy  for  screw  dislocation  motion  is  about  one  order  of  magnitude  higher 
than  that  for  edge  dislocations  [20,21].  Therefore,  the  mobility  of  screw  dislocations  is  much 
smaller  than  that  of  edge  dislocations  [22]  up  to  elevated  temperatures  where  dislocation 
motion  becomes  athermal.  In  tungsten  this  occurs  at  about  600  K  [21,23]).  The  BDT  in 
tungsten  usually  occurs  below  this  temperature  (c/.  Fig.  6  and  [7]),  which  provides  a  first 
indication  of  the  importance  of  edge  dislocations  for  the  BDT. 

Dislocation  nucleation 


In  a  first  step,  dislocation  nucleation  is  assumed  to  occur  easily,  and  the  consistency 
of  this  assumption  with  the  experimental  data  is  tested.  The  following  procedure  models 
homogeneous  nucleation  of  dislocations,  where  the  only  barriers  that  must  be  overcome  are 
the  image  force  due  to  the  free  crack  surfaces  and  the  repulsion  of  the  previously  emitted 
dislocations:  At  each  time  step  a  “virtual”  dislocation  of  shielding  character  is  introduced 
on  the  glide  plane  at  a  distance  r  =  306  from  the  crack  tip.  This  virtual  dislocation  interacts 
only  passively  in  the  sense  that  it  is  subject  to  the  applied  stress,  the  image  stress,  and  the 
stress  due  to  all  other  dislocations,  whereas  its  own  stress  field  is  disregarded.  If  the  net 
force  on  the  virtual  dislocation  is  positive  (pointing  away  from  the  crack  tip),  the  nucleation 
is  accepted.  Beginning  with  the  following  time  step,  the  nucleated  dislocation  interacts  and 
moves  normally. 

It  is  seen  below  that  the  assumption  of  homogeneous  dislocation  nucleation  along  the 
crack  front  is  rather  unrealistic  at  low  temperatures.  Due  to  the  inherent  geometrical  con¬ 
straints  of  the  2D  model  it  is  impossible  to  directly  model  discrete  nucleation  sites  (sources) 
along  the  crack  front.  However,  some  consequences  of  such  discrete  nucleation  sites  can  be 
captured  even  in  the  simplified  geometry. 

It  has  been  shown  [10,11]  that  dislocation  nucleation  occurs  preferentially  at  imperfec¬ 
tions  in  the  crack  front  like  ledges  or  kinks.  The  primary  slip  plane  of  the  dislocations 
nucleated  at  such  imperfections  does  not  contain  the  crack  front  (see  Fig.  1).  The  shielding 
of  these  dislocations  is  therefore  rather  localized  [24].  Good  shielding  of  the  whole  crack  front 
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Figure  1:  Dislocations  that  are  emitted  from  a 
ledge  (1)  in  the  crack  front  may  cross-slip  onto 
slip  planes  containing  the  crack  front  (2).  The 
Burgers  vector  b  is  indicated  by  an  arrow. 


is  achieved,  if  a  part  of  the  dislocation  cross-slips  onto  a  plane  containing  the  crack  front 
(Fig.  1).  It  is  always  possible  to  find  imperfections  for  which  the  part  of  the  dislocation  that 
is  attached  to  the  crack  front  is  of  screw  character.  Irrespective  of  the  high  Peierls  barrier 
the  screw  dislocation  moves  along  the  crack  front  with  a  comparatively  velocity,  because  of 
the  high  stress  in  this  region.  The  dislocation  line  is  thus  torn  out  along  the  crack  front, 
until  it  encounters  an  obstacle  or  a  dislocation  of  opposite  character.  In  the  latter  case,  the 
dislocations  that  are  connected  to  the  crack  front  annihilate,  leaving  behind  a  bulk  disloca¬ 
tion  (Fig.  2).  This  dislocation  is  mainly  of  edge  character  and  therefore  relatively  mobile. 
At  this  stage,  the  system  can  again  be  described  within  the  2D  model.  The  only  difficulty 
is  to  capture  the  details  of  the  nucleation  process  in  the  dislocation  nucleation  criterion. 


Figure  2:  Dislocations  moving  on  a  glide  plane 
containing  the  crack  front  join  between  the  sites 
where  they  were  emitted.  The  resulting  dislo¬ 
cation  is  a  well-shielding,  mobile  dislocation  of 
mainly  edge  character.  The  arrow  indicates  the 
direction  of  motion. 


Following  [5],  a  situation  is  considered  where  two  dislocation  nucleation  sites  are  separated 
by  a  distance  A  along  the  crack  front  (Fig.  2).  For  the  sake  of  simplicity,  the  geometry  of 
dislocations  emitted  from  a  ledge  in  the  crack  front  is  reduced  to  the  shape  of  half-loops 
of  radius  r  on  the  slip  plane  containing  the  crack  front.  When  the  first  dislocations  are 
nucleated,  the  crack  is  shielded  only  in  the  region  contained  within  the  half-loops.  Until 
the  dislocations  from  two  neighboring  sources  meet,  the  dislocation  segments  parallel  to  the 
crack  front  have  moved  a  distance  8  away  from  their  nucleation  position.  Only  then  can  the 
crack  front  be  considered  as  being  completely  shielded  by  the  dislocation. 

This  description  is  used  to  modify  the  nucleation  criterion  of  the  2D  simulation.  The 
dislocations  are  still  nucleated  at  distance  r  from  the  crack  front,  but  their  shielding  is 
not  taken  into  account  until  they  have  moved  a  distance  8  away  from  their  nucleation  site 
(Fig.  2).  This  distance  8  is  a  function  of  the  loading  rate  K ,  the  spacing  A  of  active  sources, 
and  the  dislocation  mobility.  The  two  latter  quantities  are  themselves  functions  of  the 
temperature  and  the  applied  stress.  A  detailed,  three-dimensional  study  of  these  dependences 
is  in  progress  and  will  be  published  elsewhere.  Here,  it  is  assumed  that  the  source  spacing 
decreases  linearly  with  increasing  temperature,  which  yields 

A(T)  =  A1-(A2-A1)  (3) 
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with  the  constants  Ax  =  5 /mi,  A2  =  0.1  /mi,  T\  =  77  K,  and  T2  —  300  K.  These  parameters 
are  taken  from  etch-pit  studies  on  fracture  surfaces  (see  [7,25]).  The  distance  8  is  assumed 
to  be  proportional  to  the  source  spacing.  In  two  special  cases  a  larger  value  for  X(RT)  was 
chosen,  as  will  be  mentioned. 

Predeformation 

Homogeneous  predeformation  increases  the  density  of  dislocations  throughout  the  mate¬ 
rial.  This  work  hardening  reduces  the  overall  dislocation  mobility,  which  is  accounted  for  by 
introducing  a  finite  lattice  friction  stress  rfrjc  in  the  simulation  [Equ.  (1)].  In  the  crack  tip 
region,  the  additional  dislocation  can  act  as  dislocation  sources,  either  by  dislocation  multi¬ 
plication  or  by  changing  the  morphology  of  the  crack  front.  In  either  case,  predeformation 
increases  the  number  of  active  sources  and  decreases  the  spacing  between  them.  Homoge¬ 
neous  dislocation  nucleation  is  therefore  assumed  in  addition  to  the  finite  lattice  friction 
when  modeling  the  fracture  toughness  of  predeformed  specimen. 

RESULTS 

The  fracture  toughness  as  a  function  of  temperature  and  loading  rate — determined  nu¬ 
merically  and  experimentally — is  displayed  in  Fig.  3.  The  experimental  data  result  from 
three-point-bending  tests  on  high-purity  [26]  tungsten  single  crystals.  The  crack  system 
specified  by  the  nominal  crack  plane  and  the  crack  front  direction  was  {1 10}(110) .  Each 
crystal  was  precracked  at  77K  to  obtain  a  sharp  crack  front.  The  tests  were  performed  with 
a  constant  loading  rate,  which  translates  into  an  almost  constant  stress  intensity  rate  K. 
More  details  of  the  experimental  procedure  and  of  the  results  are  given  in  [7,14,25]. 
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Figure  3:  Fracture  toughness  Kcrit  as  a  function  of  temperature  T  for  different  loading  rates 
K  (MPa>/m/s).  Numerical  results  (A)  as  obtained  for  homogeneous  nucleation  are  shown  in 
comparison  with  experimental  data  (B).  Open  symbols  are  stresses  at  failure  normalized  by  the 
crack  length  a  (right  axis) .  In  part  A  the  BDT  is  assumed  to  occur  at  a  constant  fracture  toughness, 
which  allows  one  to  define  a  BDT  temperature  Tbdt-  Note  the  different  scales  of  the  figures. 

The  BDT  temperature  is  taken  to  be  the  temperature  at  which  the  maximum  in  fracture 


toughness  is  measured  experimentally.  Since  the  simple  numerical  model  employed  here  is 
not  expected  to  show  a  transition  to  general  yielding,  the  BDT  temperature  is  defined  as  the 
temperature  at  which  KCT\t  reaches  a  fixed  value  /TcrjtjBDT.  Using  this  definition  an  apparent 
activation  energy  £/bdt  is  calculated  from  the  loading  rate  dependence  of  the  numerically 
determined  BDT  temperature  Tbdt  assuming  an  Arrhenius-like  relation 


k 


exp 


/  Ubdt  A 
V  ^Tbdt / 


(4) 


It  is  found  that  the  actual  choice  of  the  fracture  toughness  /Tcrit|BDT  for  the  definition 
of  the  BDT  in  the  2D  model  severely  changes  the  value  of  Tbdt-  However,  it  has  only  very 
little  influence  on  the  calculated  activation  energy  for  the  BDT.  Regardless  of  the  exact  value 
of  AcritleDT  t*16  activation  energy  proves  to  be  equal  to  the  activation  energy  Qe dge  for  the 
glide  of  edge  dislocations  [cf.  Equ.  (1)].  Furthermore,  the  activation  energy  for  the  BDT  is 
independent  of  the  stress  exponent  m,  even  if  m  is  a  function  of  temperature  [6]. 

While  the  scaling  behavior  of  the  numerical  results  with  temperature  and  loading  rate 
provides  valuable  information  on  the  activation  energy  of  the  BDT,  it  is  seen  in  Fig.  3  that 
the  dependence  of  fracture  toughness  on  temperature  differs  significantly  between  experiment 
and  simulation.  The  simulations  that  use  the  homogeneous  nucleation  criterion  give  a  low- 
temperature  fracture  toughness  higher  than  the  experimental  data,  and  a  far  too  moderate 
increase  of  fracture  toughness  with  temperature.  In  contrast,  the  simulations  using  the 
modified  nucleation  criterion  that  accounts  for  discrete  nucleation  sites  correctly  give  fracture 
toughnesses  in  the  range  of  the  experimental  data  for  temperatures  up  to  room  temperature. 
Beyond  room  temperature,  the  density  of  sources  is  high  enough  to  give  a  quasi-homogeneous 
nucleation,  and  the  results  are  the  same  for  both  nucleation  criteria. 
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Figure  4:  Fracture  toughness  Kc rit  as  a  func-  Figure  5:  Fracture  toughness  Kcrit  as  a  func¬ 
tion  of  temperature  T  for  the  same  loading  rates  tion  of  loading  rate  K  (MPa^/in/s)  at  room 

I<  (MPa-y/m/s)  as  in  Fig.  3A,  but  under  the  as-  temperature.  To  get  a  larger  effect  a  source 

sumption  of  discrete  nucleation  sites.  spacing  is  increased  to  A (RT)  =  1.9  ^m,  com¬ 

pared  to  the  usual  value  A  (RT)  =  0.1  fim. 

The  loading  rate  dependence  of  experiment  and  simulation  at  room  temperature  is  com¬ 
pared  in  Fig.  5.  It  is  seen  that  the  two  simulations  give  qualitatively  the  same  dependence. 
Quantitatively,  the  dependence  on  the  loading  rate  is  underestimated  as  compared  with 
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the  experiments.  The  assumption  of  discrete  nucleation  sites  gives  a  lower  overall  fracture 
toughness,  but  only  a  very  small  change  in  the  loading  rate  dependence  at  this  temperature. 

Experiments  conducted  at  liquid  nitrogen  temperature  do  not  reveal  a  significant  load¬ 
ing  rate  dependence  of  the  fracture  toughness,  whereas  the  numerical  simulations  under 
the  assumption  of  homogeneous  nucleation  predict  such  an  -  albeit  small  -  dependence. 
The  loading  rate  dependence  of  the  fracture  toughness  virtually  vanishes  at  liquid  nitrogen 
temperature  if  nucleation  at  discrete  sites  is  considered  (Fig.  4A). 


Figure  6:  Number  N  of  dislocations  emitted  at 
different  temperatures  T  as  function  of  loading 
rate  K.  Dislocation  nucleation  at  discrete  sites 
is  considered.  The  source  spacing  was  set  to 
the  higher  value  X(RT)  =  2  jum,  which  is  higher 
than  the  usual  value. 


The  number  of  dislocations  that  are  emitted  is  strongly  dependent  on  loading  rate  and 
temperature  (Fig.  6).  It  is  seen  that  the  number  of  emitted  dislocations  decreases  rapidly 
with  the  logarithm  of  the  loading  rate,  while  the  decrease  of  the  fracture  toughness  is  only 
linear  (Fig.  5).  The  time  to  fracture  is  approximately  inversely  proportional  to  the  loading 
rate. 


Figure  7:  (A)  Fracture  toughness  /fcrit  as  a  function  of  temperature  T  for  a  finite  lattice  friction 
stress  Tfric  and  the  assumption  of  quasi-homogeneous  dislocation  nucleation  at  all  temperatures. 
The  results  without  lattice  friction  and  both  nucleation  modes  are  shown  for  comparison.  (B) 
Experimental  data  for  a  predeformed  specimen  in  comparison  with  the  reference  values. 


Additional  information  on  the  importance  of  dislocation  nucleation  and  mobility  for  the 
fracture  toughness  and  the  BDT  is  obtained  from  experiments  with  specimens  that  have 
been  predeformed  in  compression  to  10%  plastic  strain  at  400 °C  (Fig.  7B)  [7].  As  discussed 


239 


above,  this  predeformation  is  modeled  by  introducing  a  lattice  friction  stress  and  by  assum¬ 
ing  quasi-homogeneous  dislocation  nucleation  at  all  temperatures  (Fig.  7A).  The  reduced 
dislocation  mobility  leads  to  a  lower  fracture  toughness  at  all  temperatures  if  compared 
with  the  simulation  with  homogeneous  dislocation  nucleation.  For  the  model  of  predeformed 
specimens,  the  increase  in  fracture  toughness  with  temperature  is  smaller  than  in  the  ab¬ 
sence  of  lattice  friction.  Compared  with  the  results  obtained  for  discrete  nucleation  sites,  a 
higher  fracture  toughness  at  low  temperatures  is  obtained  with  the  model  for  predeformed- 
specimens.  At  higher  temperatures,  when  dislocation  nucleation  occurs  more  easily,  the  two 
curves  intersect.  These  results  compare  well  with  the  experimental  observation  (Fig.  7B),  of 
an  increased  low-temperature  fracture  toughness  and  a  shallow  increase  in  fracture  toughness 
with  temperature  for  predeformed  specimens. 

DISCUSSION 

Dislocation  nucleation 


Homogeneous  predeformation  increases  the  density  of  dislocations  throughout  the  mate¬ 
rial.  If  the  dislocation  population  around  the  crack  tip  were  regarded  simply  as  a  polarizable 
medium,  one  would  expect  a  lower  fracture  toughness  with  increased  dislocation  density  (po¬ 
larizability),  because  the  beneficial  shielding  dislocations  would  move  away  from  the  crack  tip 
while  the  fracture-promoting  dislocations  would  move  closer  to  the  crack  tip  [27].  Additional 
energy  dissipation  by  dislocation  motion  is  insignificant  compared  with  crack-tip  shielding 
at  low  temperatures.  Consequently,  the  increase  of  the  measured  low-temperature  fracture 
toughness  with  predeformation  (Fig.  7B)  cannot  simply  be  explained  by  increased  plastic 
flow.  An  increase  in  the  low-temperature  fracture  toughness  for  predeformed  specimens  is 
also  found  in  silicon  [28].  NiAl  is  reported  to  also  show  an  increase  in  the  low-temperature 
fracture  toughness  and  in  the  BDT  temperature  with  predeformation  [29]. 

The  only  reasonable  explanation  for  the  increased  low  temperature  fracture  toughness 
of  predeformed  specimens  is  that  the  preexisting  dislocations  in  the  highly  stressed  region 
around  the  crack  tip  act  as  additional  dislocation  sources,  and  that  the  dislocations  emitted 
from  these  sources  provide  more  efficient  shielding.  This  behavior  is  reproduced  very  well, 
if  the  undeformed  crystal,  which  has  a  low  dislocation  density,  is  described  with  the  dis¬ 
crete  nucleation  model,  while  the  predeformed  crystal,  which  has  a  much  higher  dislocation 
density,  is  described  with  the  homogeneous  nucleation  criterion.  In  contrast,  the  numerical 
simulations  with  the  homogeneous  nucleation  criterion  for  both  cases  do  not  account  for  such 
additional  sources,  and  accordingly  cannot  predict  this  effect  (Fig.  7A). 

At  intermediate  temperatures  the  experiments  show  that  the  beneficial  effect  of  the  pre- 
deformation  vanishes  and  the  fracture  toughness  of  the  predeformed  specimens  is  lower  than 
that  of  the  reference  specimens.  This  is  attributed  to  the  increased  yield  strength  and  lower 
dislocation  mobility  due  to  work  hardening.  Reduced  dislocation  mobility  is  introduced  into 
the  model  simply  as  a  finite  lattice  friction  stress,  which  decreases  the  fracture  toughness 
from  intermediate  up  to  elevated  temperatures.  The  fracture  toughness  at  these  tempera¬ 
tures  therefore  appears  to  be  controlled  by  dislocation  mobility. 

The  importance  of  dislocation  nucleation  at  low  temperatures  becomes  obvious  also  from 
the  dependence  on  loading  rate.  Simulations  assuming  homogeneous  dislocation  nucleation 
do  not  reproduce  the  experimental  observation  of  a  vanishing  loading  rate  dependence  at 
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low  temperatures.  Instead,  the  model  where  dislocation  nucleation  occurs  at  discrete  sites 
and  the  dislocations  have  to  cross  the  gap  between  these  sites  before  the  crack  is  shielded, 
reproduces  the  experimental  results  rather  well.  With  increasing  temperature  this  model 
yields  a  steeply  increasing  nucleation  rate  until  the  nucleation  sites  become  dense  along  the 
crack  front.  At  this  stage,  dislocation  nucleation  occurs  quasi-homogeneously.  The  increase 
in  fracture  toughness  with  temperature  then  becomes  shallower  again  which  results  in  a 
“shoulder”  in  the  toughness  versus  temperature  curve  at  the  temperature  where  dislocation 
nucleation  ceases  to  be  limiting.  Such  a  “shoulder”  is  also  seen  in  the  experimental  fracture 
toughness  curves  (Fig.  3B),  and  in  the  data  obtained  from  other  crystallographic  orientations 
of  the  tungsten  single-crystal  specimens  [7].  A  similar  behavior  is  found  in  7-TiAl  single 
crystals  [30],  as  well  as  in  NiAl  poly  crystals  [31].  One  concludes  that  the  scarcity  of  active 
sources  is  limiting  plasticity  near  the  crack  tip  and  hence  is  limiting  fracture  toughness  at 
low  temperatures.  As  a  consequence,  the  fracture  toughness  does  not  depend  on  the  loading 
rate  at  low  temperatures. 

When  the  temperature  is  sufficiently  high  to  activate  a  large  number  of  sources,  dislo¬ 
cation  mobility  assumes  control  of  the  nucleation  rate  and  the  fracture  toughness  becomes 
rate  dependent.1  This  rate  dependence  is  investigated  experimentally  and  also  with  the  2D 
simulation.  Both  sets  of  data  show  a  decrease  in  fracture  toughness  as  the  loading  rate 
increases  (Fig.  5).  This  observation  is  consistent  with  the  numerically  determined  number 
of  the  emitted  dislocations,  which  increases  rapidly  with  decreasing  loading  rate  (Fig.  6). 
This  is  explained  by  the  shorter  times  to  fracture  at  higher  loading  rates,  which  reduces  the 
distance  that  the  dislocations  can  move  away  from  the  crack  tip.  While  dislocations  close  to 
the  crack  tip  are  quite  efficiently  shielding  on  the  one  hand,  they  also  suppress  the  nucleation 
of  new  dislocations  on  the  other  hand. 

Experimentally  as  well  as  numerically,  the  decrease  in  fracture  toughness  is  found  to  be 
proportional  to  the  logarithm  of  the  loading  rate.  However,  the  simulation  gives  a  more 
moderate  decrease.  Two  important  contributions,  which  increase  the  strain  rate  dependence 
at  a  given  temperature,  are  not  included  into  the  present  2D  model.  First,  the  blunting  of 
the  crack  tip,  which  is  proportional  to  the  number  of  dislocations  emitted,  and  second,  the 
loading  rate  dependence  of  the  additional  length  8,  which  the  dislocations  have  to  overcome 
before  their  shielding  is  accounted  for.  Both  of  them  tend  to  increase  the  dependence  of 
fracture  toughness  on  loading  rate  and  would  therefore  bring  the  simulation  in  even  better 
agreement  with  experiments. 

Activation  energy 


It  is  not  clear  a  priori  whether  a  constant  loading  rate  on  a  precracked  sample  is  trans¬ 
lated  to  the  near-tip  region  as  a  strain  rate  or  as  a  rate  of  stress  increase.  In  view  of  equation 
(1)  this  could  result  in  effective  activation  energies  for  dislocation  motion  of  either  Q  or  Q/m. 
The  simple  2D  model  employed  here  shows,  that  the  activation  energies  for  BDT  and  that 
for  dislocation  motion  are  equal  [4,6]. 

In  the  whole  temperature  regime  of  the  present  investigation,  bulk  plasticity  in  tungsten 
is  believed  to  be  controlled  by  the  mobility  of  screw  dislocations  (see  for  example  [22]). 
The  activation  energy  for  the  glide  of  these  dislocations  is  Qscrew  =  2eV  [20,21].  The 

xWe  note  here  that  in  materials  like  dislocation-free  silicon  dislocation  nucleation  can  be  suppressed  up 
to  the  BDT  temperature  [32]. 
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activation  energy  for  the  BDT  C/bdt  =  0.2 eV  (derived  from  Fig.  3B)  is  much  closer  to  the 
activation  energy  for  the  glide  of  non-screw  (edge)  dislocations,  Qedge  =  0.2  -  0.5  eV  [18,20]. 
Consequently,  the  development  of  a  plastic  zone  at  the  crack  tip  does  not  appear  to  be 
limited  by  the  same  mechanisms  as  bulk  plasticity.  The  difference  in  the  apparent  activation 
energies  is  also  found  in  NiAl  single  crystals  [29],  but  seems  to  be  restricted  to  bcc  or  CsCl- 
(B2)-structures,  where  large  differences  in  the  mobility  of  edge  and  screw  dislocations  are 
found.  In  materials  as  silicon  [16]  and  germanium  [17]  the  activation  energies  for  BDT  and 
dislocation  motion  are  found  to  be  equal. 

The  high  activation  barrier  for  screw  dislocation  motion  can  only  be  overcome  in  the 
highly  stressed  region  around  the  crack  tip.  As  discussed  above,  a  dislocation  -  either  one 
that  is  nucleated  at  the  crack  tip  or  a  pre-existing  one  -  moving  “athermally”  in  the  high 
stress  field  along  the  crack  tip  will  generate  dislocation  segments  of  non-screw  character 
parallel  to  the  crack  tip.  These  non-screw  (edge)  dislocations  are  mobile  and  are  expected  to 
provide  efficient  shielding.  However,  the  restriction  of  this  mechanism  to  the  highly  stressed 
crack-tip  region  implies  that  the  low  apparent  activation  energy  for  the  BDT  results  from 
processes  near  the  crack  tip,  whereas  bulk  dislocation  multiplication  cannot  be  limiting  the 
BDT.  The  details  of  these  crack-tip  sources  need  to  be  studied  further  in  order  to  better 
understand  their  mechanisms  of  operation.  Specifically  dislocation  multiplication  processes 
near  the  crack  tip  and  whether  they  can  provide  sufficiently  many  edge  dislocations  to  induce 
the  transition  to  ductile  behavior  need  further  investigation. 


Brittle-to-ductile  transition 


The  comparison  of  experimental  and  numerical  results  shows  the  importance  of  disloca¬ 
tion  nucleation  for  the  low  temperature  fracture  toughness.  It  also  becomes  evident  that 
any  physical  model  for  the  BDT  must  necessarily  include  dislocation  mobility,  and  cannot 
be  based  on  dislocation  nucleation  exclusively.  However,  the  physical  origin  of  the  steep 
increase  in  fracture  toughness  shortly  below  the  BDT  temperature  remains  yet  unidentified. 
This  process  is  strongly  dependent  on  the  state  of  predeformation  (see  Fig.  7B  and  [28,29]) 
and,  moreover,  strongly  rate  dependent. 

The  model  proposed  by  Khanta,  Vitek,  and  Pope  [2]  of  a  sudden  increase  in  the  dislo¬ 
cation  density  caused  by  a  Kosterlitz-Thouless-type  instability,  predicts  such  a  very  steep 
increase  in  fracture  toughness.  However,  in  the  form  in  which  it  is  published,  the  model  can 
neither  explain  the  experimentally  observed  rate  dependence  of  the  BDT,  nor  the  increase 
in  the  BDT  temperature  with  predeformation. 

On  the  other  hand,  the  model  proposed  by  Nitzsche  and  Hsia  [4]  predicts  a  rather  sharp 
and,  moreover,  rate  dependent  BDT  from  a  continuum  model  by  employing  rate  dependent 
plastic  (bulk)  deformation.  The  apparent  activation  energy  for  the  BDT  obtained  from  this 
model  is  the  same  as  that  for  bulk  plasticity.  This  seems  to  exclude  this  model  as  a  possible 
explanation  for  the  steep  increase  in  fracture  toughness  below  the  BDT  temperature.  How¬ 
ever,  if  the  crack  tip  region  were  injecting  a  large  number  of  edge  dislocations  into  the  bulk, 
a  limited  amount  of  (micro)-plasticity  would  be  possible  without  dislocation  multiplication 
in  the  bulk.  The  implementation  of  this  feature  into  the  Nitzsche-Hsia  model  could  explain 
the  experimental  observations. 

An  important  feature  which  has  been  neglected  so  far  in  our  model  is  the  blunting  of 
the  crack  tip.  Since  a  blunted  crack  cannot  propagate  through  the  crystal,  an  atomically 
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sharp  crack  has  to  be  re-initiated  to  permit  crack  advance  [33].  For  a  radius  of  curvature 
of  the  blunted  crack  tip  is  below  a  few  Burgers  vectors  the  critical  stress  intensity  for  re¬ 
initiation  increases  only  marginally  [33],  but  re-initiation  becomes  increasingly  difficult  for 
larger  amounts  of  blunting.  The  blunting  of  the  crack  tip  is  proportional  to  the  number  of 
dislocations,  and  therefore,  it  is  also  rate  dependent  ( cf .  Fig.  6).  Additional  investigations  are 
necessary  to  determine  quantitatively  how  large  amounts  of  blunting  impede  crack  advance. 
Additionally,  the  blunting  of  the  crack  tip  could  also  affect  the  dislocation  nucleation  in  its 
vicinity. 

CONCLUSIONS 

The  results  presented  here  clearly  show  that  the  fracture  toughness  in  the  semi-brittle 
regime  is  strongly  dependent  on  the  availability  and  activity  of  dislocation  sources.  A  model 
assuming  easy  (homogeneous)  dislocation  nucleation  cannot  satisfactorily  explain  the  exper¬ 
imental  observations.  Instead,  if  dislocation  nucleation  from  discrete  nucleation  sites  along 
the  crack  front  is  introduced,  the  model  predicts  multiple  features  that  are  found  experi¬ 
mentally,  as  for  example  the  increased  fracture  toughness  for  predeformed  specimens  at  low 
temperatures  and  the  vanishing  loading  rate  dependence  at  low  temperatures.  With  rising 
temperature  dislocation  nucleation  becomes  easier  and  eventually  can  be  seen  as  occurring 
quasi-homogeneously.  At  this  stage  the  fracture  toughness  becomes  rate  dependent,  which 
indicates  that  dislocation  mobility  is  now  the  limiting  factor. 

Immediately  below  the  BDT  temperature,  the  fracture  toughness  rises  steeply.  The 
process  that  causes  this  steep  rise  remains  unidentified.  However,  the  dependence  of  the  BDT 
temperature  on  loading  rate  and  the  state  of  predeformation  indicates  that  this  process  is 
controlled  by  dislocation  mobility.  Dislocation  nucleation  at  the  crack  tip  can  be  excluded  as 
controlling  mechanism  because  it  already  ceases  to  control  fracture  toughness  at  significantly 
lower  temperatures.  The  apparent  activation  energy  for  the  BDT,  which  is  significantly  lower 
than  that  for  bulk  deformation,  suggests  that  the  BDT  originates  from  processes  taking  place 
in  the  highly  stressed  region  close  to  the  crack  tip. 
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Abstract 

Mechanical  properties  of  copper  and  aluminum  have  been  studied  using  finite  temper¬ 
ature  molecular  dynamics  simulations.  Atomic  interactions  have  been  described  by  a 
many-atom  effective  medium  potential,  which  takes  into  account  interactions  up  to  third 
neighbors.  The  computed  elastic  constants  showed  good  agreement  with  experimental 
data.  Encouraged  by  these  results  the  model  was  applied  to  study  fracture  in  copper. 
Systems  with  a  grain  boundary  and  an  initial  cut  serving  as  a  crack  seed  have  been  stud¬ 
ied.  In  the  first  case,  crack  nucleation  and  propagation  took  place  exclusively  at  the  grain 
boundary.  In  the  second  case,  dislocation  propagation  was  observed  in  one  of  the  <110> 
directions,  with  a  speed  of  about  60%  of  the  longitudinal  speed  of  sound.  For  thin  systems 
crack  propagation  occurred  through  micro- void  coalescence  with  a  speed  of  about  30%  of 
the  Rayleigh  wave  speed  in  copper. 


Introduction 

There  has  been  considerable  interest  in  the  dynamics  of  fracture.  From  the  physics  point 
of  view  fracture  in  solid  materials  involves  processes  on  a  wide  range  of  length  and  time 
scales.  The  different  scales  may  be  treated  theoretically  by  using  macroscopic  continuum 
models  [1],  mesoscopic  spring  models  [2]  or  by  truly  microscopic  models  with  an  inter¬ 
atomic  potential.  In  this  paper  we  focus  on  the  atomistic  modeling. 

Earlier,  due  to  the  lack  of  realistic  potentials,  approximate  pair-potentials,  e.g.  Morse 
[3],  Lennard- Jones  [4]  or  Johnson  [3]  potentials,  have  often  been  used.  However,  since 
these  pair-potentials  favor  brittle  behavior  [4],  recently  many-body  potentials  have  been 
proposed  as  better  descriptions  of  ductile  materials,  such  as  metals. 

In  this  work  we  study  mechanical  properties  of  copper  and  aluminum  using  a  realistic 
many-atom  potential  with  a  strong  ab  initio  character.  Unlike  the  simulations  by  Zhou 
et  al  [5],  at  zero  temperature,  we  have  undertaken  an  investigation  for  low  and  high 
temperatures.  First,  we  investigate  how  accurately  the  many-atom  potential  describes 
the  elastic  behavior  of  copper  and  aluminum.  We  compute  the  elastic  constants  and 
compare  them  with  experimental  values.  We  also  investigate  how  the  results  depend  on 
system  size  and  temperature.  Then  we  study  crack  and  dislocation  propagation  in  systems 
with  a  grain  boundary  or  an  initial  cut. 
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Model 


In  our  model  the  interactions  between  atoms  have  been  described  with  the  effective- 
medium  theory  model  potential  (EMT)  [6].  EMT  has  been  shown  to  be  a  powerful 
scheme  for  describing  several  bulk  and  surface  properties  of  metals.  The  many-atom 
nature  of  metallic  cohesion  is  crucial  in  most  of  these  problems,  and  the  EMT  shows  a  clear 
advantage  over  the  classical  pair  potentials.  Compared  to  other  many-atom  potentials  for 
metals,  EMT  has  the  strongest  ab  initio  nature,  since,  in  principle,  all  the  parameters 
needed  in  the  total-energy  expression  can  be  calculated  using  the  jellium  model  and 
density-functional  theory  with  the  local-density  approximation  [7].  In  the  present  work 
an  extended  version  of  the  original  EMT  scheme  is  used,  which  takes  into  account  atomic 
interactions  up  to  third  nearest  neighbors  and  is  known  to  improve  molecular  dynamics 
results  for  several  thermodynamic  quantities  and  defect  energies  [8]. 

We  have  simulated  both  tensile  and  shear  loading  tests  using  the  Molecular  Dynamics 
(MD)  approach.  Newton’s  equations  of  motion  are  numerically  integrated  with  the  ve¬ 
locity  Verlet  algorithm  [9].  Initially,  atoms  are  placed  in  the  sites  of  an  ideal  fee  lattice. 
A  small  Gaussian  random  noise  is  added  to  the  coordinates  and  the  velocities  are  se¬ 
lected  from  a  finite  temperature  (T  =  293 K  and  T  =  10 K)  Maxwell  distribution.  During 
the  course  of  the  simulations  the  temperature  is  controlled  by  keeping  the  system  only 
partially  in  contact  with  a  thermostat,  leaving  the  middle  region  (zone  in  which  fracture 
occurs)  intact.  We  used  a  Nose-Hoover  thermostat  in  decaying  contact  with  the  upper  and 
lower  thirds  of  the  system  [10].  The  external  loading  was  applied  such  that  in  the  tensile 
test  the  atoms  at  opposite  boundaries  were  moved  apart  vertically  and  in  the  shear  test 
they  were  moved  horizontally  in  opposite  directions.  In  an  attempt  to  minimize  border 
effects  the  system  was  strained  in  a  smooth  way,  as  described  in  Ref.  [10]  in  detail. 


Elastic  constants  of  copper  and  aluminum 

In  order  to  study  elastic  properties  of  copper  and  aluminum,  MD  simulations  of  tensile 
and  shear  tests  were  done  in  samples  of  cubic  shape.  Three  different  orientations,  with 
the  faces  of  the  cube  given  by  ([100], [010], [001]),  ([Oil], [Oil], [100])  and  ([112], [111], [110]), 
were  considered.  In  each  of  these  three  cases  the  elastic  modulus  ( YdtTn )  was  calculated  in 
the  d  =  [010],  [011]  and  [111]  direction,  and  for  tensile  or  shear  modes,  m  =|j  or  m  =_L, 
respectively,  from  the  smoothed  stress  (a)  vs.  strain  (e)  curves  [10]  using  YdjTn  =  |^j  _  . 
The  system  size  dependence  of  these  moduli  was  studied  in  systems  with  104  to  3  x^O5 

atoms,  showing  no  size  dependence  for  systems  with  more  than  105  atoms.  It  can  be 

shown  that  these  moduli  Ydim  can  be  related  to  the  elastic  constants,  cy,  as  follows  [11]: 

Vjoioj.il  =  cn  Y[0io],±  =  c44 

*[011], II  “  2CH  +  |C12  +  C44  *[011] ,1  =  |Cn  -  ~C\2  (1) 

*[1U].II  =  lC  11  +  iC12  +  1^44  *[111], JL  =  |cn  -  |ci2  +  5C44. 

For  comparison  purposes  in  Table  1  we  have  collected  the  experimental  and  simulation 
results  for  both  copper  and  aluminum,  at  low  and  high  temperatures.  For  copper  the 
differences  in  all  cases  range  from  1  to  13%  while  for  aluminum  the  differences  are  larger, 
ranging  from  9  to  23%.  Thus  we  conclude  that  EMT  describes  very  well  and  reasonably 
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Copper 

Aluminum 

Cll 

C12 

C44 

cn 

cn 

C44 

Experimental  (300K) 

168.4 

121.4 

75.4 

106.8 

60.7 

28.2 

MD  (293K) 

176.9 

132.8 

73.7 

85.1 

66.0 

33.6 

Difference  (%) 

5.0 

9.3 

2.3 

20.3 

8.7 

19.1 

Experimental  (OK) 

176.2 

124.9 

81.8 

114.3 

61.9 

31.6 

MD  (10K) 

193.1 

140.4 

82.7 

97.4 

73.1 

38.8 

Difference  (%) 

9.6 

12.4 

1.1 

14.8 

18.1 

22.8 

Table  1:  Experimental  [12]  and  simulated  (MD)  elastic  constants  of  copper  and  aluminum 
(GNm~2). 


well  the  elastic  properties  of  copper  and  aluminum,  respectively. 


Fracture  in  copper 

Next  we  present  MD  studies  of  crack  propagation  in  copper  with  two  types  of  defects.  The 
first  type  of  defect  is  a  grain  boundary  and  we  study  how  it  affects  crack  nucleation  and 
propagation.  The  other  defect  is  an  initial  cut  which  acts  as  a  seed  for  crack  propagation. 

A  model  system  with  a  45  degree  tilt  grain  boundary  was  generated.  The  tilt  axis 
coincides  with  one  of  the  main  axis  of  the  fee  lattice.  Prom  the  previous  study,  the  elastic 
moduli  of  the  two  parts  of  the  system  are  known.  By  computing  the  elastic  moduli  of 
the  composite  system  it  is  then  possible  to  assess  the  effect  of  the  grain  boundary  on  the 
elastic  properties.  Two  geometries  were  studied  as  shown  in  Fig.  1. 


Figure  1:  The  system  with  45  degree  tilted  grain  boundary  where  the  vertical  boundaries 
are  periodic  (a)  or  free  (b).  Tensile  loading  was  applied  in  the  vertical  direction. 

The  geometry  in  Fig.  la,  with  two  boundaries,  enables  the  use  of  periodic  boundary 
conditions  in  the  plane  perpendicular  to  the  tensile  loading  direction.  The  simulations  for 
the  two  geometries  were  carried  out  in  a  similar  way:  initially  the  system  was  allowed  to 
thermalize  at  T  —  10 K\  subsequently  strain  was  applied  at  a  prescribed  rate  (~  10"7s-1). 
In  Fig.  2  we  show  a  sequence  of  snapshots  displaying  the  time  behavior  of  the  first  test 
geometry. 
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(a)  (b)  (c) 


Figure  2:  Atomic  configuration  of  the  system  for  strain  values  (a)  7.1,  (b)  8.0,  (c)  8.7, 

(d)  9.2,  (e)  16.0  and  (f)  24  %.  The  crack  propagates  along  the  grain  boundary  through 
coalescing  micro-voids. 

It  is  seen,  as  expected,  that  a  crack  nucleates  at  the  apex  of  the  grain  boundary,  where  the 
stress  concentration  factor  is  maximum.  The  crack  then  proceeds  along  the  boundary.  In  a  final 
stage,  before  total  breaking,  sliding  of  two  of  the  differently  oriented  edges  is  observed.  The 
elastic  modulus  of  the  composite  system  was  found  to  be  210  GPa.  This  value  should  be  com¬ 
pared  with  the  elastic  moduli  of  the  two  isolated  crystallites,  which  are  194  and  244  GPa  for 
crystallites  (i)  and  (ii)  in  Fig.  1,  respectively.  In  Fig.  3  we  show  a  sequence  of  snapshots  for  the 
second  test  geometry.  It  is  seen  that  in  this  case  no  crack  evolves  and  the  final  failure  occurs  in 
the  form  of  the  two  grains  sliding  along  the  grain  boundary. 


Figure  3:  Tensile  test  with  free  boundaries  for  strain  values  (a)  3.3,  (b)  5.9  and  (c)  15  %. 

The  grains  slide  along  the  grain  boundary,  shown  as  a  line  in  (a). 

As  a  second  type  of  defect  we  studied  how  an  initial  seed  for  the  crack  affects  otherwise 
perfect  systems.  In  a  bulk  system  with  free  boundaries  a  crack  was  not  seen  to  propagate  even 
for  large  elongation.  Beyond  the  elastic  region,  plastic  deformation  occurred  in  the  form  of  dis¬ 
location  emission.  Dislocation  propagation  may  be  seen  as  a  result  of  the  fact  that  the  potential 
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energy  near  a  dislocation  is  larger  than  that  in  ordered  bulk.  In  the  simulations  the  dislocations 
were  found  to  propagate  in  the  [101]  crystal  orientation  with  the  speed  of  3 150m/s,  which  is 
roughly  60  %  of  longitudinal  elastic  wave  speed  in  copper. 

Unlike  in  a  bulk  system  with  free  boundaries,  in  a  very  thin  system  (only  3  lattice  constants 
in  z  direction)  crack  propagation  was  seen  both  with  free  and  periodic  boundaries.  When  this 
system  was  elongated  in  the  [Oil]  crystal  orientation  (y  direction)  at  T=10K,  crack  propagation 
in  the  [0 1 1]  orientation  (x  direction)  was  seen.  Prior  to  local  rupture  the  process  region  became 
thinner  and  crack  propagation  was  seen  as  a  result  of  coalescing  micro-voids,  see  Fig.  4. 
Through  this  mechanism  the  crack  was  seen  to  propagate  with  a  small  velocity  of  approximately 
630m/s.  When  the  loading  is  applied  along  y=[010]  (with  x=[100])  the  crack  seemed  to  propa¬ 
gate  in  [1 10]  and  [110]  orientations  giving  evidence  that  the  <1 10>  orientations  are  somehow 
preferred  for  crack  propagation.  On  the  other  hand,  when  y=[l  11]  (with  x=  [  1 1 2] )  the  crack 
was  seen  to  grow  in  the  directions  ±f  2y-l]  =  ±[330],  giving  once  again  evidence  of  the 
same  preferred  orientation.  This  fact  was  originally  observed  by  Abraham  [13],  who  argued  that 
a  crack  tends  to  favor  the  maximum  surface  energy  path. 


(a)  (b)  (c) 


Figure  4:  Snapshots  of  crack  propagation  in  a  thin  system  (of  3  atomic  layers  with  the 
total  of  200  000  atoms)  at  lOKJLoading  is  along  the  [011]  crystal  orientation  and  the 
crack  propagates  along  the  [Oil]  orientation  through  micro-void  generation  and  coal¬ 
escence  with  the  crack.  The  total  strain  is  (a)  9.8,  (b)  12.0  and  (d)  17  %. 

Conclusions 

In  this  paper  we  have  studied  mechanical  properties  of  copper  and  aluminum  using  finite 
temperature  molecular  dynamics  method  and  the  effective-medium  theory  potential.  First  we 
checked  the  accuracy  of  the  model  by  comparing  the  values  of  elastic  constants  from  simula¬ 
tions  with  the  experimentally  measured  ones.  This  comparison  was  very  encouraging  for  using 
the  model  for  studying  fracture  behavior.  This  was  done  for  copper  by  introducing  two  types  of 
defects:  a  grain  boundary  and  a  large  void  to  serve  as  a  seed  for  crack  propagation. 

In  a  system  with  a  grain  boundary  and  periodic  boundary  condition  a  crack  was  seen  to  in¬ 
itiate  at  the  point,  where  strain  concentration  due  to  the  difference  of  the  modulus  of  the  grain 
boundary  and  the  modulus  of  the  ordered  bulk  was  largest.  After  initiation,  the  crack  propagated 
along  the  grain  boundary.  These  findings  agree  with  what  have  been  observed  experimentally 
in  copper. 


In  bulk  systems  with  free  boundaries  and  an  initial  cut  serving  as  a  crack  seed  were 
studied  for  {111}  slip  plane  and  crack  propagation.  Dislocations  were  seen  to  propagate 
in  one  of  the  <110>  directions  with  a  speed  of  about  60%  of  the  longitudinal  speed  of 
sound.  In  thin  systems,  with  free  boundaries  and  an  initial  side  cut,  crack  propagation  was 
observed.  For  all  initial  conditions  the  crack  propagated  in  a  <110>  crystal  orientation 
by  micro-void  coalescence,  with  the  speed  of  only  about  30%  of  the  Rayleigh  wave  speed 
in  copper. 

Finally  we  conclude  that  EMT  molecular  dynamics  simulations  serve  as  a  realistic  tool 
for  studying  complicated  mechanical  processes  in  fee  metals. 
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ABSTARCT 

The  incremental  in-plane  Green-Lagrange  strain  tensor  was  measured  near  a  stationary 
crack  tip  in  a  cyclically  work-hardened  copper  single  crystal.  Measurements  were  made  on  the 
surface  of  a  four-point  bend  specimen,  using  a  finite-deformation  laser  moire  interferometer.  The 
measurement  showed  the  existence  of  a  narrow  asymptotic  field  beyond  a  distance  of  300  pm 
from  the  crack  tip.  The  inner  boundary  of  the  asymptotic  zone  was  almost  fixed  at  a 
characteristic  distance  ahead  of  the  crack  tip.  This  length  scale  is  thought  to  arise  from  a 
microstructural  evolution  near  the  crack  tip.  The  inhomogeneous  hardening  due  to  glide-band 
clustering  and  patchy  slip  in  a  small  volume  near  the  crack  tip  triggered  such  an  evolution.  The 
outer  boundary  of  the  asymptotic  zone  radially  grew  with  the  increasing  load.  The  deformation 
field  was  found  to  be  very  sensitive  to  additional  mode  II  loading. 


INTRODUCTION 

Understanding  the  deformation  and  fracture  processes  at  the  single  crystal  level  provides  better 
understanding  of  the  operative  mechanisms  in  polycrystalline  aggregates,  that  induce  crack 
propagation  or  blunting,  crack  and  void  nucleation  at  grain  boundaries,  and  deformation-induced 
microstructure  evolution  which  may  cause  size  dependent  toughness.  This  work  focuses  on  the 
measurement  of  the  near-crack-tip  plastic  flow  and  deformation  field  in  a  cyclically  work- 
hardened  copper  single  crystal  and  the  evolution  of  microstructures  caused  by  inhomogeneous 
large  deformation.  The  deformation  field  was  measured  with  a  finite-deformation  laser-moire 
interferometer  at  a  length  scale  resolving  the  deformation  within  individual  sectors  around  the 
crack  tip.  From  such  measurements,  the  in-plane  Green-Lagrange  strain  components  were 
derived  and  compared  with  those  of  plane-strain  analytical  and  finite  element  analyses,  to  check 
the  limit  of  homogenized  continuum  description  of  the  crack-tip  field.  The  measurements  were 
carried  out  on  an  incrementally  loaded  four-point-bending  specimen  (4PBS). 

Homogenized  continuum  aspects  of  the  elasto-plastic  near-crack-tip  field  have  been  studied 
extensively  by  many  researchers  and  were  shown  to  be  influenced  by  various  material  and 
geometric  factors.  The  material  factors  are  typically  yielding  and  hardening  behaviors.  The 
geometric  factors  stand  for  crack-tip  bluntness,  and  both  specimen  and  loading  geometries. 
These  issues  have  been  studied  in  ductile  single  crystals  either  analytically  [1-3]  or  numerically 
[4-6].  In  a  single  crystal,  the  general  plane-strain  crack-tip  asymptotic  field  was  shown  to  have  a 
sector-type  structure,  due  to  the  activation  of  pairs  of  planar  slip  systems  [1].  For  perfect  plastic 
flow,  the  stress  state  is  uniform  within  each  sector  and  corresponds  to  one  of  the  in-plane  yield 
surface  vertices.  The  orientation  of  the  sector  boundaries  correspond  to  either  slip  plane  traces 
(shear  mode)  or  their  normals  (kink  mode).  The  sector  boundaries  experience  jump  in  stress 
state,  that  corresponds  to  moving  from  one  vertex  to  its  adjacent  one,  as  well  as  a  slip 
displacement  discontinuity  due  to  concentrated  plastic  shearing.  The  near  crack  tip  field  was 
further  shown  to  have  HRR-type  singularity  if  the  crystal  is  assumed  to  follow  Taylor  power-law 
hardening  [2].  Other  hardening  rules  has  also  been  implemented  [3]. 
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Limited  experimental  observations  have  been  reported  for  measuring  the  in-plane  deformation 
field  around  the  crack  tip  in  single  crystals  using  geometrical  moire  [7]  etch  pit  [8]  and  high 
resolution  moire  [9].  These  measurements  were  made  at  the  elastic-plastic  transition  field,  where 
the  plastic  strain  has  the  same  order  of  the  yield  strain.  They  bear  some  resemblance  to  the 
angular  sectors  of  HRR  asymptotic  solution  [2]. 


In  this  work,  we  were  interested  in  experimentally  examining  the  homogenized  treatments  of 
crystal  plasticity  and  the  use  of  continuum  mean-field  constitutive  relations.  The  limitation  of  the 
homogenized  approach  will  be  determined  by  examining  the  measured  domain  of  validity  of  the 
HRR-type  asymptotic  field.  This  approach  requires  a  well  known  hardening  characteristics. 
Therefore,  a  cyclically  work  hardened  copper  crystal  was  selected  in  order  to  exhibit  an 
approximate  Taylor  power  law  hardening  behavior.  Furthermore,  a  large  deformation  laser  moire 
interferometer  [10]  was  used  to  measure  the  large  heterogeneous  deformation  near  the  crack-tip, 
where  the  HRR-type  asymptotic  field  is  prevailing.  Lagrangian  formulation  was  implemented  to 
allow  the  same  material  point  to  be  traced  through  the  deformation  history  [1 1,  12]. 

EXPERIMENT 

Copper  Single  Crystal  Preparation: 

The  copper  crystal  was  grown  from  an  oriented  seed  in  a  graphite  mold  under  argon 
environment,  using  the  Bridgeman  technique.  The  oriented  crystal  (Fig.  1-a)  was  cut  using  a  wire 
cutting  electro-discharge  machine  (EDM).  Two  brass  extensions  were  silver  brazed  to  the  single 
crystal  section  to  form  an  extended  beam  (Fig.  1-c).  The  extended  beam  is  cyclically  hardened 
along  the  axis  in  a  fully  reversed  tension-compression  using  reported  procedure  [13]  to  avoid 
formation  of  slip  bands  and  cell  boundaries.  This  hardening  technique  insures  a  degree  of 
macroscopic  matrix  structural  homogeneity  (veins  or  loop  patches  of  dislocation  network)  The 
compression  test  of  the  hardened  crystal  exhibited  power  law  hardening  with  hardening  exponent 
n=8  and  a  yield  strength  of  <70  =120  MPa  in  the  [100].  Details  of  the  hardening  process  are  given 
m  [1 1,  12].  An  EDM  notch  of  2.06mm  length  and  front  notch  radius  of  55pm  was  introduced.  A 
fatigue  crack  was  grown  from  the  notch  under  a  50pm  plastic  zone  to  a  length  of  0.49mm  and 
radius  r0  <  2pm.  The  specimen  has  a  rectangular  cross  section  of  width  w=6.33mm  thickness 
*=4.77mm  and  a  total  crack  to  width  ratio  a/w=0.41  (Fig.  1-c).  The  specimen  surface  is  lapped 
for  flatness  and  polished  to  a  mirror  like  surface.  A  positive  photo  resist  coating  (Shieply  304)  is 
spun  over  the  surface  and  a  cross  grating  of  5000  1/in  is  printed  with  standard  lithography 
methods  through  mask  printing.  The  corresponding  FCC  planar  yield  surface  is  shown  in  Fig  1- 
b  with  the  corresponding  slip  traces  marked  relative  to  the  shown  crack  direction. 

Testing 

The  specimen  was  loaded  in  a  4-point  bending  jig  by  a  computer  controlled  Instron  machine  in  a 
displacement  control  mode.  The  crack  root  opening  displacement,  5r,  was  recorded  via  a  clip 
gauge  over  the  crack  mouth.  The  load,  F  vs.  5r  curve  is  shown  in  Fig.  1-c.  Moire  fringes  were 
recorded  at  the  indicated  positions  on  Fig.  1-c.  A  nominal  J- value  is  evaluated  from  the  area 
under  the  F-d,  curve  [14].  The  /-value  is  used  to  set  a  size  scale  J/aQ.  The  experimentally 
estimated  size  scale  is  used  for  comparison  with  theoretical  and  finite  element  predictions. 

Strain  Measurements 

The  implemented  large  deformation  laser  moire  interferometry  [10]  has  a  variable-reference¬ 
grating  to  increase  the  dynamic  range  of  the  strain  measurement  (0.1  %<  e  <  10%)  This 
technique  also  minimizes  the  measurement  error  caused  by  the  deformation-induced  surface 
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roughness.  After  each  loading  increment  the  surface  of  the  specimen  was  interrogated  by  two 
virtual  reference  gratings,  the  reciprocal  grating  vector  of  which  is  ga,tf  =  l,2.  Two  moire 
patterns  with  a  fringe  number  variation  dfa(x)  were  digitally  recorded.  The  number  of  fringes 
within  a  distance  dx  on  the  deformed  configuration  is  given  by  the  moire  equation  [10] 

dfa=gadx-GadX  a -1,2  (1) 

Here  X  represents  a  point  on  the  specimen  surface  over  the  undeformed  configuration  and  x  is  its 
image  over  the  deformed  configuration,  and  G  is  the  effective  specimen  surface  grating  [10].  By 
taking  the  material  derivative  of  (1),  we  get  [1 1, 12] 

FT-(ga-V/a)  =  G“  oc  =  1,2  (2) 

from  which  the  deformation  gradient  tensor  F  can  be  obtained.  The  components  of  the  Green- 
Lagrange  strain  tensor  are  ready  to  be  evaluated  over  the  undeformed  configuration  from 

E  =  j(FTF-l)  (3) 

Integration  of  (1)  from  a  reference  point  X0  to  any  general  point  X,  for  g=const.,  provides  the 
mapping  function  between  the  deformed  and  undeformed  configuration  [11,  12] 

/“-/;=g“(x-x0)-G“(X-X„)  (4) 


Once  the  strain  field  was  mapped  onto  the  undeformed  configuration,  an  effective  crack-tip 
position  has  been  allocated  at  each  loading  increment  from  the  near-crack-tip  strain  field  [11, 12]. 


Fig.  1 .  (a)  Crack  orientation.  (b)  The  Corresponding  Planar  yield  surface. 

(c)Load  vs.  crack  root  opening  displacement  curve  with  analysis  positions  marked. 
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RESULTS 
Crack-Tip  Field 


Typical  moire  fringes  are  shown  in  Fig.  2,  for  the  deformation  at  position  3  in  Fig.  1.  The  third 
insert  corresponds  to  the  maximum  in-plane  shear  strain  distribution, 

(7  max  “  'J(£xx-eyy)2+4£2X},  ).  This  strain  distribution  shows  the  deformation  clustering  and  the 

sector  type  behavior  around  the  crack-tip.  The  strain  field  inherited  some  asymmetry  due  to  the 
slight  degree  of  mode  mixity. 


1000  500  0  -500  -1000  nm 

Fig.  2.  The  vertical /j,  and  horizontal/*  moire  fringes  and  the  corresponding  y^  at  position  3 
on  Fig.l,  (£>/(//cjo)  =  15). 


Asymptotic  Field 

The  experimentally  measured  strain  field  has  been  examined  for  the  existence  of  an  asymptotic 
field  of  the  HRR-type  for  the  angular  and  radial  strain  dependence  [1-3].  The  angular  strain 
dependence  was  determined  by  following  the  direction  of  the  incremental  strain  trajectories  on 
the  reduced  Mohr  strain  plane,  and  employing  the  normality  rule  to  identify  the  stress  state  [11- 
12].  The  surface  textures  around  the  crack-tip  within  8 00 Jim  and  the  corresponding  active  slip 
system  from  moire  measurements  and  the  HRR-type  asymptotic  field  [2]  are  presented  in  Fig.  3. 
The  radial  strain  distribution  was  examined  at  each  loading  increment  to  allocate  the  annular 
region,  if  any,  within  which  the  strain  has  a  radial  dependence  of  the  type  e  ~  r_n'/n+1  with  the 
hardening  exponent  n.  By  averaging  the  inner  and  outer  radii  of  this  asymptotic  zone  at  each 
loading  step,  Fig.  4  is  constructed  to  show  the  validity  of  the  asymptotic  field  at  each  loading 
step.  On  this  plot,  the  horizontal  axis  represents  a  size  scale,  set  by  the  external  loading  as  the 
applied  /-value  normalized  by  ao .  The  vertical  axis  is  the  distance  from  the  crack  tip. 

The  theoretical  /-level  scaling  of  the  asymptotic  field  limits  are  also  summarized  on  Fig.  4.  The 
initial  blunted  notch  radius,  r0  and  the  finite  deformation  zone  influence  the  inner  bound  of  the 
asymptotic  field.  At  an  early  stage  of  loading,  the  effect  of  r0  extends  to  a  distance  of 
r/r0<4[l].It  is  represented  on  Fig.  4  by  a  horizontal  line,  which  is  a  non-evolving  structural 
factor.  Once  the  plastic  zone  grows,  the  influence  of  the  original  notch  geometry  is  lost  and  the 
finite  deformation  zone  starts  growing  to  a  limit  of  r/(//cro)  =  1.0  (for  a/w=0.5  and  n=10)  [15]. 
It  is  represented  by  a  radial  line  emanating  from  the  origin  with  a  conservative  estimate  of  its 
slope  of  r/(//crJ  =  1.25.  The  outer  bound  of  the  asymptotic  zone  is  initially  limited  to  small 
scale  yielding  results,  {-10%  of  the  plastic  zone  radius,  0.1Rp  =0.1(E/2^o'0)(//(T())  }.  At  large 

strains  and  fully  plastic  conditions,  the  specimen  finite  dimensions  influence  the  asymptotic  field 
outer  bound  {  3J/co  and  extends  to  0.12  b  (for  a/w=0.9  and  b/(J/cro )  =  25)  [16,  17]}.  On  Fig.  4, 
the  outer  bound  is  set  approximately  to  0.2  b  to  account  for  differences  in  the  a/w  ratio. 
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Fig.  3.  Surface  texture  (inner)  and  slip  activity 
from  moire  (intermediate,  “(  )”)  and  HRR- 
type  asymptotic  solution  [2]  (outer,  “[  ]”), 
within  800  mm  from  the  crack  tip.  Numbers 
correspond  to  active  slip  systems  on  Fig.  1-b. 


Fig.  4.  Domain  of  validity  of  various 
constraints. 


The  constructed  asymptotic  limit  map  shows  that  the  inner  bound  was  almost  independent  of  the 
applied  loading  and  was  set  at  300  pm  for  an  extended  range  of  7/cr,  <  250  pm.  However,  at 
higher  loadings  it  started  to  expand,  evolving  with  deformation  and  followed  the  finite 
deformation  limiting  bound.  The  outer  boundary  evolved  with  deformation  and  varied  from 
SJ/o0  at  b/(J/( Tj  =  42  to  1.75//<td  at  b/U/°0)  = 103 •  Other  tested  samples  of  the  hardened 
copper  crystals  showed  the  same  asymptotic  field  limits,  [12]. 


DISCUSSION  AND  CONCLUSION 


The  incremental  surface  measurements  of  the  in-plane  components  of  the  Green  Lagrange  strain 
tensor  on  a  fatigue  precracked  4-point  bend  specimen  has  revealed  several  distinctive  features  of 
the  crack-tip  field  in  cyclically  work  hardened  copper  single  crystals.  The  surface-measured  in¬ 
plane  deviatoric  strain  components  are  similar  to  those  calculated  for  plane-strain  and  supported 
by  etch  pit  experiments  along  the  specimen  thickness  [8]  and  the  3D  finite  element  simulation 
[3].  The  deformation  field  is  sensitive  to  additional  mode  II  loading  as  ascertained  by  finite 
element  simulation  [5,  12].  Moreover,  a  limited  region  of  continuum  asymptotic  field  has  been 
observed  at  a  distance  >250  pm  from  the  crack-tip.  This  trend  suggests  an  early  evolution  of  a 
deformation-induced  microstructural  size  scale.  This  size  scale  sets  the  nature  of  hardening 
characteristics  close  to  the  crack-tip. 

The  observed  microstructure  size  scale  dependence  is  similar  in  nature  to  the  Hall-Petch  effect 
which  states  that  the  yield  strength  of  pure  metals  increases  with  diminishing  grain  size  [18,  19]. 
Likewise,  the  average  width  of  the  angular  sectors  of  constant  stresses  at  300pm  is 
approximately  30-50  pm.  Therefore,  when  the  sector  size  around  the  crack  tip  diminishes  to 
certain  length  scale,  the  near  tip  field  experiences  an  inhomogeneous  hardening.  In  such 
circumstances  where  the  constitutive  behavior  becomes  highly  non-local,  the  conventional 
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homogenized  crystal  plasticity  theory  becomes  invalid,  since  it  possesses  no  internal  length 
scale. 

Two  main  factors  may  give  rise  to  this  behavior;  namely  the  strain  gradient  field  near  the  crack- 
tip  or  the  patchy  slip  and  glide  band  clustering  within  a  small  volume.  The  gradient  effect  is 
checked  using  the  analysis  of  the  crack-tip  field  in  a  solid  characterized  by  strain-gradient 
plasticity  [20].  For  the  measured  plastic  zone  size,  the  strain-gradient  was  found  to  have  no 
significant  influence  on  the  crack  tip  field.  Moreover,  the  current  measurements  are  not  adequate 
to  discriminate  the  effects  of  the  strain  gradient  field  from  the  fluctuation  effect  of  the  slip 
clustering  close  to  the  crack-tip.  r 
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ABSTRACT 

The  dynamic  fracture  (spallation)  of  ductile  metals  is  known  to  initiate  through  the  nucle- 
ation  and  growth  of  microscopic  voids.  Here,  we  apply  atomistic  molecular  dynamics  modeling  to 
the  early  growth  of  nanoscale  (2nm  radius)  voids  in  face  centered  cubic  metals  using  embedded 
atom  potential  models.  The  voids  grow  through  anisotropic  dislocation  nucleation  and  emission 
into  a  cuboidal  shape  in  agreement  with  experiment.  The  mechanism  of  this  nucleation  process  is 
presented.  The  resulting  viscous  growth  exponent  at  late  times  is  about  three  times  larger  than 
expected  from  experiment  for  microscale  voids,  suggesting  either  a  length  scale  dependence  or  a 
inadequacy  of  the  molecular  dynamics  model  such  as  the  perfect  crystal  surrounding  the  void. 

INTRODUCTION 

The  growth  of  microscopic  voids  is  fundamental  to  the  ductile  fracture  of  metals  [1].  Under 
low  strain-rate  creep  conditions  growth  is  determined  by  the  behavior  of  vacancies  and  diffusive 
processes.  An  understanding  is  central  to  technological  problems  such  as  the  failure  of  intercon¬ 
nect  lines  of  microelectronic  circuits  [2]  and  the  radiation  damage  of  materials  in  nuclear  reactors 
[3].  At  high  strain-rates,  as  occur  during  shock  loading,  there  is  insufficient  time  for  diffusive  pro¬ 
cesses  and  void  growth  occurs  by  plasticity  mechanisms.  The  rich  history  of  experiment  [4]  and 
of  continuum  plasticity  models  of  void  growth  [1,5-8]  has  resulted  in  a  highly  successful  contin¬ 
uum  computer  code  model  of  failure  based  on  the  nucleation  and  growth  of  voids  [9-11].  How¬ 
ever,  there  remains  many  unanswered  questions  concerning  the  microscopic  mechanisms  of  void 
nucleation  and  plastic  growth. 

In  this  paper  we  examine  some  of  these  microscopic  mechanisms  using  atomistic  molecular 
dynamics  (MD)  modeling  of  the  growth  of  a  nanoscale  (radius  =  2nm)  void  in  copper  under  high 
strain-rate  isotropic  tension. 


Figure  1.  Isotropic  tension  is  simulated  by  expanding  the  simulation  cell  in  all  directions  at  a  con¬ 
stant  rate.  A  nanoscale  void  of  size  R  =  2nm  ~  /cen/10  is  cut  from  the  center  of  the  cell. 
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METHODS 


A  cubic  simulation  cell  containing  N=864000  atoms  was  created  by  replicating  60  FCC  unit 
cells  along  each  of  the  cubic  axes.  The  embedded-atom  method  [12,13]  is  used  to  model  copper. 
The  equations  of  motion  are  integrated  using  a  Verlet  leap-frog  algorithm  with  a  time  step  of  6fs 
and  periodic  boundary  conditions  [14].  The  system  was  simulated  at  T=300K  and  P=0  to  an  equi¬ 
librium  cell  length  of  =  21.7nm.  A  void  of  radius  2nm  was  then  cut  from  the  center  of  the  sim¬ 
ulation  cell  as  shown  schematically  in  Figure  1,  resulting  in  a  system  containing  N=860396 
atoms.  A  strain-rate  is  simulated  by  rescaling  the  positions  of  every  atom  in  the  simulation  cell  as 
is  commonly  done  in  constant  pressure  MD  simulations  [15]:  x  =  Hs,  where  jc[0,1]  and 
H  =  {«>  b,  c}  is  a  matrix  composed  of  the  simulation  cell  vectors.  An  isotropic  constant  strain- 
rate  is  simulated  by  specifying  a  constant  time  derivative  of  H.  After  equilibrium,  the  thermostat 
is  turned  off  and  expansion  is  simulated  under  adiabatic  conditions. 

RESULTS  and  DISCUSSION 

The  resulting  stress  averaged  over  the  entire  simulation  cell  is  shown  in  Figure  2  as  a  func¬ 
tion  of  volume  for  a  strain-rate  of  e=109s_1.  The  tension  (negative  stress)  increases  monotonically 
to  about  6  GPa  after  which  it  turns  around  and  decreases  with  further  expansion.  This  growth 
threshold  stress  agrees  well  with  our  previous  simulation  using  comparable  voids  but  smaller 
overall  system  sizes  [16].  In  general  larger  voids  display  a  smaller  growth  threshold  stress.  We 
stop  the  simulation  when  the  expanding  network  of  dislocations  crosses  the  periodic  boundary. 

In  a  seminal  paper  on  dynamic  fracture,  Barbee  et.al  [9]  measured  the  growth  rate  of 
microscale  voids  in  copper.  They  observed  a  viscous  growth  law  of  the  form: 

V  =  Vae  Ar[  =  v0ea‘ 


Volume  /  N  (re**3) 


time  (ns) 


Figure  2.  Stress  as  a  function  of  volume  per 
atom  (re  =  2.54  A)  for  isotropic  adiabatic 

expansion  of  an  R=2nm  void  at  e=109s’1. 


Figure  3.  The  natural  log  of  the  void  vol¬ 
ume  as  a  function  of  time  for  growth  of  an 
R=2nm  void.  The  lines  are  drawn  as  a 
guide  to  the  eye. 
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where  V  is  the  void  volume,  a  is  the  applied  stress,  ag0  =  0.005  GPa  is  the  growth  threshold 
stress,  and  t\  —  0.2  Pa-s  is  the  material  viscosity.  At  an  applied  stress  of  6  GPa  (well  outside  the 

experimental  data),  this  model  predicts  a  growth  exponent  of  a  «  2.2xl010s_1. 

Comparison  with  the  MD  data  requires  a  metric  of  the  void  volume  within  the  MD  simula¬ 
tion.  A  void  is  where  the  atoms  are  not.  Thus,  we  define  a  background  grid  and  compute  the  sum 
of  unoccupied  grid  zones.  A  grid  spacing  smaller  than  an  atom  size  leads  to  spurious  results.  We 
find  /grid  =  0.36nm  gives  reproducible  results  consistent  with  the  known  initial  void  radius  (2nm). 
This  void  volume  metric  introduces  an  error  which  scales  as  1/R.  We  estimate  the  error  to  be  no 
more  than  a  few  percent  for  R  =  2nm.  The  resulting  volume  is  shown  in  Figure  3  as  a  function  of 


Figure  4.  A  projection  of  a  thin  slice  through  the  center  of  the  simulation  cell  onto  the  x-y  plane 
for  (a)  t=0.024ns  and  (b)  t=0.030ns.  The  atomic  positions  are  in  the  unit  cube. 


Figure  5.  The  defect  structure  at  (a)  t=0.024ns  and  (b)  t=0.030ns  as  revealed  by  the  atoms  with 
potential  energy  1%  above  the  bulk  potential  energy  at  T  =  IK. 
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simulation  time.  Three  distinct,  nearly  linear  regions  are  observed  on  the  log  plot,  suggesting 
exponential  growth.  Void  growth  at  early  time  is  elastic,  displaying  no  change  when  normalized 
by  the  total  system  volume.  At  late  time,  the  growth  is  fully  plastic  with  a  surrounding  network  of 
dislocations  moving  into  the  material.  As  shown  below,  dislocations  first  emerge  from  the  void 
surface  at  r=0.025ns  and  the  nature  of  the  intermediate  region  is  not  clear.  From  the  slope  of  the 
curve  at  late  time  we  estimate  the  growth  exponent  in  the  simulation  to  be  a  «  6.2xl010s_1.  The 
factor  of  three  higher  exponent  than  expected  from  experiment  is  most  likely  due  either  to  the  vast 
difference  in  length  scale  between  the  simulation  and  experiment  or  to  the  surrounding  perfect 
crystal  in  the  MD  simulation. 

Two  methods  of  visualizing  the  nucleating  dislocations  were  considered.  First,  a  thin  cross- 
section  through  the  center  of  the  simulation  cell  was  projected  onto  the  x-y  plane.  The  result  is 
shown  in  Figure  4  at  times  t  =  0.024ns  and  t  =  0.030ns.  The  presence  of  dislocations  is  observed 
through  their  effect  on  the  strain  field.  At  t  =  0.024ns  no  apparent  dislocations  have  entered  the 
materials  though  the  strain  field  near  the  void  surface  is  highly  non-linear.  This  nonlinearity  may 
be  the  reason  for  the  behavior  observed  in  the  intermediate  region  in  the  volume  curve.  At  t  = 
0.030ns  several  dislocations  are  evident  in  the  surrounding  material.  The  resulting  cuboidal  shape 
has  been  observed  experimentally  [17]. 

The  second  method  has  proved  extremely  useful  in  visualizing  dislocation  emission  during 
ductile  crack  growth  [18,19].  The  total  potential  energy  is  divided  into  contributions  from  each 
atom.  Atoms  with  energy  above  a  threshold  are  considered  to  be  near  a  defect.  Only  these  atoms 
are  visualized.  A  naive  application  of  this  idea  to  the  data  presented  here  yielded  noise.  The  ther¬ 
mal  fluctuations  at  T  =  300K  are  sufficiently  large  to  wash  out  the  difference  between  atomic  sites 
in  the  bulk  crystal  and  near  a  defect.  As  a  result,  the  configuration  was  rapidly  quenched  to  T  =  IK 
at  constant  volume,  hopefully  not  changing  the  defect  structure  significantly.  The  quenched  struc¬ 
tures  at  t=0.024ns  and  at  t=0.030ns,  shown  in  Figure  5,  give  the  following  picture  of  dislocation 
nucleation  during  void  growth.  At  t=0.024ns,  protrusions  emerge  from  the  void  along  the  six 
cubic  axes  and  leading  Shockley  partial  dislocations  can  be  seen  wrapping  around  the  void  and 
terminating  on  neighboring  protrusions.  The  same  image  at  t=0.021ns  shows  only  the  void  surface 
atoms.  At  t=0.030ns,  the  dislocation  structure  is  far  richer.  For  example,  towards  the  bottom  of  the 
image  a  pair  of  edge  dislocations  with  both  leading  and  trailing  Shockley  partials  have  formed  a 
junction.  This  junction,  presumable  created  at  the  above  mentioned  protrusions,  moves  with  the 
dislocation  pair  away  from  the  void.  The  process  repeats  as  additional  dislocations  emerge  from 
the  void  surface  and  form  even  richer  microstructures. 
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ABSTRACT 

The  mechanism  of  low  macroscopic-plastic-strain,  ductile  fractures  under  various  high  triaxial 
stresses  in  constrained  thin  silver  films  was  investigated.  Particular  emphasis  was  placed  on 
investigating  ductile  fracture  by  unstable  cavity  growth.  The  various  multi-axial  loads  to  failure 
were  experimentally  measured.  FEA  analysis  was  used  to  determine  the  corresponding  high  triaxial 
stress-states  within  the  interlayer,  also  considering  cavity-cavity  interaction,  residual  stresses  and 
elastic  incompatibility  stresses  across  interfaces.  These  were  compared  to  the  stresses  required  for 
cavity  instability.  Ductile  fracture  under  high  triaxial  stresses,  associated  with  low  macroscopic 
strains,  appears  to  be  explained  by  unstable  cavity  growth,  where  cavity  growth  may  occur  without 
large  macroscopic  (e.g.,  <  0.05)  plastic  strains.. 

INTRODUCTION 

Fracture  in  thin,  constrained  films  was  studied  using  tensile/torsion  specimens  consisting  of 
two  cylindrical  maraging  steel  specimens,  5. 1  mm  in  diameter,  joined  by  a  thin  silver  interlayer.  The 
thickness  of  the  silver  (150  pm)  to  diameter  of  the  elastic  maraging  steel,  t/d,  is  only  about  0.024. 
The  interlayer  bonds  were  prepared  by  combinations  of  physical  vapor  deposition  and  solid-state 
bonding.  This  creates  a  nearly  axisymmetric,  high-triaxial,  stress-state  at  the  maximum  possible 
applied  uniaxial  loads  (i.e.,  the  ultimate  tensile  stress  of  the  interlayer  bond),  where  the  ratio  of  the 
radial  or  hoop  stress  (o2  s  a3)  to  the  normal  stress  Oj  is  about  0.82.  (This  stress  ratio  does  not 
change  significantly  as  the  t/d  ratio  decreases.)  Fracture,  particularly  under  uniaxial  loading  of 
relatively  soft,  thin  constrained  silver  interlayer  specimens,  appeared  to  occur  at  high  stresses  and 
in  a  ductile  manner  by  “microvoid  coalescence”  but,  interestingly,  with  small  (e.g.  less  than  1%) 
macroscopic  plastic  strains  within  the  constrained  silver  interlayer.  The  test  specimens  were  also 
used  for  biaxial  tests  where  specimens  were  both  uniaxially  loaded  and  loaded  by  a  torque.  This 
allowed  manipulation  of  the  triaxial  stress  state  to  help  determine  the  mechanism  of  ductile  fracture. 
Similar  ductile  fractures  with  very  low  macroscopic  strains  were  observed. 

The  high  fracture  stress  but,  especially,  the  low  plastic  strain  to  failure  is  difficult  to 
rationalize.  The  fracture  process  appeared  to  consist  of  cavity  nucleation  and  expansion.  Forero 
and  Koss  [1]  showed,  experimentally,  that  for  unconstrained  ductile  metals  deformed  by  uniaxial 
tension,  a  simple  doubling  of  the  cavity  size  requires  a  substantial  strain  of  about  0.5,  apparently  also 
consistent  with  the  early  theory  of  Rice  and  Tracey  [2],  The  Rice  and  Tracey  models  still  require 
substantially  more  macroscopic  or  far-field  plastic  strain  than  experimentally  observed  under  the 
various  high  triaxial  stresses  [3].  Huang,  Hutchinson  and  Tvergaard  [4,5]  (HHT),  more  recently, 
introduced  the  concept  of  unstable  cavity  growth  in  materials  under  high  triaxial  stresses.  Basically, 
it  was  suggested  that  under  certain  triaxial  stress  states  [e.g.,  axisymmetric  where  g7/g1  >  0.75  and 
cjGy  typically  -  4  (for  v  =  0.3,  and  ay/E=  0.003)]  cavities  would  expand,  unstably,  without  further 
increases  in  stress,  where  am  is  the  mean  or  hydrostatic  stress  and  oy  is  the  yield  stress.  The  precise 
values  for  om/oy  for  unstable  cavity  growth  depended  on  the  strain  hardening  exponent,  n. 
Apparently,  unstable  cavity  growth  would  not  occur  for  a2/oj  <  0.75  [4],  They  did  not  determine 
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the  macroscopic  or  far-field  plasticity  associated  with  failure.  Other  mechanisms  of  ductile  fracture 
were  also  considered,  including  stable  cavity  expansion  [1,2],  direct  void  interaction  without  a 
growth  stage  and  the  cavity-nucleation-interlinkage  (CNI)  failure  mechanism  [1]. 

RESULTS  AND  DISCUSSION 

Electron  Microscopy  Analysis  of  the  Deforming/Fracturing  Interlayers 

It  was  observed  that  the  interlayers  undergo  long-term  or  delayed  failure  at  a  fixed  load  below 
the  ultimate  tensile  strength.  This  is  by  an  identical  mechanism  as  the  ultimate  tensile  strength  or 
short  term  (less  than  a  few  seconds  with  continually  increasing  load)  tests  just  described  [3,5]. 
Thus,  creep  or  delayed  failure  at  ambient  temperature  is  a  means  of  “slowing”  the  ductile  fracture 
process  in  these  interlayers  so  that  the  ductile  fracture  sequence  can  be  conveniently  examined.  The 
interlayer  specimens  uniaxially  loaded  to  high  triaxial  stresses  at  552  MPa  (triaxial  stress  state 
similar  to  uniaxial  loading  to  failure)  were  unloaded  at  various  fractions  of  the  expected  rupture 
time,  and  the  cavitation  process  leading  to  fracture  was  sequentially  observed.  An  SEM  with  a  field 
emission  gun  was  used  in  this  study  to  examine  cavitated  specimens  that  were  argon  ion  etched. 
This  allowed  a  resolution  of  cavities  to  about  20  nm.  Figure  1  illustrates  cavities  30-50  nm  in 
diameter  in  a  constrained  silver  interlayer  undergoing  ductile  fracture  by  delayed  failure.  Cavities 


Figure  1.  Small  cavities  observed  in  the  SEM  from  silver 
interlayer  specimens  loaded  at  552  MPa  to  10%  of  the 
expected  time  to  rupture,  tr.  The  cavities  (from  top  to 
bottom)  are  about  140  and  60,  nm,  respectively. 


Table  I.  Interrupted  Delayed 
Failure  Tests  at  552  Mpa 


%tr 

Separation  Ratio 

(expected) 

(L/D) 

0 

105 

1 

32 

10 

77 

25 

9 

50 

11 

99 

8 
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tended  to  be  observed  at  least  very  close  to  the  high  angle  boundary  or  bond  line,  usually  in  areas 
where  the  bond  line  separates  recrystallized  and  unrecrystallized  (columnar  grains)  silver.  Cavities 
usually  appeared  within  the  recrystallized  grains. 

It  is  observed  that  the  cavity  spacing  in  the  “as-bonded”  interlayer  is  fairly  wide  with  an  L/D 
(ratio  of  cavity  separation  to  the  diameter  of  the  larger  cavity)  of  about  105.  As  discussed 
elsewhere  [3],  the  observed  cavities  are  not  expected  to  initially  (first  10%  of  the  expected  time  to 
rupture,  tj  interact  and  the  stress  operating  on  the  cavity  is  approximately  that  of  the  macroscopic 
stress  within  the  interlayer,  as  predicted  by  FEA.  Beyond  the  first  10%  of  tn  additional  cavities  are 
observed,  interaction  occurs,  and  the  actual  stress  experienced  by  cavities  is  affected  by  the 
decreased  cavity  separation.  Thus,  at  least  for  the  highest  level  of  triaxiality,  uniaxial  loading  cavity- 
cavity  interaction  does  not  appear  relevant  to  the  fracture  process.  This  conclusion  will  be  shown 
to  be  consistent  with  the  observed  fracture  stresses  and  strains. 
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A  comprehensive  FEA  of  uniaxially  and  biaxially  loaded  (uniaxial  loading  plus  torque) 
constrained  interlayers  was  performed.  The  FEA  analysis  predicted  the  stresses  that  can  cause  a 
cavity  to  grow  unstably  (i.e.,  increase  in  cavity  radius  without  the  necessity  for  an  increase  in  stress). 
As  an  extension  of  the  Huang  et  al.  analysis,  we  predicted  the  far-field  plastic  strains  associated  with 
instability  and  interacting  planar-arrays  of  cavities.  Table  II  shows  the  calculations  of  the  stress 
states  for  uniaxial  loading,  as  well  as  the  “80-20”  and  “50-50”  multiaxial  loading  cases  (described 
as  a  ratio  of  uniaxial  load  divided  by  area  and  the  equivalent  uniaxial  stress  at  the  surface  resulting 
from  the  torque).  The  mean  stress,  cm,  and  effective  (or  von  Mises)  stress,  ocff,  are  also  indicated. 

The  next  important  task  was  to  determine  whether  the  observed  loads  and  torque  (and 
corresponding  principal  stress  states)  in  the  ductile  fracture  tests  of  Fig.  2  are  sufficient  to  produce 
an  instability  and  also  whether  the  observed  plastic  strains  to  failure  correspond  to  the  predicted 
plastic  strains  at  instability. 


EfaU  =3.5 
O/aii  =303  MPa 


EfaU  =0.015 
Ofait  =269  MPa 


EfaU  =<0.002 
Ofait  =185  MPa 


EfaU  =1.023 
Ofait  =302  MPa 


EfaU  =<0.002  v 
Ofait  =169  MPa 


Figure  2.  The  fracture  loci 
for  specimens  uniaxially 
loaded  (abscissa,  load 
divided  by  area)  and 
twisted  under  a  torque 
(ordinate,  reported  an 
effective  uniaxial-stress  at 
the  surface)  (from  [4]). 
The  equivalent  uniaxial- 
strain  and  effective  stress  to 
failure  are  reported. 
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Table  n.  The  “Observed”  Stress  State  (MPa)  in  the  Silver  Interlayers  at  Failure  in  Figure  2 


sz  (axial  load/area)  /  oefr  (from  torque) 

i 

i 

■ 

1 

■ 

no 

100-0 

935 

790 

750 

825 

169 

0.82 

80-20 

745 

598 

537 

627 

185 

0.76 

50-50 

461 

E 5fl 

IEB1 

303 

269 

0.49 

As  expected,  FEA  showed  that  eventually  the  cavities  grow  without  a  further  increase  in  strain 
and  applied  stress  for  o2/o,  >0.75.  Interestingly,  however,  we  find  that  instability  also  occurs  for 
0.60  <  o2/gx  <  0.75.  However,  there  appears  to  be  larger  far-field  plastic  strains  associated  with 
instabilities  where  gJgx  <  0.75.  Modeling  unstable  cavity  growth  for  g2Ig1  <  0.65  was  found  to  be 
very  difficult  due  to  severe  mesh  distortion  associated  with  the  very  large  strains.  Our  FEA 
calculations  were  compared  with  the  predictions  of  Rice  and  Tracey  for  a  wide  range  of 
axisymmetric  triaxial  stress  states.  The  latter  model  suggests  that  isolated  cavities  under  identical 
triaxial  stresses  do  not  experience  an  instability  but,  instead,  require  significant  and  increasing  far- 
field  strain  (and  stress)  for  growth. 

Figure  3  illustrates  the  maximum  principal  stress,  versus  the  corresponding  g2Igx  at  which 
an  isolated  cavity  will  grow  without  further  increases  in  far-field  stress  (predicted  “instability”)  as 
determined  by  FEA  in  this  study.  The  minor  stress  (o2)  is  the  average  of  the  two  smallest  principal 
stresses  for  non-axisymmetric  stress  states.  The  portion  of  the  curves  for  <  0.65  was 
estimated  by  an  extrapolation  procedure.  We  find  that  the  effective  stress  approaches  the  saturation 
stress  (or  steady-state  stress,  ass)  of  silver  for  (s2hY  <  0.7.  Thus,  we  assumed  that  the  effective 
stress  [=  (a^)  for  axisymmetric  stress-states]  required  for  unstable  cavity  growth  is  nearly  equal 
to  the  saturation  stress  for  g2/g{  <  0.65.  This  relationship  determined  the  extrapolated  (dashed) 
portion  of  the  curve  in  Fig.  3.  Figure  3  also  includes  data  (observed  “instability”)  from  the  three 
multi-axial  loading  tests  of  Table  II.  The  agreement  between  the  FEA  predicted  stresses  and  strains 
for  instability  are  in  reasonable  agreement  with  the  observed  values. 


Figure  3.  The  FEA  predicted 
maximum  principal  stress  for 
failure  versus  o2/cl  based  on 
unstable  expansion  of  isolated 
cavities  (solid  line).  The 
predicted  plastic  strains  to  failure 
are  also  reported.  The  observed 
(experimental)  stresses  for  ductile 
fracture  are  indicated  by  dots. 
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The  agreement  for  the  80-20  case  is  a  little  less  favorable  with  the  observed  (based  on 
load/torque  to  failure  and  FEA)  being  about  18%  smaller  than  that  predicted  for  instability  (o2/Oj 
“  0.76)  based  solely  on  FEA.  One  might  argue  that  this  is  not  excessively  large  considering  factors 
such  as  elastic  incompatibility  are  not  included,  and  that  some  errors  may  be  present  in  the  FEA 
calculations.  The  experimentally  observed  macroscopic  strain  to  failure  for  the  uniaxial  and  80-20 
cases  is  about  0.002.  The  predicted  strain  is  about  0.009  for  uniaxial  loading,  favorable  agreement 
considering  experimental  errors.  However,  the  predicted  strain  for  the  80-20  case  seems  a  bit 
higher,  at  about  0.04,  than  the  observed  value.  csx  is  about  12%  smaller  than  predicted  for  instability 
(a2/ax  =  0.49)  for  the  50-50  case,  which  is  reasonable  agreement  considering  the  assumptions 
discussed  earlier.  A  plastic  strain  to  failure  was  not  predicted  for  this  case.  Thus,  unstable  cavity 
growth  of,  initially,  isolated,  cavities  may  be  a  viable  explanation  for  ductile  fracture  for  at  least  the 
uniaxial  tension  case  (o2hx  -  0.82),  and  possibly  the  others  as  well. 

Cavity-cavity  interaction  was  also  considered  since  the  observed  ductile  fracture  principal 
stresses  were  somewhat  lower  than  those  predicted  for  instability  of  isolated  cavities.  The  variation 
of  the  maximum  principal  stress,  ol5  and  macroscopic  strain  to  instability  (failure)  was  determined 
for  various  cavity-spacing  to  diameter  ratios  (L/D)  for  the  two  relevant  axisymmetic  stress  states 
that  were  confirmed  by  FEA  (and  other  work)  to  cause  cavity  instability.  As  mentioned  earlier, 
there  is  not  a  clear  necessity  for  cavity-cavity  interaction  for  the  pure  uniaxial  loading  case  as  both 
the  stresses  and  strains  are  fairly  consistent  with  unstable  cavity  growth.  For  the  80-20  case,  or 
<5jcx—  0.76  (which  is  similar  to  the  uniaxial  loading  case),  an  initial  L/D  =  10  would  decrease  the 
stress  values  for  failure  by  unstable  cavity  growth  to  approximately  those  observed.  The  strain 
would  decrease  to  just  0.02  with  L/D  =  10,  closer  to  the  observed  value.  The  cavity  distribution 
on  loading  for  the  biaxially  loaded  specimens  is  unknown,  and  there  will  always  be  the  difficulty  of 
resolving  cavities  smaller  than  20  nm,  due  to  the  resolution  limit  of  the  SEM  utilized.  Thus,  for 
some  biaxial  loading  cases,  interaction  between  nucleated  cavities  on  loading  may  be  necessaiy  to 
rationalize  the,  perhaps,  somewhat  low  stresses  in  Fig.  3,  where  isolated  cavities  were  assumed. 
As  shown  in  Table  n,  the  effective  stress  increases  from  the  uniaxial,  to  the  80-20  loading  case  and 
further  increases  with  the  50-50  case.  It  has  been  presumed  that  cavity  nucleation  is  a  consequence 
of  plasticity,  perhaps  by  a  Zener  Stroh  mechanism.  Thus,  it  is  possible  that  there  is  a  higher 
concentration  of  nuclei  for  the  80-20  case  than  the  uniaxial  case  in  Table  I  on  loading,  and  that  the 
nuclei  interact  in  biaxially  loaded  specimens.  This,  however,  is  not  yet  confirmed. 

CONCLUSIONS 

The  mechanisms  of  ductile  fracture  in  (constrained)  pure  silver  thin-films  under  various  high 
triaxial  stresses  were  investigated  with  particular  attention  to  the  recently  developed  concept  of 
unstable  cavity  growth.  An  accurate  experimental  and  FEA  determination  of  the  stress-states  in 
constrained  films  that  experience  ductile  fracture  to  low  macroscopic  strains  was  performed.  Direct 
determination  of  cavity  instability  exclusively  with  FEA  using  accurate  constants,  consideration  of 
cavity-cavity  interactions,  residual  stresses  from  fabrication,  and  improved  experimental  resolution 
of  cavities  was  also  performed.  It  is  concluded  that: 

1.  FEA  analysis  shows  that  unstable  cavity  growth  such  as  recently  described  by  Huang, 
Hutchinson,  and  Tvergaard  is  reasonable  and  can  be  extended  to  at  least  some  axisymmetic 
stress-states  where  a2/Oi  <0.75. 

2.  There  is  good  agreement  between  the  observed  fracture  principal  stress-state  and  the  low 
(0.002)  macroscopic  strain  to  failure  and  that  predicted  for  (isolated)  unstable  cavity  growth 
for  the  highest  triaxial  stress-state  where  o2/cx  =  0.82. 
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3.  For  biaxially  loaded  interlayer  specimens,  where  the  stress  states  are  less  triaxial  with  Oj/cjj 
=  0.76  and  0.48,  the  agreement  between  predicted  and  observed  stresses  and  small  strains  for 
cavity  instability  is  reasonable  but  improves  if  an  initial  cavity-cavity  interaction  is  considered. 

4.  Ductile  fracture  under  high  triaxial  stress  appears  to  be  explained  by  unstable  cavity  growth 
where  cavities  grow  without  the  necessity  for  continual  increase  in  flow  stress  and  without 
substantial  far-field  plastic  strain. 
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ABSTRACT 

In  this  work  a  study  of  the  nature  as  well  as  an  evalution  of  the  thermal-mechanical  stress  in 
aluminum  interconnects  was  carried  out.  A  theoretical  model  discribes  the  atom  flux  which  can  be 
induced  by  the  relaxation  of  the  stress.  Based  on  this  theory  an  algorithm  has  been  developed  and 
integrated  into  the  finite  element  simulation  software.  This  algorithm  allows  the  calculation  of  the 
mass  flux  divergence  and  prediction  of  the  failure  location  before  the  damage  occurs.  For  the 
verification  of  this  algorithm  an  aluminum  pad  structure  sputtered  on  thermal  oxide  layer  was  used. 
The  failure  location  was  correlated  with  in  situ  observation  during  the  long  term  stress  tests. 
Experimental  results  confirm  that  the  observed  structure  degradations  correspond  with  the 
simulations  very  well. 

INTRODUCTION 

The  continuously  increasing  complexity  of  VLSI  technology  can  result  in  high  thermal-mechanical 
stress  in  the  multilayer  structures  among  different  materials.  The  thermal-mechanical  stress  is  induced 
by  thermal  mismatch  of  the  different  material  properties,  e.g.  thermal  expansion  coefficients,  elastic 
moduli  and  poisson  ratios.  The  stress  in  the  metallization  layer  interacts  tightly  with  the  electrical 
current  density  and  local  temperature  increase.  The  stress  gradient  will  enhance  the  driving  force  for 
the  atomic  flux  along  the  diffusion  path  and  lead  to  failure  in  the  interconnects  [1].  The 
electromigration  induced  stress  has  been  extensively  reported  [2-4]  but  the  effect  of  thermal- 
mechanical  stress  on  the  mass  flux  has  received  limited  attention. 

In  this  paper  we  suggest  an  aproach  to  this  problem.  We  will  develop  a  theoretical  model  for  the 
mass  transport  induced  by  the  gradient  of  the  thermal-mechanical  stress,  which  is  coupled  with 
electromigration  and  thermomigration.  The  finite  element  program  ANSYS  [5]  was  used  to  compute 
the  distribution  of  temperature,  thermal-mechanical  stress  as  well  as  electrical  current  density  in  the 
interconnects.  An  additional  user  routine  was  used  to  determine  the  mass  flux  divergence  and 
illustrate  the  different  failure  mechanisms  and  to  predict  the  location  of  structure  degradation. 

THEORY 

Thermoelastic  equations 

Based  on  the  assumption  that  the  aluminum  metallization  is  stress-free  at  a  uniform  temperature 
T0  when  all  external  forces  are  removed,  the  thermal  stress  oUl  is  described  in  the  equation  (1)  of 
linear  thermoelasticity.  It  is  induced  by  thermal  mismatch  of  the  different  material  properties  between 
the  Al-metallization  and  the  surrounding  materials. 

%  =Ev*a*(T-T0)  (1) 
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where  Eg  is  the  elastic  modulus,  a  is  the  thermal  expansion  coefficient  and  T0  is  the  temperature  with 
reference  to  stress-free  state. 

The  components  of  the  thermo-mechanical  stress  tensor  are  commonly  described  as  (2)  [6]: 

°u  =  Cm  zki  "  °thij  (2) 


with  infinitesimal  strain-displacement  relations  (3): 


,  =  I 

9  2  dx..  dx. 


(3) 


where  Xj  are  spacial  coordinates,  Uj  are  components  of  the  displacement  vector.  Eg  are  components 
of  the  strain  tensor,  CgW  is  the  function  depending  on  the  elastic  moduli  and  poisson  ratio. 

We  assume  that  the  materials  are  isotropic,  so  the  equation  (2)  can  be  rewritten  as  equation  (4), 
where  v  is  the  poisson  ratio  and  the  subscripts  i,j,k  are  equal  to  x,y,z. 

1 

~  ~fa  £  +  )  (4) 


For  the  special  case  of  steady  state  the  heat  conduction  equation  can  be  written  as  (5),  where  W 
is  the  heat  generation  per  unit  time  per  unit  volume.  In  the  case  of  an  applied  current,  W  is  defined 
as  the  self-heating  in  the  interconnects. 


Vt=  -E 


K 


(5) 


Applying  the  equilibrium  equation  of  motion,  we  obtain  equation  (6)  for  isotropic  thermal  stress 
with  steady  state  heat  generation: 


- VVe  +e  +e  ) 

(i+v)  Kx  y  z) 


a  E 

(1+v) 


fiH|)  =  o  (6) 


where  ex,  8y,  82,  and  ox,  oy,  az  are  normal  components  of  the  strain  and  stress  tensor,  X,  Y,  Z  are  the 
body  force  components. 

Diffusion  due  to  stress  gradient  coupled  with  electric  current  and  temperature  gradient 

The  diffusion  in  the  metal  is  driven  by  the  gradient  of  the  chemical  potential  p.  Considering  only 
mechanical,  electrical  and  thermal  driving  forces,  the  mass  flux  of  stress  gradient,  current  density  and 
temperature  gradients  can  be  written  as  (7),  with  the  atomic  concentration  N,  diffusion  coefficient 
D  =  D0exp  (-  EA/kBT),  temperature  T,  resistivity  p,  Boltzmann  constant  kB  and  activation  energy  EA 
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j total"  / stress*  ^A+  ^ th 


-  v  &**«•  +  ^  +  •*<* } 

kB  T 


Since  the  stresses  in  the  interconnects  are  nearly  hydrostatic,  a  large  hydrostatic  stress  is  sufficient 
to  surmount  the  mass-moving  barrier  and  the  hydrostatic  stress  gradient  provides  the  driving  force 
to  move  mass  in  interconnects  to  create  voids. 

The  total  mass  flux  can  be  written  as: 


I  exp  (J%)  [-  0  VoH  +  Z"e  p /-  £  V7] 


with  atomic  volume  Q,  hydrostatic  stress  oH,  effective  charge  of  ions  Z*e,  current  density  j,  heat  of 
transport  Q. 

The  mass  flux  divergence  due  to  hydrostatic  stress  gradient  is  defined  by  (9): 

d»  Jmss  -  D0ex p  (-^r)  [(^  ‘  W  •  Vafl  -  V2ow  ]  (9) 


For  the  calculation  of  the  mass  flux  divergence  caused  by  electromigration  JA  and  thermomigration 
Jth  equation  (10)  was  applied  [7]: 

div  (JA+  J,h)  =  [  JA  (-7^--^+—)  +  Jlh  (-p^-4-— )  ]  'v7, 

Ko  1  1  P  7  1  P 


^  T  3  Jtj  T 2 


For  calculating  the  total  mass  flux  divergence  of  stress  migration,  electromigration  and 
thermomigration  a  user  routine  based  on  the  equations  (5),  (6),  (9)  and  (10)  was  applied.  A  positive 
mass  flux  divergence  may  lead  to  void  formation  and  a  negative  mass  flux  divergence  can  result  in 
Hillock  growth. 

DESCRIPTION  OF  THE  FEM  MODEL 

A  coupled  electrical-thermal-mechanical  stress  simulation  was  performed  on  an  aluminum-pad- 
metallization,  schematically  shown  in  figure  1.  The  unpassivated  metallization  line  (Al/Sil%)  has  a 
thickness  of  1 .3  pm  and  a  width  of  4  pm.  The  pad  size  is  36*43  pm2.  The  applied  material  properties 
at  300  K  are  given  in  table  1 . 

The  local  temperature  increase  leads  to  a  thermal-mechanical  stress  field  in  the  structure.  The 
effect  of  joule  heating  caused  by  a  high  current  density  has  been  taken  into  account.  Taking 
advantage  of  the  symmetry,  only  half  of  the  structure  period  was  modeled  for  the  FEM  simulation. 
The  temperature  of  300  K  is  assumed  to  be  a  stress-free  initial  state  without  body  forces  for  the 
unpassivated  metallization. 
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Figure  1.  Aluminum-pad-metallization  to  perform  electrical,  thermal  and  mechanical 
simulations  (generated  FEM-model  in  grey). 


Table  1 .  Material  properties  used  in  the  FE-simulations 


Electrical 

resistivity 

p  [pQcm] 

Thermal 

expansion 

a  [MO-TfC]-1 

Young’s 

Modulus 

E  [GPa] 

Thermal 

conductivity 

k  [W/  cmK] 

Poisson  ratio 

V 

Aluminum 

3.16 

23.86 

72 

2.37 

0.34 

Silicon  Oxide 

-- 

0.5 

64.72 

1.2E-02 

0.18 

Silicon 

4.4E6 

2.33 

0.98 

1.48 

0.45 

VERIFICATION 


To  verify  the  results  of  the  simulation,  the  maximum  and  the  average  of  the  temperature  increase 
and  the  resistance  change  depending  on  the  applied  current  were  measured.  To  check  the  mechanical 
stress  a  measurement  of  the  metal  line  surface  displacement  was  performed  with  a  high  resolution 
interferometric  laser  probe.  A  very  good  agreement  between  the  measurements  and  simulations  was 
found  for  temperature  increase  and  resistance  change  as  well  as  for  the  surface  displacement  [8], 
The  divergence  of  total  mass  flux  was  calculated  by  applying  the  user  routine  based  on  the  FE- 
simulation  results.  For  an  applied  voltage  of  3.5V ,  equivalent  200  mA  the  calculated  distribution  of 


Figure  2.  Distribution  of  mass  flux  divergence  in 
an  aluminum-pad-metallization  (in  1/pm3  s). 


Figure  3.  SEM  image  of  the  failure  location. 
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mass  flux  divergence  in  the  pad  metallization  is  illustrated  in  figure  2.  The  divergence  maximum  is 
located  in  the  metallization  line  at  the  interface  of  Al/Si02  and  about  15  pm  away  from  the  pad.  The 
minimum  of  mass  flux  divergence  was  found  in  the  opposite  part  in  the  metallization  line. 

Figure  3  shows  a  SEM  image  with  the  failure  location  after  the  accelerated  electromigration  stress 
test  by  an  applied  current  of  200  mA.  Voiding  was  located  in  the  metallization  line  at  the  interface 
of  Al/Si02  ca.  10-20  pm  away  from  the  pad.  This  observation  was  reconfirmed  by  EM-stress  test  on 
multiple  samples.  The  experimental  results  confirm  the  simulations  very  well. 

RESULTS 


The  mass  flux  and  mass  flux  divergence  driven  by  current  density,  temperature  gradient  and  stress 
gradient  as  well  as  the  total  mass  flux  were  calculated  by  using  the  user  routine.  The  dependence  of 
applied  current  on  the  maximum  of  the  mass  flux  was  investigated.  For  a  lower  current  the  mass  flux 
is  mainly  induced  by  electromigration.  Increasing  the  applied  current  to  200  mA  the  mass  flux 
maximum  of  electromigration  has  a  value  comparable  with  the  mass  flux  of  stress  migration,  whereas 
the  mass  flux  of  thermomigration  has  a  very  small  value.  It  can  be  explained  that  the  temperature  and 
thermal  mechanical  stress  increase  due  to  the  joule  heating  and  thereby  the  mobility  of  vacancy 
becomes  high. 

A 140  pm  long  segment  between  two  neighbouring 
pads  of  the  metallization  is  illustrated  in  figure  4. 
Figure  5  shows  the  distribution  of  the  mass  flux 
divergence  induced  by  stress  migration, 
electromigration  and  thermomigration  with  an  applied 
current  of  1 50  mA.  The  values  have  been  taken  along 
Figure  4.  A  segment  of  the  aluminum-pad-  a  path  in  the  middle  of  the  aluminum  line  between 
metallization.  these  two  pads  under  the  metallization.  The  maximum 

of  electromigration  was  found  in  the  inner  comer  of 
the  pad  to  the  metallization  line.  The  maximum  of  the  stress  migration  was  found  in  the  middle  of 
the  metallization  line  and  at  the  interface  of  Al/Si02.  This  can  be  attributed  to  the  high  mechanical 
stress,  stress  gradient  respectively,  which  are  located  at  the  interface,  where  the  interaction  of 


Path 

=7 <— 


Distance 


Distance  [/2m] 

Figure  5.  Mass  flux  divergence  of  stress 
migration,  electromigration  and  thermomigration, 
along  a  path  between  two  neighbouring  pads  and 
beneath  the  metallization. 


Distance  fom] 

Figure  6.  Total  mass  flux  divergence  with  applied 
current  of  10  mA,  1 50  mA  and  250  mA,  along  a 
path  between  two  neighbouring  pads  and  beneath 
the  metallization. 
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different  materials  takes  place.  The  maximum  of  total  mass  flux  divergence  is  located  20  pm  away 
from  the  inner  comerin  the  metallization  line  as  a  result  of  the  superposition  of  the  stress  migration, 
electromigration  and  thermomigration. 

The  dependence  of  the  maximum  of  total  mass  flux  divergence  on  the  applied  current  was 
investigated.  For  an  increasing  current  the  maximum  mass  flux  divergence  increases  too.  This 
behaviour  can  be  explained  by  the  local  heating  as  well  as  the  stress  gradients,  which  are  caused  by 
the  high  current  density.  Figure  6  shows  the  distribution  of  mass  flux  divergence  along  the  path  with 
different  applied  currents  of  1 0  mA,  1 50  mA  and  250  mA.  For  an  applied  current  of  1 0  mA  the  mass 
flux  divergence  was  found  in  the  inner  corner  of  the  pads.  In  this  case  the  electromigration  is  the 
dominant  failure  mechanism.  For  a  current  of  250  mA  the  maximum  of  the  mass  flux  divergence 
moves  from  the  inner  comer  into  the  center  of  the  metallization  line  with  an  increase  of  stress 
gradient  and  temperature.  This  indicates  that  for  this  aluminum-pad-structure,  applying  a  high  current 
stress  migration  and  thermomigration  are  main  failure  mechanisms. 

CONCLUSION 

A  theoretical  model  for  the  calculation  of  stress  migration  coupled  with  electromigration  and 
thermomigration  was  developed.  Finite  element  simulations  of  mass  flux  divergence  based  on 
electrical  current,  temperature  and  thermal-mechanical  stress  were  carried  out  on  an  aluminum-pad- 
metallization.  For  a  higher  current  density  the  failure  was  found  in  the  metallization  line  at  the 
interface  of  Al/Si02.  The  failure  mode  in  this  case  is  suggested  to  be  the  stress  migration.  The  failure 
location  after  the  accelerated  electromigration  test  confirms  the  simulation  results  veiy  well. 
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ABSTRACT 

Numerous  mechanisms  have  been  identified  as  fundamental  to  the  adhesion  of  thin 
metallic  films.  The  primary  mechanism  is  the  thermodynamic  work  of  adhesion  of  the  interface, 
which  in  its  most  basic  description  is  the  difference  between  the  surface  energies  of  the  two 
materials  and  that  of  the  interface.  This  quantity  is  often  described  as  leveraging  the  contributions 
of  other  mechanisms.  One  of  the  more  important  mechanisms  is  that  of  plasticity  occurring  in  a 
process  zone  in  the  vicinity  of  the  delamination  boundary.  A  quantitative  model  to  characterize 
the  contributions  of  plastic  energy  dissipation  has  been  developed  and  used  to  rationalize 
experimental  adhesion  assessments.  This  model  incorporates  the  functional  dependence  of  the 
film  thickness  and  constitutive  properties.  Orders  of  magnitude  increases  in  the  practical  work  of 
adhesion  were  both  observed  and  predicted.  Experimentally,  the  films  used  for  model 
comparison  were  sputter-deposited  copper  ranging  from  40  to  3300  nm  in  thickness,  with  and 
without  a  thin  10  nm  Ti  underlayer.  Nanoindentation  induced  delamination  of  the  Cu  from 
SiOi/Si  wafers  were  evaluated  in  the  context  of  composite  laminate  theory  to  determine  adhesion 
energies  ranging  from  0.6  to  100  J/m2  for  bare  Cu  and  from  4  to  110  J/m2  for  Cu  with  the  Ti 
underlayer. 

INTRODUCTION 

Reliability  of  electronic  devices  that  contain  multi-layer  thin  films  is  strongly  dependent 
on  interfacial  adhesion.  Even  if  the  film  meets  the  design  criteria  in  terms  of  its  properties, 
failure  to  adhere  to  the  substrate  will  cause  a  device  failure.  In  many  cases,  elastic-plastic 
properties  of  a  film  are  significantly  different  from  those  of  a  substrate.  Extensive  plastic 
deformation  is  likely  to  develop  in  the  softer  material  before  delamination  is  induced  during  an 
adhesion  assessment  test.  This  imposes  restriction  on  the  application  of  elastic  methods  of 
analysis.  Elastic-plastic  approaches  for  a  hard  film  on  a  plastically  deforming  substrate  has 
recently  been  developed  [1,2]  providing  a  basis  for  the  experimental  adhesion  assessment.  In 
contrast,  while  theoretical  treatments  for  composites  consisting  of  a  ductile  film  sandwiched 
between  two  brittle  materials  are  available  [3,4],  methods  applicable  for  practical  adhesion 
testing  are  still  in  the  developing  stages. 

Ductile  metal  film-brittle  dielectric  substrate  systems  are  of  practical  importance  in 
microelectronics  applications.  It  applies  e.g.  to  copper  as  a  new  interconnect  material.  Opposite 
to  Al,  Cu  adheres  poorly  to  most  dielectrics.  For  practical  purposes  adhesion  is  the  total 
irreversible  energy  required  to  debond  a  thin  film  from  a  substrate.  There  are  several  contributing 
factors  to  the  work  of  adhesion,  thermodynamic  (true)  work  of  adhesion  being  the  primary  basis. 
In  the  present  study  we  report  the  influence  of  another  important  contribution  to  the  practical 
work  of  adhesion,  that  being  the  plastic  energy  dissipation  in  a  ductile  thin  film.  Changing  the 
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film  thickness  can  vary  the  amount  of  plasticity.  A  simple  plastic  strip  model  as  an  upper  bound 
for  estimating  plastic  energy  dissipation  at  the  interfacial  crack  tip  [5],  is  given  by: 


G  = 


(1), 


where  h  is  the  film  thickness,  E  is  the  Young’s  modulus,  oys  is  the  yield  stress,  and  b  is  the 
Burgers  vector.  In  this  model  the  plastic  zone  extends  through  the  whole  film  thickness,  and  the 
Burgers  vector  is  a  cut-off.  Note  that  this  is  slightly  larger  but  of  a  similar  form  to  that  derived 
elsewhere  from  small  scale  yielding  considerations  [1].  Even  though  the  yield  stress  of  copper 
thin  films  measured  by  nanoindentation  was  shown  to  decrease  with  increasing  film  thickness 
[5],  higher  strain  energy  release  rate  values  are  expected  for  thicker  ductile  films  [6,7]  as  the 
thickness  increase  dominates. 

Adhesion  of  a  Cu  thin  film  can  also  be  improved  by  putting  a  thin  “glue”  layer  of  another 
material  between  Cu  and  a  dielectric  substrate.  Here  a  thin  Ti  underlayer  was  used  to  improve  Cu 
film  adhesion  to  Si02,  thus  increasing  the  amount  of  plastic  deformation  in  Cu  films. 

EXPERIMENT 

Thin  film  deposition 

All  thin  film  processing  was  conducted  in  a  clean  room  environment.  Silicon  <100> 
wafers  (100  mm  in  diameter,  0.5  mm  thick)  were  thermally  oxidized  at  1 100  °C  in  steam  to  grow 
1.5  pm  of  Si02.  Oxide  thickness  was  measured  with  a  Nanoscope  Ellipsometer.  Cu  films  from 
40  nm  to  3  pm  thick  were  deposited  in  a  2400  Perkin-Elmer  sputtering  apparatus.  During 
sputtering  the  base  pressure  of  the  system  was  1  pTorr,  and  the  Ar  pressure  was  12  mTorr. 
Substrate  table  rotation  was  used  to  achieve  uniform  Cu  film  thickness  and  nanostructure.  The 
maximum  temperature  during  film  deposition  reached  100  °C  after  which  the  system  was  cooled 
for  one  hour  without  breaking  the  vacuum  in  order  to  prevent  film  oxidation.  Using  a  DEKTAK 
surface  profiler,  film  thickness  was  measured  and  confirmed  by  RBS  measurements.  Some  Cu 
films  were  sputtered  over  a  10  nm  thick  Ti  “glue”  layer  on  top  of  Si02.  Residual  stresses  in  Cu 
films  were  measured  by  the  wafer  curvature  technique  employing  Stoney’s  equation  [8],  and 
ranged  from  200  to  300  MPa  tension.  After  all  Cu  films  were  deposited,  a  superlayer  of  1 . 1  pm 
of  W  with  200-300  MPa  compressive  residual  stress  was  sputtered  over  all  Cu  films  in  one  run. 
Deposition  parameters  for  the  different  layers  are  summarized  in  Table  I. 


Table  I.  Sputtering  deposition  parameters. 


Sputtered 

Material 

Base 

Pressure,  pTorr 

Ar  Pressure/Flow, 
mTorr/cm3  min'1 

Presputter 
time,  min 

Sputter 
power,  W 

Table 

rotation,  rpm 

Ti 

1 

11/9.6 

15 

1000 

3.8 

Cu 

1 

12/12 

15 

1000 

2 

W 

1 

7.4/7 

15 

1000 

3.8 
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Superlaver  indentation 

A  superlayer  indentation  method  developed  by  Kriese,  et  al  [9]  was  used  for  Cu  thin  film 
adhesion  determinations.  In  the  case  of  ductile  or  strongly  adhered  films  it  is  often  impossible  to 
cause  film  delamination  from  the  substrate  by  means  of  indentation.  Ductile  thin  films  cannot 
store  enough  strain  energy  necessary  for  crack  initiation/propagation.  Deposition  of  a  hard  film, 
capable  of  storing  sufficient  amounts  of  elastic  energy  over  the  film  of  interest,  can  result  in 
multilayer  debonding  [10],  producing  bigger  delamination  radii  (Figure  1).  It  also  acts  like  a 
capping  layer,  preventing  plastic  flow  of  the  underlying  film  in  the  vertical  direction,  adding 
normal  stresses  at  the  interfacial  crack  tip  [3]. 


Figure  1.  Optical  micrographs  of  delaminations  produced  after  indenting  to  250  mN  of  load 
without  and  with  a  tungsten  superlayer  (420  MPa  residual  tensile  stress)  on  Cu:  Note  the  factor 

of  four  difference  in  scale. 

In  the  superlayer  test  developed  by  Bagchi,  et  al  high  residual  stress  in  the  superlayer 
provides  the  driving  force  for  film  delamination  [9].  Since  residual  stress  is  related  to  the 
superlayer  thickness,  several  superlayer  deposition  steps  are  necessary  for  upper  and  lower  bound 
adhesion  assessment.  For  the  superlayer  indentation  test  a  sharp  indenter  provides  enough 
additional  stress  for  crack  initiation/propagation.  As  opposed  to  the  Bagchi  design,  the  sign  of  the 
residual  stress  in  the  superlayer  does  not  have  much  effect  on  the  interface  cracking.  Indentation 
stresses  will  overcome  the  residual  tensile  stress,  or  will  be  added  to  the  compressive  stress, 
promoting  blister  formation  in  both  cases  [5,3,11].  This  makes  the  superlayer  indentation  test 
more  versatile  and  easy  to  perform  in  terms  of  superlayer  deposition  and  sample  preparation. 
Superlayer  indentation  is  schematically  shown  in  Figure  2. 

If  the  cracked  film  radius  reaches  the  critical  double-buckling  conditions  during  loading, 
it  will  buckle.  Upon  the  tip  removal  single  buckling  is  also  an  option  if  the  appropriate  critical 
conditions  are  reached.  Mechanics  of  the  superlayer  indentation  test  [9]  is  an  extension  of  single 
layer  Marshall  and  Evans  analysis  [12],  and  treats  a  bilayer  as  a  single  layer  from  the  standpoint 
of  laminate  theory. 
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Figure  2.  Superlayer  indentation  schematic. 

Fracture  toughness  assessment 

When  an  indenter  penetrates  through  a  bilayer,  it  causes  film  debonding  and  blister 
formation,  which  can  be  seen  afterwards  in  an  optical  microscope  with  Nomarski  contrast. 
Properties  of  the  films  such  as  elastic  modulus,  Poisson’s  ratio,  as  well  as  the  tip  angle  and  radius 
are  needed  for  an  adhesion  assessment.  Generally  speaking,  there  are  two  measurements  that  are 
necessary  for  strain  energy  release  rate  calculations.  From  the  standpoint  of  blister  formation, 
both  indentation  depth  and  blister  diameter  are  required.  Blister  diameter  is  measured  in  the 
optical  microscope  with  Nomarski  contrast,  examples  being  presented  in  Figure  1.  An  Olympus 
optical  microscope  was  calibrated  for  50  and  100X  magnifications  prior  to  blister  diameter 
measurement  with  a  Tencor  surface  profilometer  being  used  to  verify  the  measurement  accuracy. 

Displacement  controlled  indentation  tests  were  conducted  using  the  IBM 
micromechanical  tester  described  elsewhere  [9,13].  A  series  of  indents  to  maximum  loads 
ranging  from  30  to  250  mN  were  made  with  a  conical  90°  diamond  indenter  of  1  pm  tip  radius. 
Using  the  Oliver-Pharr  method  [14],  indentation  volume  has  been  calculated  from  the  indentation 
depth,  as  obtained  by  fitting  65%  of  the  unloading  portion  of  the  load-displacement  curve. 

Besides  plastic  deformation,  there  are  several  other  energy  dissipation  mechanisms  for 
superlayer  indentation.  Friction  between  the  film  and  the  substrate  behind  the  crack  front  may 
screen  the  crack  tip  from  the  applied  load  [15].  However,  frictional  effects  are  not  considered  in 
the  present  model.  Cracking  of  the  multilayer,  as  well  as  the  substrate  also  releases  strain  energy, 
and  is  indirectly  accounted  for  in  the  strain  energy  release  rate  calculations. 

Radial  multilayer  cracking 

For  most  of  the  indents  into  Cu  films  without  a  Ti  underlayer,  load  excursions  on  the 
load-displacement  curves  were  observed  (Figure  3). 

Discontinuities  on  the  indentation  curve  can  be  attributed  to  multilayer  buckling,  unstable 
crack  growth,  radial  multilayer  cracking  and  substrate  cracking.  Since  the  indentation  volume  is 
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calculated  from  the  residual  depth,  it  will  be  overestimated  for  indentations  with  load  excursions, 
which  would  result  in  the  lower  values  for  the  calculated  interfacial  adhesion  strength.  Though 
the  exact  nature  of  excursions  is  not  clear  yet,  it  was  accounted  for  in  the  analysis  by  subtracting 
the  amount  of  excursions  from  the  residual  indentation  depth.  For  shallower  indentations,  usually 
no  radial  cracking  or  load  excursions  were  observed  (e.g.  indentation  1  in  Figure  3).  Increasing 
the  indentation  depth  caused  larger  delamination  radii,  followed  with  a  reproducible  load 
excursion  at  120-120  mN  for  a  100  nm  thick  Cu  film.  From  this  example  it  appears  that  the  radial 
multilayer  cracking  contributes  to  discontinuities  on  the  load-displacement  curves.  On  the  other 
hand,  some  curvature  of  Cu/W  due  to  residual  stress  mismatch  or  double  buckling  could  lead  to  a 
rapid  interfacial  crack  advance  followed  by  radial  cracking. 

The  extent  of  radial  cracks  is  highly  dependent  on  the  residual  stress  in  the  W  superlayer. 
Tensile  circumferential  stress  Oe  in  the  delaminated  film  drives  radial  cracks  initiated  at  the  edge 
of  the  contact  with  an  indenter.  For  a  film  with  the  residual  compressive  stress,  ae  becomes 
compressive  at  the  edge  of  a  delamination  while  with  the  tensile  residual  stresses,  ae  is  always 
tensile.  As  reported  in  [4]  for  residual  compressive  stress,  the  indenter  will  produce  radial  cracks 
in  the  brittle  film  (W  with  300  MPa  compressive  residual  stress  in  this  case)  only  up  to  a  half  of 
the  delamination  radius.  This  is  clearly  seen  in  Figure  3,  indentation  2.  In  the  case  of  tensile 
residual  stress  in  W  superlayer  [9],  radial  cracks  extend  to  the  delamination  radius  (Figure  1). 


Figure  3.  Load-displacement  curves  and  corresponding  delaminations  for  a  100  nm  thick  Cu  film 

without  Ti  underlayer. 

Ti  underlayer 

There  are  several  reasons  why  a  thin  underlayer  is  necessary  in  the  case  of  Cu  films.  From 
the  standpoint  of  microelectronics,  copper  diffuses  into  silicon,  reaching  active  devices.  The 
underlayer  is  desirable  to  prevent  copper  diffusion.  On  the  other  hand,  any  additions  to  copper 
reduce  film  conductivity.  The  underlayer  material  is  presumably  nonreactive  and  nonmiscible 
with  copper,  should  react  with  Si  at  high  temperatures  but  not  weaken  copper  electromigration 
properties.  The  underlayer  is  supposed  to  improve  adhesion  properties  and  thus  improve 
mechanical  reliability. 
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For  the  current  study  a  thin  (10  nm)  layer 
of  Ti  was  used  to  improve  Cu  film  adhesion  to 
silicon/silica  substrates.  There  are  two  main 
reasons  why  Ti  improves  Cu  adhesion  in  this 
case.  First,  there  are  two  new  interfaces  that  are 
formed,  which  are  stronger  than  the  original 
Si02/Cu  one  [16].  Second,  being  in  its  initial 
stage  of  island  growth,  the  Ti  film  has  higher 
surface  roughness  than  Si02  (which  simply 
increases  the  contact  area  between  Ti  and  Cu). 
Since  the  vacuum  was  broken  prior  to  Cu  film 
deposition,  Ti02  oxide  was  most  likely  formed 
[17].  Thus,  whatever  increase  in  adhesion 
results  must  be  considered  either  in  terms  of 
roughness  or  bonding  to  the  titania. 

Figure  4.  SEM  image  of  Ti  underlayer. 


RESULTS  AND  DISCUSSION 

Interfacial  fracture  toughness  values  of  Cu  films  are  compiled  in  Figure  5.  The  plane 
strain  solution  for  a  wedge  from  [11]  is  presented  for  comparison.  Elevated  values  for  strain 
energy  release  rate  are  expected  for  the  delamination  radius  to  contact  radius  ratios  up  to  five. 

There  are  two  components  that  contribute  to  the  elastic  energy  in  the  film  that  drives 
interfacial  delamination:  indenter-induced  stress  and  residual  stress  in  the  bilayer.  For  smaller 
delammation  radii  (R/a  <  5  in  case  of  a  superlayer)  there  is  an  indenter-induced  stress  that  drives 
the  crack.  For  radii  ratios  over  five  the  residual  stress  in  the  superlayer  is  mostly  contributing  to 
the  annular  crack  growth. 


Delamination  Radius/Contact  Radius  (R/a)  Delamination  Radius/Contact  Radius  (R/a) 


Figure  5.  Strain  energy  release  rate  as  a  function  of  normalized  delamination  radius  for 
Cu  films  a)  without  and  b)  with  Ti  underlayer. 
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The  bi-layer  solution  for  a  2|lm  thick  Cu  film  is  also  presented.  This  solution  is 
constructed  by  fixing  the  indentation  depth  at  0.64  of  the  bilayer  thickness  and  varying  the 
delamination  radius.  For  a  given  indentation  depth  and  bilayer  thickness  there  will  be  a  unique 
curve.  Both  plane  strain  and  bilayer  solutions  show  that  for  thicker  films  higher  strain  energy 
release  rate  values  are  expected  for  a  given  R/a  ratio.  For  R/a  <  5,  variations  in  the  delamination 
radius  as  measured  optically  will  produce  significant  changes  in  the  measured  adhesion.  Note 
that  for  a  given  load,  bi-layer  blisters  without  Ti  are  much  larger  compared  to  those  with  the  Ti 
underlayer,  as  shown  in  Figure  6a.  Corresponding  indentation  curves  are  shown  in  Figure  6b. 


For  Cu  films  with  a  Ti  underlayer,  R/a  ratios  do  not  exceed  15,  compared  to  21  without 
Ti.  Improved  Cu  adhesion  in  the  case  of  Ti  underlayer  does  not  allow  blister  extensions  over  R/a 
ratios  higher  than  15.  Indenting  deeper  than  the  bilayer  thickness  into  the  substrate  does  not 
increase  the  blister  size  substantially,  but  causes  substrate  cracking  and  invalidates  the  analysis. 

Residual  stresses  in  Cu  and  W  layers  both  affect  G  values.  While  W  stresses  were  the 
same  for  both  films  with  and  without  Ti,  residual  tension  was  slightly  higher  for  the  Cu/Ti  films 
as  shown  in  Figure  7. 


Figure  7.  Residual  stress  levels  in 
the  Cu  and  Ti/Cu  films. 


A  higher  tensile  stress  in  Cu  layer  would  result  in  increased  curvature  of  the  delaminated 
Cu/W.  Thus,  with  the  Ti  underlayer,  the  crack  tip  would  be  more  heavily  under  Mode  I 
conditions.  In  fact,  this  prediction  is  consistent  with  the  phase  angle  estimates  as  will  be  shown 
later.  A  shift  towards  Mode  I  would  decrease  measured  adhesion  strength,  opposite  to 
experimental  observations  as  shown  in  Figure  8.  Overall,  the  strain  energy  release  rate  is  higher 
for  films  with  this  underlayer  for  a  given  film  thickness.  Here,  the  plastic  energy  dissipation 
upper  bound  estimate  as  given  by  equation  (1)  is  also  presented  for  comparison.  This  estimate 
assumes  the  plastic  zone  size  extends  through  the  entire  film  thickness.  While  being  in 
qualitatively  good  agreement  with  the  experimental  results,  the  model  is  clearly  an  overestimate. 
One  of  the  possible  reasons  could  be  the  assumption  that  the  plastic  zone  extends  through  the 
entire  film  thickness.  Thus,  it  was  desirable  to  estimate  plastic  zone  size  based  on  the 
experimentally  measured  strain  energy  release  rates. 

Plastic  zone  size  at  the  crack  tip 

If  the  fracture  toughness  of  the  interface  is  known,  a  plastic  strip  model  described  in  [5]  can 
be  used  for  estimating  plastic  zone  size,  c  at  the  crack  tip.  Similar  assumptions  are  considered 
here: 

1)  Elastic-perfectly  plastic  material; 

2)  No  contribution  from  substrate  or  superlayer; 

3)  Use  Burgers  vector,  b  as  a  cut-off; 

4)  The  average  stress  is  equal  to  the  yield  stress  of  the  film. 
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The  difference  here  is  that  the  plastic  zone  does  not  necessarily  extend  to  the  film  thickness,  but 
to  some  finite  distance  c  <  h.  Work  per  unit  fracture  area  can  be  determined  as  follows: 


dW  _  J  a  de  •  dV 
dA  ”  dA 


1  c 

=  cjad£~ccys - Je(r)dr 

3  c  -  b  K 


(2), 


where  c  is  a  finite  plastic  zone  size,  b  is  Burgers  vector,  e  (r)  is  the  plastic  strain  at  a  distance  r 
from  the  crack  tip,  as  given  by  [18]: 


(3) 


Substituting  (3)  into  (2)  and  integrating  yields: 


(4) 


Since  the  plastic  zone,  c  is  still  much  bigger  than  the  Burgers  vector,  the  last  b/c  term  can  be 
omitted  in  this  case  except  perhaps  for  very  small  thicknesses.  Note  that  (4)  reduces  to  (1)  at  the 
upper  bound  where  c  =  h.  If  G  is  known,  equation  (4)  can  be  solved  for  c  numerically.  Results  of 
the  crack  tip  plastic  zone  size  calculations  are  presented  in  Figure  9. 


Figure  8.  An  interfacial  energy  relationship 
to  the  film  thickness:  theoretical  upper 
bound  solution  (top  solid  line)  and 
experimental  strain  energy  release  rates. 
Note:  error  bars  span  the  full  range  of  data, 
from  9  to  16  points. 


Figure  9.  Crack  tip  plastic  zone  for  Cu  films 
without  Ti  underlayer.  Calculations  from  the 
modified  plastic  strip  model,  equation  (4) 
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Here,  it  is  seen  that  the  plastic  zone  size  is  always  larger  with  the  Ti  underlayer,  and  is 
approaching  the  film  thickness.  Since  the  Cu  film  adhesion  was  higher  in  this  case,  much  more 
energy  was  spent  on  Cu  film  plastic  deformation,  approaching  the  upper  bound  of  Figure  9. 

Since  measured  mterfacial  fracture  toughness  is  strongly  dependent  on  the  mode  mixity 
estimate  of  phase  angle  variations  with  the  changing  CuAV  film  thickness  ratio  is  desirable  This 
would  assist  in  sorting  whether  the  improved  adhesion  was  solely  due  to  plastic  energy 
dissipation  as  opposed  to  contributions  from  a  change  in  phase  angle. 

Phase  angle  determination 

To  obtain  an  estimate  of  phase  angle,  a  procedure  originally  defined  elsewhere  [5]  but  not 
completely  derived  is  used  here.  First,  for  Mode  I  conditions  the  values  of  G0,  an  initiation  strain 
energy,  can  be  taken  from  Mao,  et  al  [19,  5]  for  pure  Mode  I  loading  to  be 


G0“ 


J  E 


(5) 


where  ab  is  the  interfacial  bond  strength,  A  is  the  crack  blunting  distance,  and  E  is  Young’s 
modulus.  The  number  of  dislocations  piled-up  at  a  boundary  may  be  given  by  N=A/b  with  N 
further  defined  in  terms  of  the  shear  stress  acting  on  the  boundary  [20],  giving 


N-A.Jil  <6> 

b  2A* 

with  A  =  pb/2rc(l-v);  d,  the  pile-up  length;  jli,  as  the  shear  modulus;  v  ,  Poisson’s  ratio.  To  first 
order  we  take  vt  to  be  associated  with  the  maximum  shear  stress.  Since  the  shear  stress  at 
initiation  is  largely  elastic  as  governed  by  the  preponderance  of  tungsten  in  most  cases,  this 
becomes 


Ti  ~  Tmax  ~  0.3p0  =  0.45 — — 


_P 

naA 


(7), 


where  p0  is  the  maximum  pressure  or  3/2  the  mean  pressure,  P  is  load  and  a  is  the  contact  radius. 
Since  the  P/Jta  in  (7)  is  hardness  ,H,  the  number  of  dislocations  of  interest  from  (5)-(7)  becomes 


(8) 


with  the  pile-up  length,  d,  being  taken  as  the  film  thickness,  h.  Further,  taking  hardness  to  be 
three  times  the  yield  strength,  <yys ,  it  is  easily  shown  with  (5)-(8)  that 


Go 


2 

3k  ^b^ysb 
8  Ep 


(9) 
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It  is  seen  that  by  measuring  Go  we  can  estimate  bond  strength  since  Gys,  h,  E  and  |X  are 
known.  Furthermore,  as  discussed  elsewhere  [5],  we  can  estimate  the  tangential  shear  stress  from 
elasticity  theory  and  therefore  estimate  a  phase  angle  from 

\|/  =  tan-1^j  (10) 

First,  the  ratio  of  x/ob  is  determined  using  experimentally  measured  values  of  G0.  Converting  this 
to  a  phase  angle  through  equation  (10)  gives  the  phase  angle  versus  normalized  film  thickness  in 
Figure  10a. 
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Figure  10a.  Phase  angle. 


b.  Bond  strength. 


The  phase  angle  decreases  quite  rapidly  from  about  20  degrees  to  5  degrees  with 
increasing  Cu  thickness  compared  to  the  superlayer.  This  trend  is  consistent  with  the  theoretical 
predictions  presented  in  the  Appendix.  The  important  point  is  that  the  material  with  the  titanium 
underlayer  has  a  slightly  lower  measured  phase  angle.  This  indicates  a  smaller  Mode  II 
component  being  involved  in  the  delamination  process.  Since  a  smaller  mode  II  component 
should  result  in  a  decreased  strain  energy  release  rate,  the  obvious  conclusion  is  that  the  mode  II 
component  is  not  a  controlling  factor  here.  On  the  other  hand,  presence  of  the  Ti  underlayer 
results  in  approximately  doubling  in  the  true  adhesion  strength  as  shown  in  Figure  10b.  Here, 
bond  strengths  for  Ti/Cu/W  and  Cu/W  films  are  given  by  equation  (5).  Note  that  estimated 
values  are  nearly  independent  of  the  film  thickness  for  both  types  of  multilayers.  It  may  be 
concluded  that  the  increased  strain  energy  release  rate  observed  in  Figure  8  with  the  Ti 
underlayer  cannot  be  attributed  to  a  phase  angle  effect.  The  conclusion,  using  an  admittedly  first 
order  calculation  of  a  true  bond  strength  and  phase  angle,  is  that  the  important  contribution  of  the 
Ti  is  improved  bonding  and  therefore  an  increased  plastic  energy  dissipation. 
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Practical  and  true  works  of  adhesion 


Regarding  the  present  adhesion  measurements,  there  are  three  important  points  we  wish 
to  make  here: 

i)  Cu  films  both  with  and  without  a  Ti  underlayer  have  increased  interfacial  energy  release  rates 
with  increasing  thickness; 

ii)  a  Ti  underlayer  increases  both  interfacial  toughness  and  interfacial  bond  strength,  but  the  later 
is  independent  of  film  thickness; 

iii)  on  both  theoretical  and  experimental  grounds,  the  phase  angle  decreases  with  an  increasing 
ductile  layer  thickness,  in  this  case  Cu. 

These  three  points  taken  together  are  consistent  with  plastic  energy  dissipation  in  the  Cu 
films  being  the  primaiy  contributor  to  improved  adhesion  energies.  While  a  Mode  II  contribution 
might  be  a  minor  factor  in  all  cases  but  one,  the  calculated  phase  angle,  y  =  15°  is  sufficiently 
small  to  reinforce  the  proposed  concept  that  plastic  zone  sizes  are  generally  about  a  factor  of  two 
smaller  than  the  Cu  film  thickness  implying  that  an  even  stronger  bonding  agent  might  further 
improve  interfacial  fracture  toughness.  The  one  disturbing  feature  about  the  data  with  the  Ti 
underlayer  is  that  strain  energy  release  rate  appears  to  increase  with  decreasing  Cu  film  thickness 
below  about  100  nm.  Presently  it  is  not  known  whether  this  is  an  artifact  in  our  calculated  values 
where  R/a  is  quite  small  (see  Figure  5b)  or  whether  some  Ti/Cu  intermixing  at  very  small  Cu 
thicknesses  allows  improved  bonding  to  the  W  superlayer  resulting  in  nonlinear  dissipation 
contributions  from  die  tungsten.  It  is  also  possible  that  the  above  trends  can  possibly  be  attributed 
to  the  interfacial  friction  producing  screening  of  a  crack  tip  from  the  applied  load.  As  follows 
from  Stringfellow  and  Freund’s  [15]  theoretical  results,  screening  effects  should  be  negligible  at 
higher  film  thicknesses  but  increase  with  decreasing  film  thickness.  Higher  surface  roughness  of 
Ti  as  compared  to  Si02  could  possibly  result  in  more  effective  screening  of  a  crack  tip  from  the 
applied  load.  Thus,  adhesion  strength  of  Cu  films  thinner  than  100  nm  could  be  increased  via 
interfacial  friction  when  Ti  is  present  but  remain  unaffected  for  the  films  with  no  Ti.  In  fact,  we 
wish  to  point  out  that  the  Cu  only  films  behave  in  an  orderly  fashion  with  a  plateau  of  G  =  0.6 
J/m  for  thicknesses  less  than  or  equal  to  100  nm.  This  translates  to  a  stress  intensity  factor  of 
0.27  MPam  .  Using  the  yield  strength  for  120  nm  thick  film,  and  ays  =  1.86  GPa  from  a 
deconvolution  program,  one  finds  a  plane  strain  plastic  zone  of  only  22  A.  Since  this  is 
practically  the  stand  off  distance  for  a  single  dislocation  (Burgers  vector),  it  can  be  assumed  that 
plastic  energy  dissipation  is  nil.  As  pointed  out  elsewhere,  [6],  the  stress  intensity  factor  of  0.27 
MPa  m  is  only  slightly  less  than  Rice  and  Thompson’s  estimate  for  dislocation  emission  in  Cu, 
kIe  =  0.32MPa  •  m  .  Taken  together,  it  would  appear  that  we  have  measured  at  the  plateau,  the 
true  work  of  adhesion,  i.e.  the  thermodynamic  value  of  fundamental  interest. 


SUMMARY  AND  CONCLUSIONS 

Plastic  energy  dissipation  effects  on  the  toughness  of  a  thin  ductile  film/brittle  substrate 
interface  have  been  quantitatively  evaluated.  Predictions  of  a  proposed  theoretical  model  have 
been  compared  to  the  experimental  results  for  Cu/Si02  interface  with  and  without  a  Ti 
underlayer.  Experimental  adhesion  strength  assessment  relied  on  the  superlayer  indentation 
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technique  and  axisymmetric  bi-layer  theory.  Values  ranging  from  0.6  to  100  J/m2  and  from  4  to 
110  J/m2  increasing  with  the  film  thickness  were  obtained  for  Cu/SiC>2  and  Cu/Ti/Si02  systems, 
respectively.  Observed  trends  in  interfacial  toughness  vs.  film  thickness  dependencies  were  in 
qualitatively  good  agreement  with  the  theoretical  model.  Bond  strength  estimates  yielded  average 
values  of  10  GPa  and  5  GPa  for  films  with  and  without  Ti  underlayer,  respectively.  These  values 
were  nearly  constant  through  all  the  range  of  Cu  layer  thicknesses  indicating  a  true  adhesion 
strength  independent  of  the  film  thickness.  Estimated  phase  angle  values  respectively  ranged 
from  6  to  40°  and  from  2  to  14°  for  Cu/Si02  and  Cu/Ti/Si02  systems.  In  both  cases,  increasing 
Cu  film  thickness  resulted  in  a  shift  towards  Mode  I  conditions.  For  the  entire  range  of  Cu  film 
thicknesses,  estimated  plastic  zone  sizes  were  higher  with  the  presence  of  Ti  underlayers  as 
compared  to  the  films  with  no  underlayer. 

Taking  into  account  the  above,  plastic  energy  dissipation  has  been  identified  as  the 
mechanism  primarily  responsible  for  the  observed  elevation  of  the  interfacial  fracture  toughness. 
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APPENDIX 

Effects  of  film  thickness  and  interfacial  crack  length  on  the  mode  mixity  for  buckling 
driven  delamination  in  the  indented  pre-stressed  film  can  be  qualitatively  evaluated  through  the 
parameter  q  =  o/ac  .  Here,  ac  is  the  critical  buckling  stress;  o  =  Gj  +  aR  is  the  total  stress  in 
the  film  with  the  and  cR  being  indentation  induced  stress  and  residual  film  stress 
respectively.  As  ti  increases,  |\}/|  increases  with  the  interface  crack  becoming  more  heavily  under 
mode  B  conditions  [21].  The  parameter  ti  can  be  determined  using  values  of  cq  and  aR  defined 
by  the  Marshall  and  Evans  [12]  analysis  for  a  single  layer,  giving 

r.  =  ai+qR  _  <?R+PEVQ/R2h  _  crR2  +  pEV0/h 

yEh2/R2  =  ^  (A1) 

Here,  y  =  14.68/1 2(l-v2);  P  =  1/2tc(1-v);  V0  is  the  indentation  volume;  v,  Poisson’s  ratio;  E, 
Young’s  modulus  and  compression  is  regarded  as  a  positive  stress.  In  the  case  of  a  bi-layer  film, 
oR  should  be  replaced  with  the  effective  residual  stress  in  the  laminate.  For  the  Cu/W  thickness 
ratios  and  residual  stress  levels  considered  in  the  present  research,  the  effective  aR  is  always 
positive. 

Differentiating  (A.  1)  with  respect  to  the  delamination  radius  yields: 

dq  2aRR 

_  =  — (A.2) 
dR  yEh2 

As  follows  from  (A.2),  q  increases  with  the  delamination  radius  if  the  effective  residual  stress  in 

the  bi-layer  is  compressive.  On  the  other  hand,  the  derivative  —  is  always  negative 

dh 

providing  (JR  >  0: 


fjJ  =  -^KRVh3+3PEv°/h4 


Thus,  mode  mixity  decreases  with  increasing  film  thickness,  which  is  consistent  with  the 
experimental  calculations. 
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MECHANISMS  OF  INTERGRANULAR  FRACTURE 
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ABSTRACT 

We  present  a  study  of  the  atomistic  mechanisms  of  crack  propagation  along  grain  boundaries  in 
metals  and  alloys.  The  failure  behavior  showing  cleavage  crack  growth  and/or  crack-tip  dislocation 
emission  is  demonstrated  using  atomistic  simulations  for  an  embedded-atom  model.  The  simulations 
follow  the  quasi-equilibrium  growth  of  a  crack  as  the  stress  intensity  applied  increases.  Dislocations 
emitted  from  crack  tips  normally  blunt  the  crack  and  inhibit  cleavage,  inducing  ductile  behavior. 
When  the  emitted  dislocations  stay  near  the  crack  tip  (sessile  dislocations),  they  do  blunt  the  crack 
but  brittle  cleavage  can  occur  after  the  emission  of  a  sufficient  number  of  dislocations.  The  fracture 
process  occurs  as  a  combination  of  dislocation  emission/micro-cleavage  portions  that  are  controlled 
by  the  local  atomistic  structure  of  the  grain  boundary.  The  grain  boundary  is  shown  to  be  a  region 
where  dislocation  emission  is  easier,  a  mechanism  that  competes  with  the  lower  cohesive  strength  of 
the  boundary  region. 

INTRODUCTION 

A  large  effort  in  simulation  work  has  been  devoted  to  the  structure  of  high  angle  grain  boundaries  in 
metals  and  alloys.  In  particular,  symmetrical  tilt  grain  boundaries  have  been  the  subject  of  numerous 
studies  and  structural  models.  The  implications  of  these  studies  for  fracture  behavior  of  gram 
boundaries  have  been  discussed  in  many  of  these  investigations(Wolf  1985;Vitek  and  Chen  1991). 
In  this  paper  we  report  atomistic  studies  of  the  fracture  mechanisms  of  boundaries  under  increasingly 
larger  applied  loads.  We  use  techniques  based  on  molecular  statics  and  dynamics  that  describes  the 
process  in  a  quasi- equilibrium  or  dynamic  situation  as  the  crack  is  subject  to  increasing  stress 
intensity  levels.  In  the  statics  case  our  computational  scheme  follows  the  energy  released  in  the 
fracture  process.  This  energy  release  behavior  can  be  related  to  the  structural  features  of  the  fractured 
boundary.  We  use  standard  molecular  dynamics  to  follow  the  crack  propagation  at  high  sfrain  rates. 
These  techniques  enable  us  to  follow  the  details  of  the  fracture  process.  The  results  of  the  simulations 
show  that  grain  boundary  fracture  is  not  a  pure  cleavage  process  or  a  dislocation  emission/crack 
blunting  phenomenon  but  rather  a  combination  of  these  two  mechanisms  in  a  way  that  is  related  to 
the  structural  unit  of  the  boundary  considered.  The  mechanisms  described  here  were  studied  for  a 
series  of  symmetrical  tilt  boundaries,  but  may  have  more  general  validity,  since  the  more  general 
boundaries  may  be  actually  partly  constituted  of  the  structural  units  of  the  special  boundaries.  We 
have  also  followed  crack  propagation  in  a  polycrystal  constituted  of  symmetrical  tilt  boundaries  and 
show  the  relevance  of  the  triple  points  in  the  dislocation  emission  process.  We  have  chosen  as  a 
material  B2  NiAl.  The  reason  for  this  choice  is  the  practical  interest  in  understanding  the  brittle 
failure  of  this  compound 

SIMULATION  TECHNIQUE  AND  INTERATOMIC  POTENTIALS 

The  atomistic  simulations  of  fracture  in  B2  NiAl  were  carried  out  using  a  molecular  statics  technique. 
The  solution  for  isotropic  elastic  displacement  field  of  a  sharp  crack  as  given  by  Sih  and  Leibowitz 
(Sih  and  Liebowitz  1968)  was  used  to  introduce  a  semi-infinite  crack  (loaded  with  a  varying  given 
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external  Mode  I  stress  intensity)  in  the  perfect  crystal.  The  maimer  in  which  this  is  done  is  similar  to 
that  used  previously  by  Shastry  and  Farkas  (Farkas  and  Shastry  1996). 

The  interatomic  potentials  used  were  developed  specifically  for  the  B2  NiAl  phase  and  have  been 
discussed  in  detail  previously  (Farkas;  Mutasa;  Vailhe,  and  Temes  1995;Mishin  and  Farkas  1997). 
The  simulation  cell  used  has  fixed  boundary  conditions  along  the  directions  perpendicular  to  the 
crack  front  and  periodic  boundary  conditions  along  the  crack  front. 

A  symmetrical  tilt  grain  boundary  was  introduced  by  a  mirror  reflection  operation  with  the  grain 
boundary  plane  being  perpendicular  to  the  y  axis  and  thus  coinciding  with  the  crack  front.  The 
equilibrium  grain  boundary  structure  involves  a  certain  rigid  body  translation  of  one  of  the  two 
crystals  relative  to  the  other.  The  equilibrium  translational  states  were  studied  in  simulations  without 
the  crack  and  the  equilibrium  values  were  used  in  the  fracture  simulations. 


A  crack  under  constant  load  and  growing  would  be  subject  to  increasingly  higher  stress  intensity 
factor  as  it  grows.  Our  static  technique  performs  simulations  with  increasing  larger  stress  intensity 
values.  This  process  was  started  slightly  above  the  Griffith  load  in  order  to  account  for  lattice 
trapping  effects.  The  load  was  increased  in  small  steps  with  full  atomistic  relaxation  of  the  crack  tip 
configuration  between  each  step.  The  step  size  was  typically  0.1  MPa  m.1/2.  These  simulations  can  be 
considered  as  snapshots  of  the  quasi-equilibrium  crack  tip  region  as  the  crack  grows.  The 
configurations  at  relatively  low  stress  intensities  correspond  to  the  initial  stages  of  crack  propagation 
and  the  ones  at  higher  stress  intensities  to  later  stages.  The  technique  is  particularly  appropriate  for 
the  study  of  the  relationship  of  crack  propagation  and  the  crystallography  of  the  grain  boundary. 
Since  in  this  case  we  are  studying  quasi-equilibrium  configurations  in  the  tip  region  the  technique  is 
complementary  to  molecular  dynamics  simulations  where  crack  propagation  is  followed  at  extremely 
fast  speeds.  We  have  also  performed  molecular  dynamics  simulations  in  initially  notched  blocks  that 
are  subject  to  increasingly  larger  strain.  The  statics  technique  clearly  demonstrates  the  essential 
relationship  between  the  fracture  process  and  the  structure  of  the  grain  boundary. 


GRAIN  BOUNDARY  STRUCTURE  IN  NiAl 

Petton  and  Farkas  (Petton  and  Farkas  1991)studied  the  multiplicity  of  possible  grain  boundary 
structures  for  a  2  =5  symmetrical  tilt  boundary  in  ordered  B2  Ni  aluminide.  These  boundaries  were 
investigated  considering  possible  variations  of  the  local  chemical  composition  and  environment. 
More  recently  Mishin  and  Farkas  (this  symposium)  have  also  studied  grain  boundary  structure  in  this 
compound,  using  a  more  correct  scheme  for  the  calculations  of  the  energies  of  off-stoichiometric 
boundaries  (Hagen  and  Finnis  1996).The  main  conclusions  from  that  work  are  as  follows:  The  Al- 
rich  boundaries  present  lower  grain  boundary  energies  for  Al-rich  bulk  and  the  Ni-rich  boundaries 
present  lower  grain  boundary  energies  for  Ni-rich  bulk.  The  results  of  the  recent  investigation  agree 
with  the  initial  results  of  Petton  and  Farkas  for  structures  and  the  cohesive  energies  of  the 
boundaries.  The  observed  trends  indicate  that  the  Al-rich  boundaries  present  lower  cohesive  energies. 
The  role  of  A1  contents  in  the  boundary  energetics  therefore  particularly  important.  In  that  work  it 
was  also  concluded  that  there  are  a  variety  of  possible  structures  with  similar  energies  that  may 
actually  play  a  role  in  the  real  crystal.  For  the  present  investigation  we  chose  three  structures, 
corresponding  to  the  lowest  possible  energy  for  each  boundary. 

We  first  consider  the  energetics  of  grain  boundary  fracture  in  a  Griffith  framework.  The  calculation 
of  the  Griffith  condition  for  crack  propagation  along  the  grain  boundary  was  done  using  the  cohesive 
energy  of  the  boundary  instead  of  twice  the  surface  energy.  The  cohesive  energy  of  the  boundary  is 
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defined  as  twice  the  surface  energy  minus  the  grain  boundary  energy.  The  staring  point  for  our 
simulations  is  a  semi-infinite  crack  loaded  to  stress  intensity  slightly  above  the  Griffith  value. 


RESULTS 

Symmetrical  tilt  boundaries 

We  studied  a  series  of  symmetrical  tilt  boundaries,  fracturing  in  mode  I.  Figure  1  shows  a  typical 
configuration  for  a  [1 1 1](123)  symmetrical  tilt  grain  boundary  at  a  loading  approximately  twice  the 
Griffith  value.  The  crack  tip  shows  blunting  due  to  dislocation  emission.  Figure  2  shows  an  example 
for  a  [001]  (520)  symmetrical  tilt  grain  boundary.  Similar  dislocation  emission  processes  were 
observed  for  all  the  symmetrical  tilt  boundaries  studied.  An  example  of  the  process  of  crack  advance 
is  shown  in  Figure  3,  where  the  total  energy  of  the  block  is  plotted  as  a  function  of  the  crack  tip 
position.  The  slopes  in  this  plot  represent  the  energy  necessary  for  crack  advance  including  the 
creation  of  new  surface  energy  as  well  as  plastic  deformation.  The  steps  shown  in  Figure  3  indicate 
regions  of  micro-cleavage  (lower  slope)  and  regions  of  dislocation  emission  (higher  slopes).  Similar 
stepped  behavior  was  found  in  all  the  symmetrical  tilt  boundaries  investigated,  but  not  in  the  fracture 
of  bulk  crystal  along  <100>  cleavage  planes.  The  step  length  is  related  to  the  structural  period  of  the 
symmetrical  tilt  boundary,  as  shown  in  Table  1 . 

The  results  show  that  the  fracture  process  is  closely  related  to  the  structure  of  the  boundary  and  that  it 
is  controlled  in  its  scale  by  the  periodicity  of  the  boundary  along  the  boundary  plane,  as  opposed  to 
the  periodicity  of  the  bulk  lattice.  This  result  is  indeed  reasonable  since  that  the  nature  of  the 
bonding  changes  across  the  period  of  the  grain  boundary.  The  bond  breaking  energy  will  be  different 
in  different  sites  within  the  grain  boundary  structural  unit.  As  the  fracture  proceeds  and  it  encounters 
an  equivalent  position  in  the  next  structural  unit  the  response  of  the  structure  to  the  applied  stress  will 
be  equivalent. 

The  overall  toughness  can  be  evaluated  from  the  energy  versus  crack  tip  position  plots.  The  slope  of 
these  plots  is  the  energy  necessary  for  crack  advance.  In  the  micro  cleavage  portions  of  the  process 
this  value  is  similar  to  the  cohesive  energy  of  the  boundaries.  In  the  dislocation  emission  portions  it 
is  much  higher,  indicating  ductile  behavior  due  to  dislocation  emission.  The  overall  toughness  of  the 
boundary  is  given  by  the  combination  of  these  two  processes.  The  micro-cleavage  process  is  initiated 
in  the  weaker  regions  of  the  structural  unit  of  the  boundary  and  continues  until  the  crack  tip  reaches  a 
region  of  the  structural  unit  where  dislocation  emission  is  easier.  At  this  point,  dislocations  are 
emitted  and  the  crack  blunts  with  the  emitted  dislocations  being  absorbed  by  the  boundary.  After  a 
certain  number  of  dislocations  are  emitted,  the  cleavage  process  starts  again.  The  overall  energies 
necessary  to  advance  are  up  to  three  times  the  Griffith  value.  However,  these  values  of  the  fracture 
toughness  still  represent  brittle  behavior  from  the  point  of  view  of  experimental  alloy  development. 
The  overall  fracture  toughness  can  also  be  compared  with  the  values  of  stress  intensities  where  the 
first  micro-cleavage  event  is  observed.  For  example,  these  values  are  2.4  and  2.7  MPa  m  1/2  for  the 
(210)  and  (520)  symmetrical  tilt  grain  boundaries,  respectively, whreas  the  Griffith  stress  intensities 
range  from  0.88  to  1.  MPa  m  v\  For  boundaries  of  longer  periods  the  micro-cleavage  process  may 
start  again  through  the  nucleation  of  a  smaller  new  crack  ahead  of  the  main  crack.  This  is  illustrated 
in  the  crack  structure  of  Figure  2.  At  a  larger  load  level  the  small  crack  is  joined  with  the  main  crack. 
The  nucleation  of  the  smaller  crack  ahead  of  the  main  fracture  naturally  occurs  in  a  weaker  region  of 
the  structural  unit.  In  our  simulations  we  found  this  process  to  occur  in  the  higher  index  boundaries 
that  have  longer  periods.  The  shortest  boundary  for  which  we  have  seen  this  mechanism  is  the  (520) 
symmetrical  tilt.  These  long  period  boundaries  are  more  likely  to  present  particularly  weaker  sites  in 
their  structure  that  act  as  nucleation  sites  for  the  micro-crack  ahead  of  the  main  fracture.  With  a 
similar  qualitative  argument,  the  structural  unit  of  the  boundary  is  expected  to  contain  sites  that  are 
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favorable  for  dislocation  emission.  The  emitted  dislocations  are  not  necessarily  the  dislocations 
commonly  observed  in  the  bulk,  but  grain  boundary  dislocations  of  much  smaller  Burgers  vector. 
The  dislocation  emission  process  actually  occurs  through  a  distortion  of  the  structural  unit  of  the 
boundary.  The  process  of  emission  of  dislocations  from  the  crack  tip  for  bulk  fracture  has  been 
described  in  a  model  by  Rice  (Rice;  Beltz,  and  Sun  1992).  The  present  results  suggest  that  for  the 
grain  boundaries,  this  process  requires  a  lower  loading  than  the  emission  of  dislocations  in  the  bulk. 
The  process  of  dislocation  emission  is  also  related  to  the  local  structure  of  the  grain  boundary  and 
therefore  controlled  in  its  scale  by  the  periodicity  of  the  boundary. 

The  relevance  of  these  observations  in  relation  to  the  general  mechanisms  of  fracture  of  grain 
boundaries  is  that  these  mechanisms  include  a  combination  of  crack  propagation  and  dislocation 
emission.  This  is  opposed  to  the  view  of  dislocation  emission  and  crack  propagation  as  mutually 
exclusive  processes.  Furthermore,  the  view  of  grain  boundary  fracture  that  emerges  is  one  where  the 
boundary  is  a  region  of  weaker  cohesion,  making  crack  propagation  easier,  but  it  is  also  a  region  that 
contains  favored  sites  for  dislocation  emission,  which  constitute  the  basis  for  greater  grain  boundary 
ductility. 

Table  1 .  Correlation  among  the  step  length  in  the  energy  evolution  and  the  grain  boundary  structural 

period. 


Grain  boundary 
plane 

Step  length  in 
the  energy  evolution  (nm) 

Grain  Boundary 
period  (nm) 

(210) 

0.6 

0.64 

(520) 

1.5 

1.54 

(560) 

2.3 

2.24 

Molecular  dynamics  simulations  of  the  [1 10]  (210)  boundaries  were  carried  out  for  comparison. 
Similar  results  were  obtained. 


Figure  1 .  Crack  tip  configuration  for  a  [1 1 1  J(123)  grain  boundary  at  a  loading  twice  the  Griffith 
value. 


Behavior  of  a  Polycrystal  Made  of  Special  Boundaries 


To  compare  with  the  results  obtained  for  single  symmetrical  tilt  boundaries,  we  constructed 
polycrystals  that  consisted  of  arrays  of  such  boundaries.  The  array  constructed  contained 
symmetrical  grain  boundaries  in  with  a  [111]  tilt  axis.  This  axis  was  also  used  as  the  direction  of  the 
crack  front.  The  grains  were  hexagonal  in  shape  and  the  grain  boundaries  were  of  three  types, 
corresponding  to  S  values  of  3,  7  and  21.  These  boundaries  are  along  the  (121),  (123)  and  (124) 
planes,  respectively.  The  results  are  shown  in  Figure  4.  We  show  in  that  figure  the  results  form 
molecular  dynamic  simulations  for  two  different  loading  levels.  The  results  of  static  simulations  are 
very  similar,  as  shown  in  Figure  5.  The  crack  advances  in  a  brittle  fashion  along  the  cleavage  plane 
until  it  encounters  a  grain  boundary.  At  this  stage  dislocation  emission  processes  occur.  These  results 
point  out  to  the  existence  in  the  boundary  of  points  were  dislocation  emission  is  easier  than  in  the 
bulk. 


The  simulations  showed  the  importance  of  triple  grain  junctions  as  dislocation  emission  sources. 
Figure  6  shows  a  plot  of  only  the  atoms  that  have  significant  deviations  from  the  perfect  lattice 
environment.  We  note  that  the  £  =3  [111]  (121)  boundaries  are  not  seen  in  this  plot  since  they 
produce  less  distortion  from  the  perfect  lattice  environment  than  the  threshold  used.  This  enables 
dislocations  and  any  faults  they  may  produce  to  be  easily  visualized.  There  are  several  such  cases 
that  can  be  identified  to  have  originated  at  triple  grain  junctions. 


Figure  6:  Emission  of  dislocations  at  triple  grain  junctions  in  the  vicinity  of  the  crack  tip.  Only 
atoms  with  environments  significantly  different  from  perfect  lattice  are  plotted  and  the  grain 
boundaries  along  (112)  planes  are  not  seen.  The  dislocation  emission  process  is  seen  in  the  atomic 
lines  that  are  inside  the  hexagonal  grains. 


DISCUSSION  AND  CONCLUSIONS 

The  simulations  reported  here  indicate  that  crack  propagation  along  grain  boundaries  may  proceed  by 
a  combination  of  dislocation  emission  and  cleavage  and  not  by  cleavage  alone.  This  combined 
malechanism  is  intimately  related  to  the  local  atomistic  structure  of  the  grain  boundary,  as  shown  by 
the  agreement  of  the  step  length  in  energy  evolution  and  the  structural  period  of  the  boundary.  The 
overall  fracture  toughness  of  the  boundary  is  given  precisely  by  this  combined  mechanism.  The 
interpretation  of  these  results  is  straightforward  if  we  think  of  the  boundary  as  a  region  where  crack 
propagation  is  easier  because  of  the  deviations  from  perfect  lattice  structure  but  also  as  a  region 
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where  dislocation  emission  can  be  easier  due  to  these  deviations.  The  boundary  can  be  pictured  to 
contain  regions  in  its  structure  where  cleavage  is  favored  and  regions  where  dislocation  emission  is 
favored,  resulting  in  the  combined  propagation  mechanism.  In  some  cases  these  regions  can  be 
activated  ahead  of  the  crack.  The  two  examples  we  have  shown  here  where  this  happens  are  for  the 
nucleation  of  a  microcrack  ahead  of  the  main  crack  (cleavage  activated)  and  for  the  emission  of 
dislocations  from  triple  points  located  in  the  vicinity  but  not  exactly  t  the  crack  tip. 
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EXPERIMENTS  AND  SIMULATIONS  OF  DIRECTIONALLY  DEPENDENT 
FRACTURE  ALONG  COPPER/SAPPHIRE  INTERFACES 

JEFFREY  W.  KYSAR1 
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ABSTRACT 

To  test  the  hypothesis  that  the  brittleness  and  ductility  of  crystalline  materials  are  controlled 
by  a  competition  between  dislocation  nucleation  and  cleavage  failure  at  a  crack  tip.  Rice  et  al.  [1] 
designed  a  four-point  bend  copper/sapphire  bicrystal  which  has  two  cracks  that  propagate  along 
the  interface  in  opposing  directions.  They  predicted,  on  the  basis  of  the  Rice-Thomson  model  [2], 
that  the  specimen  would  exhibit  a  directionally  dependent  fracture  behavior;  that  is,  one  crack 
would  propagate  more  readily  than  the  other.  Beltz  and  Wang  [3]  carried  out  the  experiments  and 
reported  that  the  specimen  exhibits  a  directionally  dependent  fracture  behavior  in  accordance  with 
the  predictions.  In  the  present  work,  these  experiments  are  repeated  independently  and  it  is  shown 
that  the  orientation  of  the  experimentally  observed  directionally  dependent  behavior  is  opposite 
that  of  the  predicted  orientation.  Furthermore,  we  show  that  Beltz  and  Wang  incorrectly  measured 
the  orientation  of  the  directional  dependence  in  their  experimental  results.  A  correct  interpretation 
of  their  results  is  consistent  with  the  present  work. 

Taking  advantage  of  the  transparent  sapphire,  the  normal  crack  opening  displacement 
(NCOD)  profile  of  both  cracks  is  measured  with  optical  interferometry.  The  measurements  show 
that,  away  from  the  very  tip  of  the  crack,  the  NCOD  takes  the  form  of  a  constant  angle,  irrespec¬ 
tive  of  load  level.  The  opening  angle  of  the  apparently  brittle  crack  is  smaller  than  that  of  the 
apparently  ductile  crack.  Complementary  measurements  of  the  very  tip  of  the  crack  with  Atomic 
Force  Microscopy  show  that  the  near-tip  crack  opening  profiles  of  the  brittle  and  ductile  cracks 
differ  significantly. 

The  specimen  is  analyzed  with  the  Finite  Element  Method,  taking  into  account  the  elastic 
and  plastic  properties  of  the  single  crystal  constituents.  Since  the  veiy  essence  of  the  observed 
phenomenon  is  one  of  crack  growth,  the  two  cracks  are  simulated  as  they  grow  quasi  statically 
along  the  interface.  The  asymptotic  deformation  fields,  characteristic  of  single  crystals,  of  the 
growing  interfacial  cracks  are  identified.  The  stress  and  strain  fields,  as  well  as  the  NCOD,  are 
calculated.  We  present  a  plausible  explanation  of  the  directional  dependence  of  fracture  on  the 
basis  of  the  continuum  plastic  fields  surrounding  the  quasistatically  growing  cracks. 

INTRODUCTION 

It  is  well  established  that  the  behavior  of  a  crack  in  a  single  crystal  depends  not  only  on  the 
crystallographic  plane  on  which  the  crack  resides,  but  also  critically  upon  the  crystallographic 
direction  in  which  the  crack  propagates.  Under  identical  loading  conditions,  a  crack  oriented  in 
one  crystallographic  direction  can  propagate  readily,  while  a  crack  oriented  in  the  opposite  direc¬ 
tion  propagates  much  less.  For  example,  Wang  and  Anderson  [4]  have  shown  that  the 
X9[  1 1 0]/(22 1 )  symmetric  tilt  CSL  grain  boundary  of  copper  bicrystals,  for  which  the  interface 
is  weakened  with  Bi  segregation,  exhibits  a  directional  dependence  of  fracture  under  a  fatigue 
loading.  Other  researchers  [5][6][7]  have  found  similar  behavior  in  a  variety  of  material  systems. 
Most  of  these  authors  attribute  the  results  to  differences  in  the  ability  or  inability  of  dislocations  to 
nucleate  at  crack  tips;  those  crack  tips  which  can  nucleate  dislocations  are  blunted,  which  presum¬ 
ably  leads  to  a  more  ductile  behavior.  For  example,  Wang  and  Anderson  [4]  used  an  analytical 

1  Current  Affiliation:  Division  of  Engineering,  Brown  University,  Providence,  RI  02912 
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approach  formulated  by  Rice  and  Thomson  [2]  to  calculate  the  relative  propensities  of  the  cracks 
in  their  samples  to  nucleate  dislocations  at  the  tips.  Their  predictions  of  relative  brittleness  and 
ductility  were  consistent  with  the  observed  behavior. 

Based  on  the  successful  application  of  the  dislocation  nucleation  concepts,  Rice  et  al  [1] 
and  Beltz  and  Rice  [8]  predicted  that  a  directional  dependence  of  fracture  would  also  occur  along 
the  interface  of  copper/sapphire  bicrystals  as  shown  in  Fig.  1 .  They  postulated,  on  the  basis  of  dis- 
locationnucleation  analyses  at  the  crack  tips,  that  it  should  be  much  easier  to  blunt  the  crack  in 
the  [11 4] 2  direction  via  dislocation  nucleation  at  the  crack  tip  than  it  would  be  in  the  [114] 
direction.  Hence  they  predicted  a  directional  dependence  of  cracking  in  which  the  crack  running 
in  the  [114]  direction  would  propagate  much  more  readily  than  the  crack  running  in  the  [  1 14] 
direction;  put  another  way,  the  crack  in  the  [  1 1 4]  direction  would  be  “brittle”  and  the  crack  in  the 
[114]  direction  would  be  “ductile”.  Beltz  and  Wang  [3]  performed  a  set  of  experiments  on  the 
copper/sapphire  bicrystals.  They  found  that  the  samples  exhibited  a  directional  dependence  of 
fracture  and  reported  that  the  orientation  of  the  directional  dependence  is  in  accordance  with  the 
theoretical  predictions.  However,  as  we  will  show,  their  measurement  of  the  orientation  of  the 
directional  dependence  is  incorrect. 

In  the  present  work  we  revisit  the  Beltz  and  Wang  [3]  experiments  with  the  goal  of  charac¬ 
terizing  more  precisely  the  directional  dependence  of  fracture.  Specifically,  we  measure  the  crack 
opening  displacement  profile  of  both  cracks  with  two  techniques:  Crack  Opening  Interferometiy 
and  Atomic  Force  Microscopy.  Further,  we  observe  directly  the  behavior  of  the  two  cracks 
through  the  transparent  sapphire  crystal  with  an  optical  microscope.  The  intent  is  to  compare  the 
experimental  results  to  a  set  of  finite  element  simulations  of  the  copper/sapphire  specimen,  some 
results  of  which  are  included  here,  in  order  to  see  if  it  is  possible  to  explain  the  observed  direc¬ 
tional  dependence  solely  in  terms  of  the  concepts  of  continuum  plasticity. 

EXPERIMENTS  AND  FINITE  ELEMENT  SIMULATIONS 

Specimen  Preparation  and  Fracture  Experiments 

The  single  copper  crystals  used  in  this  study  were  grown  via  the  Bridgman  technique  with  a 
charge  of  99.999%  pure  copper  (Johnson  Matthey,  Ward  Hill,  MA,  USA).  Subsequently  the 
(22 1 ) 3  face  of  the  copper  crystal  was  joined  to  the  basal  plane  (0001 )  of  commercially  obtained 
sapphire  (CC-AI2O3)  single  crystal  by  solid-state  diffusion  bonding  in  forming  gas.  Details  of  the 
specimen  preparation  are  given  by  Kysar  [9].  No  interphases  were  observed  at  the  interface,  con¬ 
sistent  with  the  results  of  Reimanis  et  al.  [11]  for  bonding  performed  in  a  suitably  oxygen-free 
environment. 

Turner  and  Evans  [12]  note  that  the  fracture  mechanism  of  metal-ceramic  interfaces  that  do 
not  form  interphases  is  one  of  atomic  debonding,  often  accompanied  by  substantial  plastic  defor¬ 
mation.  Indeed,  Reimanis  et  al.  [11]  confirmed  that  result  for  a  copper/sapphire  interface  and 
found  no  evidence  of  void  growth  ahead  of  the  crack  tip  in  the  copper/sapphire  interface.  Further, 
they  found  that  both  the  fracture  process  and  the  fracture  energy  are  identical  in  atmospheres  of 
flowing  dry  N2  gas  and  ambient  air  No  evidence  was  seen  in  the  present  work  of  void  growth 
ahead  of  the  crack  tip  in  either  of  the  two  crystallographic  directions;  the  experiments  were  per¬ 
formed  in  ambient  air.  The  population  of  preexisting  voids  along  the  interface  was  not  determined 

2  Throughout  this  paper,  a  set  of  Miller  indices  with  three  indices  refer  to  the  copper  crystal. 

Those  with  four  indices  refer  to  the  sapphire  crystal. 

3  We  follow  the  convention,  valid  for  cubic  crystals,  that  the  Miller  indices  of  the  outer  nor¬ 
mal  of  a  face  of  a  crystal  corresponds  to  the  Miller  indices  of  the  associated  plane. 
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Figure  1  Copper/sapphire  bicrystal  showing  crystallographic  orientations  of  copper  and  sap¬ 
phire  as  well  as  relative  orientations  of  cracks  along  interface  and  two  of  the  glide  slip  planes. 
The  sapphire  [0001  ]  coincides  with  copper  [22 1  ]  - 

quantitatively  because  they  did  not  affect  the  fracture  behavior. 

Five  bicrystal  specimens  were  prepared.  The  fracture  experiments  consisted  of  five  steps:  i) 
monotonic  loading,  ii)  rebonding,  iii)  fatigue  loading,  iv)  further  monotonic  loading  increments 
with  interferometric  measurements,  and  v)  removal  of  sapphire  crystal  from  the  copper  crystal 
and  subsequent  atomic  force  microscopy  measurements  on  copper  surface.  The  rationale  for  each 
phase  is  discussed  briefly  in  this  section  along  with  the  corresponding  observations.  Only  one  of 
the  specimens  (specimen  5)  was  subjected  to  all  the  steps.  Another  (specimen  2)  was  subjected  to 
steps  /  through  iv.  Two  other  specimens  were  subjected  to  steps  /  and  ii  so  that  material  properties 
of  the  bonded  copper  could  be  investigated.  The  other  specimen  was  subjected  only  to  step  /.  The 
experimental  behavior  was  consistent  for  all  five  specimens;  the  results  reported  here  are  repre¬ 
sentative  of  that  behavior. 

The  copper/sapphire  bicrystal  is  shown  schematically  in  Fig.  1.  It  is  38  mm  long  and  5  mm 
wide;  the  thicknesses  of  the  copper  and  sapphire  are  3  mm  and  1  mm,  respectively.  To  create  the 
initial  cracks,  a  notch  was  scribed  on  the  sapphire  surface  with  a  diamond,  as  in  Fig.  1,  and  the 
bicrystal  was  placed  in  a  four-point  bending  fixture  such  that  the  sapphire  was  in  tension;  the 
outer  span  of  the  fixture  was  30  mm  and  the  inner  span  was  22  mm.  The  fixture  was  then  mounted 
in  the  load  train  of  a  servo-hydraulic  mechanical  testing  machine  (Model  8562,  Instron  Corpora¬ 
tion,  Canton,  MA,  USA)  with  a  “ball  and  socket”  acting  as  the  bottom  platen  to  equalize  the  load. 
Once  the  load  was  applied,  a  crack  developed  at  the  notch  and  “popped”  through  the  sapphire 
until  it  reached  the  interface.  After  further  loading,  the  cracks  branched  along  the  interface  in  both 
the  [  1 1 4]  and  [114]  directions.  No  attempt  was  made  to  limit  the  growth  of  the  cracks.  However 
the  tests  were  performed  under  displacement  control  at  the  rate  of  1  (im/s  which  would  lead  to 
more  stable  crack  growth.  The  cracks  exhibited  a  directional  dependence  as  they  grew  along  the 
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Figure  2  Schematic  of  slip  planes  in  copper  crystal.  The  twelve  possible  slip  systems  reduce 
to  plastic  slip  in  three  different  planes  when  conditions  of  plane  deformation  are  enforced. 

interface  quasistatically  under  monotonically  increasing  load.  One  crack  propagated  much  more 
than  the  other  for  a  given  load  increment;  these  cracks  will  henceforth  be  referred  to,  respectively, 
as  the  brittle  and  ductile  cracks.  It  is  important  to  note  that  the  designations  of  brittle  and  ductile 
refer  to  the  relative  behavior  of  the  two  cracks;  both  cracks  propagated  in  the  presence  of  signifi¬ 
cant  plastic  deformation  in  the  copper. 

We  will  now  show  that  based  upon  the  orientation  of  slip  line  traces,  the  brittle  crack  growth 
occurred  in  [114]  and  ductile  crack  growth  occurred  in  [114].4  Thus  the  experimentally 
observed  orientation  of  the  directional  dependence  is  opposite  to  the  theoretical  predictions  of 
Rice  et  al  [1]  and  Beltz  and  Rice  [8].  In  light  of  the  fact  that  Beltz  and  Wang  [3]  have  previously 
reported  the  orientation  of  the  directional  dependence  to  be  in  accordance  with  the  theoretical  pre¬ 
dictions,  we  further  show  that  their  measurement  of  the  orientation  of  the  directional  dependence 
is  incorrect.  Hence,  the  Beltz  and  Wang  [3]  experimental  results  are  consistent  with  the  present 
experimental  results.  Thus  while  the  the  dislocation  nucleation  concept  was  able  to  predict  the 
observed  directional  dependence  in  the  Wang  and  Anderson  [4]  copper/copper  bicrystal  study,  it 
is  not  able  to  predict  the  orientation  of  the  directional  dependence  in  the  copper/sapphire  study. 

We  first  note  in  Fig.  2  the  orientation  of  all  four  slip  planes  of  the  copper  ciystal,  which  has 
slip  systems  { 1 1 1 }  <  11 0> .  The  ( 1 1 1 )  and  ( 1 1 1 )  planes  can  each  slip  in  the  [1 10] .  We  refer  to 
this  set  of  slip  systems,  collectively,  as  the  complex  slip  system.  On  each  of  the  ( 1 1 1 )  and  ( 1 1 1 ) 
slip  planes,  one  of  the  Burgers  vectors  is  parallel  to  the  crack  front.  The  other  two  Burgers  vectors 
on  each  of  those  two  slip  planes  do  not  lie  in  the  (TlO);  however  their  sum  lies  in  the  (TIO). 
Hence,  this  crystallographic  orientation  affords  plane  deformation  on  (1 10)  with  the  sets  of  slip 
systems  on  the  (111)  and  (111)  slip  planes,  as  well  as  with  the  complex  set  of  slip  systems. 

4  Laue  back-reflection  x-ray  diffraction  was  also  used  to  confirm  the  orientation  of  the  direc¬ 
tional  dependence.  However,  those  results  are  not  reported  here  because  the  orientation  as 
determined  by  analysis  of  the  slip  line  traces  is  unambiguous. 
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Figure  3  Photograph  of  slip  line  traces  on  the  (1 10)  copper  surface.  The  brittle  crack  propa¬ 
gates  to  the  right,  in  the  [  1 1 4]  direction.  Note  that  the  ( 1 1 1 )  and  complex  sets  of  slip  systems 
are  activated  in  front  of  the  brittle  crack.  In  front  of  the  ductile  crack,  there  was  evidence  of  slip 
on  only  the  complex  set  of  slip  systems. 

Therefore  an  inherently  three-dimensional  configuration  is  rendered  two-dimensional. 

Fig.  3  shows  the  slip  line  traces  on  the  (110)  copper  surface  at  the  point  where  the  two 
cracks  initiated.  The  copper  is  at  the  upper  part  of  the  micrograph;  the  broken  sapphire  crystal  is 
evident  in  the  lower  part.  By  comparing  the  slip  line  traces  of  the  micrograph  with  the  angles  of 
the  slip  systems  in  Fig.  2,  it  is  obvious  that  the  brittle  crack  is  growing  toward  [114],  with  the 
(111)  and  complex  sets  of  slip  systems  active  at  its  tip.  Although  it  is  not  evident  in  Fig.  3,  both 
sets  of  slip  systems  remained  active  at  the  brittle  crack  tip  as  it  propagated.  Conversely,  the  ductile 
crack  is  growing  to  the  left  with  only  the  complex  slip  system  active  at  its  tip. 

One  can  directly  show  that  the  experimental  results  of  Beltz  and  Wang  [3]  are  consistent 
with  the  present  results  by  comparing  the  slip  line  traces  in  Fig.  8  of  Beltz  and  Wang  [3]  with 
Fig.  3  of  the  present  work.  In  both  cases,  the  slip  line  traces  from  the  observed  ductile  crack  are 
oriented  at  a  polar  angle  of  about  109.5°  Both  Beltz  [13]  and  Wang  [14]  concur  with  the  new 
results. 

To  show  that  the  experimental  results  of  directional  dependence  are  opposite  that  of  the  pre¬ 
dictions  of  Rice  et  al  [1]  and  Beltz  and  Rice  [8],  it  is  most  straightforward  to  dispense  with  the 
crystallographic  coordinate  systems  altogether  and  consider  the  slip  planes  in  terms  of  the  polar 
angle,  6,  that  they  make  with  the  crack  tip.  The  dislocation  nucleation  analyses  considered  the  slip 
planes  oriented  at  polar  angles  of  0  =  125.3°  and  0  =  164.2°  for  possible  dislocation  nucle¬ 
ation.  Both  dislocation  analyses  concluded  that  the  crack  with  slip  plane  oriented  at  0  =  125.3° 
is  the  theoretically  predicted  ductile  direction.  However,  as  the  experiments  show,  this  corre¬ 
sponds  to  the  observed  brittle  direction. 

A  main  goal  of  this  study  is  to  compare  the  experimental  results  of  the  crack  opening  dis¬ 
placement  profile  with  those  of  FEM  analyses  of  the  bi crystal.  To  do  that,  we  must  begin  the 
experiments  with  initial  precracks  that  are  “stationary”  in  nature.  That  is,  the  initial  crack  opening 
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displacement  profiles  must  be  small  compared  to  the  fully  loaded  state;  and  the  copper  around  the 
crack  tips  must  not  be  plastically  strained.  The  cracks  introduced  along  the  interface  by  the  mono¬ 
tonic  loading  do  not  satisfy  these  criteria. 

Therefore  in  order  to  create  stationary  precracks,  the  interface  cracks  of  the  bicrystal  speci¬ 
mens  were  closed  and  rebonded  via  solid-state  diffusion  bonding  in  a  manner  described  elsewhere 
[9]  so  that  the  rebonded  interface  was  weaker  than  the  original  interface.  The  process  also  served 
to  anneal  the  copper  crystal  that  was  deformed  plastically  during  the  initial  loading.  The  weaker 
interface  allowed  cracks  to  “pop  in”  to  the  previous  positions  along  the  interface  upon  reloading. 
The  load  vs.  displacement  curve  of  the  rebonded  specimens  is  virtually  identical  to  the  load  vs. 
displacement  curve  of  the  as-bonded  specimens,  as  shown  in  [9].  Hence  portions  of  the  rebonded 
copper  in  two  specimens  were  cut  out  via  wire  EDM  and  subsequently  subjected  to  compression 
tests  to  experimentally  determine,  as  well  as  possible,  the  hardening  behavior  of  the  as-bonded 
copper.  The  results  of  these  tests  were  then  used  to  fit  parameters  of  hardening  models  used  in  the 
finite  element  analysis. 

After  rebonding,  the  specimens  were  cyclically  loaded  in  four-point  bending  to  propagate 
fatigue  cracks  into  the  region  of  previously  unbroken  interface.  While  we  do  not  attempt  to  fully 
document  the  fatigue  behavior  of  the  interface  in  this  study,  we  do  want  to  note  an  interesting  phe¬ 
nomenon.  Under  cyclic  loading,  the  directional  dependence  of  the  two  cracks  is  opposite  that  of 
the  directional  dependence  under  a  monotonic  loading.  The  brittle  crack  (i.e.  that  which  propa¬ 
gates  faster  under  monotonic  loading  conditions)  is  the  crack  which  propagates  slower  under 
cyclic  loading  conditions.  This  effect  can  be  explained  in  a  very  qualitative  sense  by  the  model 
put  forward  by  Laird  [15]  on  the  role  that  crack  tip  blunting  plays  in  fatigue  crack  propagation.  In 
essence,  the  distance  of  crack  extension  during  one  loading  cycle  is  of  the  same  order  as  the  near 
tip  crack  opening  displacement. 

Two  bicrystal  specimens  were  fatigue  loaded  for  up  to  290,000  cycles  at  a  mean  bending 
moment  of  60  N  •  m  •  m  with  a  20  N  •  m  ■  m~]  amplitude  at  20  Hz.  Crack  growth  in  the  mono¬ 
tonic  ductile  direction  was  8x10  m/ cycle  and  in  the  monotonic  brittle  direction  was 
1x10  m/ cycle .  If  one  is  to  accept  at  least  very  qualitatively  the  Laird  [15]  idea,  these  results 
point  toward  a  very  large  difference  in  the  amount  of  plastic  blunting  that  occurs  at  the  very  tips  of 
the  two  cracks. 

An  unintended  consequence  of  the  fatigue  loading  was  that  interface  cracks  grew  in  from 
the  ends  and  sides  of  the  specimen  toward  the  middle.  Thus,  the  bending  moment  was  no  longer 
carried  by  the  entire  cross-section  of  the  bicrystal,  but  by  only  a  portion  of  it.  Further,  the  crack 
fronts  did  not  advance  precisely  in  the  crystallographic  directions  ascribed  to  them,  so  it  is  diffi¬ 
cult  to  precisely  relate  the  applied  force  to  the  bending  moment. 

After  the  fatigue  crack  growth,  specimens  2  and  5  were  loaded  monotonically  and  moni¬ 
tored  for  crack  growth.  Periodically,  the  specimens  were  removed  from  the  loading  fixture  and  the 
crack  opening  displacement  profiles  were  measured  via  crack  opening  interferometry  in  the 
unloaded  state.  The  details  of  the  interferometric  measurements  are  given  in  the  next  Section. 
After  each  load  increment,  it  was  evident  that  both  cracks  had  advanced,  however  the  brittle  crack 
advanced  more  than  the  ductile  crack. 

By  directly  observing  the  copper  fracture  surface  through  the  transparent  sapphire,  slip  line 
traces  were  found  to  appear  on  the  flanks  of  the  copper  well  behind  the  crack  front  rather  than  at 
the  tip.  This  may  be  a  consequence  of  specimen  geometry  rather  than  a  fracture  phenomenon.  The 
copper  “ligament”  in  the  center  of  the  specimen  continues  to  deform  plastically  when  subjected  to 
each  load  increment,  so  the  appearance  of  the  slip  lines  may  be  a  consequence  of  plasticity  due  to 
beam  bending  rather  than  to  fracture. 

The  final  experimental  phase  was  to  remove  the  sapphire  from  the  copper  ciystal  so  that  the 
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fracture  surface  could  be  directly  examined  by  Atomic  Force  Microscopy.  This  was  done  on  spec¬ 
imen  5  by  inserting  a  razor  edge  between  the  sapphire  and  copper  crystals  at  the  ends  of  the  spec¬ 
imens  and  prying  off  the  sapphire  manually.  While  the  direction  and  magnitude  of  the  force  could 
not  be  determined,  it  was  clear  that  the  sapphire  “popped  off”  under  a  predominantly  Mode  I  load¬ 
ing.  It  is  well  known  that  the  critical  energy  release  rate,  Gc ,  of  an  interface  at  low  mode  mixities 
is  several  times  smaller  than  at  high  mode  mixities  [16],  and  copper/alumina  interfaces  (alumina 
is  polycrystalline  sapphire)  are  nofexception  [17].  Thus  the  amount  of  plastic  deformation  induced 
by  “prying  off’  the  sapphire  would  be  expected  to  be  much  less  than  that  induced  by  the  mixed¬ 
mode  four-point  bend  loading.  That  this  expectation  was  borne  out  was  evident  in  the  AFM 
results  where  is  was  possible  to  identify,  and  consider  separately,  deformation  which  occurred 
during  crack  propagation  and  during  the  removal  of  the  sapphire. 

Normal  Crack  Opening  Displacement  Profile  Measurements 

The  normal  crack  opening  displacement  (NCOD)  profile  of  both  cracks  was  measured  in 
specimens  2  and  5  with  crack  opening  interferometry.  In  addition,  the  profile  of  the  crack  flanks 
and  the  crack  tip  profiles  in  the  copper  are  measured  with  Atomic  Force  Microscopy  (AFM)  on 
specimen  5.  These  measurements  are  complementary  to  the  interferometric  measurements 
because  they  provide  a  great  amount  of  detail  close  to  the  crack  tip  whereas  the  interferometric 
measurements  provide  more  information  away  from  the  crack  tip  (at  distances  greater  then  about 
10  [am).  Due  to  space  constraints,  we  will  confine  ourselves  here  to  stating  and  discussing  the 
experimental  results;  the  experimental  techniques  and  data  are  discussed  fully  in  [9]. 

The  most  striking  result  from  the  interferometric  measurements  is  that  away  from  the  tips 
the  growing  cracks  propagate  with  a  constant  crack  tip  opening  angle.,  that  is,  the  crack  opening 
displacement  profiles  of  the  growing  cracks  assume  the  shape  of  a  constant  angle  opening  away 
from  the  tips.  Furthermore,  the  angle  of  the  crack  opening  of  the  quasistatically  growing  crack, 
once  steady-state5  conditions  are  established,  is  independent  of  the  externally  applied  load  level. 
Thus  the  fracture  criterion  for  quasistatic  steady-state  crack  growth  would  be  the  attainment  of  a 
critical  crack  opening  angle.  A  plot  of  the  interferometric  measurements  is  shown  in  Fig.  4.  It 
should  be  noted  that  the  measurements  were  made  in  the  unloaded  state  which,  according  to  finite 
element  calculations  to  be  presented  later,  would  yield  a  Crack  Tip  Opening  Angle  (CTOA) 
approximately  10%  smaller  than  if  the  measurement  were  made  on  the  loaded  specimen. 

Hence,  we  find  by  direct  measurement  that  growth  of  a  mixed-mode  crack  along  a  interface, 
for  which  one  of  the  constituents  is  an  elastic-plastic  crystal,  occurs  at  a  constant  crack  tip  open¬ 
ing  angle.  This  result  is  consistent  with  similar  experimental  observations  of  crack  propagation  at 
constant  crack  tip  opening  angle  (e.g.  [18]  and  [19]).  However  it  should  be  emphasized  that  these 
other  results  relied  on  indirect  measurements  such  as  obtained  at  a  free  surface  or  by  inferring  the 
crack  opening  profile  by  monitoring  the  crack  opening  displacement  of  the  initial  crack  tip. 

We  now  consider  the  question  of  the  directional  dependence  of  fracture.  The  interferometric 
results  show  that  the  CTOA  of  the  ductile  crack  is  larger  than  the  CTOA  of  the  brittle  crack.  It  is 
not  possible  to  report  definitive  angles  for  the  two  cracks  because  they  did  not  propagate  precisely 
in  the  [114]  or  [1 14]  directions  and  the  CTOA  depends  upon  the  local  crystallographic  direc¬ 
tion  of  propagation.  In  addition,  variations  in  impurity  concentrations  introduced  during  the  reb¬ 
onding  process  may  change  the  thermodynamic  work  of  fracture.  Also  edge  effects  can  greatly 
change  the  CTOA.  Nevertheless,  the  crack  opening  displacement  profile  of  both  the  brittle  and 
ductile  cracks  is  plotted  at  two  places  along  the  front  of  the  growing  cracks  in  specimen  2  in 

5  Steady-state  in  the  sense  that  the  initial  stationary  crack  tip  fields  no  longer  affect  the  grow¬ 
ing  crack. 
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Figure  4  Normal  crack  opening  displacement  interferometric  measurements  of  quasi  statically 
growing  cracks  at  two  positions  along  the  crack  fronts  in  specimen  2.  The  crack  profiles  are  in 
the  shape  of  a  constant  angle  opening. 

Fig.  4.  The  CTOA  for  specimen  2  is  0.01 1  radians  (0.63^  for  the  brittle  crack  and  is  0.020  radians 
(1.1°)  for  the  ductile  crack.  Representative  CTOA  values  for  specimen  5  are  0.015  radians  (0.86°) 
for  the  brittle  crack  and  0.022  radians  (1.3°)  for  the  ductile  crack.  As  discussed  in  [9],  we  believe 
the  interferometric  results  to  be  accurate  to  within  5%. 

We  also  report  the  results  of  AFM  measurements  on  the  copper  fracture  surface  of  specimen 
5.  Turner  and  Evans  [20]  and  Mao  and  Evans  [21]  have  also  made  use  of  AFM  measurements  in 
studying  fracture  along  metal-ceramic  interfaces.  The  AFM  measurements  were  performed  in 
Tapping-Mode™,  with  a  Dimension  3100  Series,  Scanning  Probe  Microscope  (Digital  Instru¬ 
ments,  Santa  Barbara,  CA,  USA)  with  the  scan  direction  oriented  to  provide  maximum  sensitivity 
for  abrupt  surface  elevation  changes. 

The  most  striking  result  from  the  AFM  measurements  is  that  the  ductile  crack  tip  opens  up 
as  much  as  an  order  of  magnitude  more  than  the  brittle  crack  tip.  Both  cracks  exhibit  sharp  crack 
tips  which  open  up  at  angles  that  are  different  than  the  angles  measured  via  interferometry  far 
away  from  the  tip.  The  near  tip  opening  angles  and  the  associated  degree  of  blunting  vary  along 
the  crack  fronts,  however  the  ductile  crack  consistently  had  a  larger  angle  (~8°  ±  2°)  than  the 
brittle  crack  (~2°  ±  1  °) .  The  brittle  crack  is  blunted  on  the  order  of  50  nm  and  the  ductile  crack  is 
blunted  on  the  order  of  600  nm.  The  relative  crack  blunting  behaviors  are  consistent  with  the  ori¬ 
entation  of  the  directional  dependence  of  fatigue  crack  growth  behavior  noted  earlier.  The  AFM 
measurements  showed  no  direct  evidence  of  void  growth  and  coalescence  along  the  interface  at 


306 


the  scale  shown.  There  is  no  sign  that  the  existing  voids  and  impurities  affected  the  fracture 
behavior. 

These  experimental  measurements  are  consistent  with  theoretical  predictions  of  the  behav¬ 
ior  of  quasistatically  growing  cracks  in  elastic-plastic  materials.  That  crack  advance  occurs  at  a 
critical  crack  tip  opening  angle  was  anticipated  by  McClintock  and  Irwin  [22]  and  formalized  by 
Rice  [23],  In  addition,  the  analysis  by  Rice  [23]  predicts  that  the  near  tip  profile  is  a  much  larger 
angle  (as  measured  with  the  AFM)  than  the  constant  CTOA  away  from  the  very  tip  of  the  crack 
(as  measured  interferometrically). 

Comparison  of  finite  element  results  with  experimental  results 

We  now  discuss  the  results  of  a  finite  element  analysis  of  both  the  brittle  and  ductile  cracks 
of  the  copper/sapphire  bicrystal;  the  details  of  the  analysis  can  be  found  in  [9].  In  essence,  the 
finite  element  analysis  predicts  that  the  opening  normal  stress  in  front  of  the  growing  brittle  crack 
is  significantly  higher  (from  30%  to  50%  higher)  than  the  opening  stress  in  front  of  the  growing 
ductile  crack.  This,  in  and  of  itself,  is  sufficient  reason  to  expect  the  observed  directional  depen¬ 
dence  of  fracture.  In  addition,  the  NCOD  profile  of  growing  cracks,  the  strains  ahead  of  the  crack 
tips  and  the  deformation  field  in  the  copper  crystal  around  the  cracks  are  investigated.  In  this  sec¬ 
tion  we  briefly  describe  these  continuum  plasticity  results  and  compare  them  to  the  experimental 
observations. 

A  previous  finite  element  analysis  of  stationary  cracks  in  the  copper/sapphire  bicrystal 
specimen  by  Mesarovic  and  Kysar  [24]  was  not  able  to  explain  the  directional  dependence  of 
fracture  in  terms  of  continuum  plasticity.  In  the  present  paper  we  report  the  results  of  simulations 
of  quasistatically  growing  cracks.  Both  analyses  used  ABAQUS/Standard  [25]  along  with  a  User 
Material  Subroutine  (UMAT)  by  Huang  [26]  as  modified  by  Kysar  [27]  which  accounts  for  the 
full  elastic-plastic  anisotropy  of  the  single  copper  crystal  while  rigorously  treating  the  kinematics 
of  the  finite  deformation  gradients  encountered  in  the  problem.  Calculations  were  made  for  two 
different  material  hardening  models,  one  proposed  by  Peirce,  Asaro  and  Needleman  [28]  and  the 
other  by  Bassani  and  Wu  [29].  The  crucial  difference  between  the  two  models  lies  in  how  defor¬ 
mation  on  one  slip  system  affects  the  hardening  rate  of  the  other  slip  systems.  The  formulation  of 
the  Peirce,  Asaro  and  Needleman  (PAN)  model  used  assumes  that  all  slip  systems  of  a  crystal 
harden  at  the  same  rate  (Taylor  hardening).  For  the  Bassani  and  Wu  (BW)  model  it  is  assumed 
that  each  slip  system  hardens  independently  (diagonal  hardening),  however  when  a  slip  system 
does  harden,  the  rate  of  hardening  is  a  function  of  the  amount  of  slip  on  all  other  slip  systems.  The 
parameters  of  the  hardening  models  are  fit  to  the  experimental  data  of  the  compression  tests  of  the 
bonded  single  copper  crystals  discussed  above.  The  BW  model  is  able  to  reproduce  the  experi¬ 
ments  much  more  accurately.  The  distinctions  between  the  hardening  models  and  the  conse¬ 
quences  for  crack  tip  fields  in  elastic-plastic  single  crystals  are  discussed  in  detail  in  [9], 

The  brittle  and  ductile  cracks  are  simulated  in  a  stationary  configuration  at  a  bending 
moment  of  100  N-  m  •  m~X .  They  are  also  simulated  as  growing  at  a  constant  rate  at  a  load  of  100 
N  •  m  •  /w"1  via  a  nodal  release  technique  available  in  ABAQUS/Standard  [25],  Two  different 
meshes  were  employed  for  the  growing  cracks:  one  allowed  7.5  jum  of  crack  growth;  the  other 
allowed  350  /m  of  crack  growth  so  that  the  crack  moves  out  of  the  region  previously  deformed  by 
the  stationary  loading.6 

With  the  BW  model  the  results  for  the  stationary  crack  show  that  the  opening  normal  stress 

6  The  experiments  were  performed  under  a  prescribed  displacement  rate  while  the  simulations 
are  performed  under  a  prescribed  loading.  This  does  not  introduce  any  ambiguity  in  the 
problem  since,  experimentally,  the  load-displacement  curves  are  monotonic. 
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Figure  5  Normal  opening  and  shear  stresses  along  the  prolongation  of  the  brittle  and  ductile 
quasi  statically  growing  cracks  with  the  Bassani  and  Wu  material  hardening  model.  The  harden¬ 
ing  parameters  of  the  model  are  fit  to  compression  experiments  of  the  as-bonded  copper  crystal. 

on  the  prolongation  of  the  ductile  crack  is  higher  than  that  of  the  brittle  crack,  which  would  not 
support  the  directional  dependence.  However,  in  the  simulations  of  the  growing  cracks,  the 
stresses  are  substantially  higher  in  the  brittle  direction  than  in  the  ductile  direction,  as  shown  in 
Fig.  5.  This  would  be  consistent  with  the  experimental  observations  of  the  directional  dependence 
of  fracture.  The  PA  hardening  model  used  by  Mesarovic  and  Kysar  [24]  and  the  present  work 
leads  to  decisively  higher  stresses  in  the  brittle  direction  also,  for  both  the  stationary  and  growing 
configurations. 

Next  we  compare  the  predicted  NCOD  profiles  from  the  finite  element  analyses  to  the 
experimental  results.  We  should  note  that  the  ABAQUS  parameters  were  chosen  so  that  crack 
growth  occurred  in  only  one  element  at  a  time.  Strictly  speaking  then,  while  the  finite  element  cal¬ 
culations  were  performed  using  the  “finite  deformation”  option  of  ABAQUS,  the  crack  propaga¬ 
tion  calculations  are  not  truly  finite  deformation  calculations  because  such  extreme  deformation 
can  not  be  simulated  within  a  single  element.  Also,  no  fracture  mechanism  is  assumed  and  no 
fracture  criterion  is  introduced;  the  crack  simply  propagates  at  a  constant  rate.  Nevertheless  the 
analyses  still  account  for  the  continuum  properties  of  the  single  crystal  and  the  calculated  opening 
profiles  should  give  some  indication  as  to  the  nature  of  the  behavior  predicted  on  the  basis  of  con¬ 
tinuum  mechanics. 

Further,  it  is  worth  emphasizing  that  the  phenomenon  under  investigation  is  one  of  a  differ¬ 
ence  of  crack  growth  behavior  so  we  must  compare  the  experimental  results  of  crack  opening  dis- 
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placement  profiles  with  computations  of  the  shape  of  the  growing  cracks.  To  first  order,  both 
simulated  cracks  assume  the  form  of  a  constant  angle  opening.  After  an  initial  transient,  both  are 
predicted  to  have  approximately  the  same  CTOA,  about  0.033  radians  (1.9°)  after  7.5  pm  of  crack 
growth.  However  after  the  cracks  propagate  out  of  the  region  that  was  highly  deformed  by  the  sta¬ 
tionary  crack,  a  difference  in  NCOD  profiles  emerges  which  is  opposite  to  experimental  observa¬ 
tions.  After  350  pm,  the  calculated  CTOA  of  the  brittle  crack  is  0.011  radians  (0.63°)  and  for  the 
ductile  crack  is  0.0079  radians  (0.45°).  The  CTOA  of  the  cracks  after  the  load  is  removed  is  about 
10%  smaller  than  the  CTOA  in  the  loaded  state. 

After  350  pm,  the  calculated  crack  tip  opening  angles  are  both  smaller  than  the  measure¬ 
ments.  But  this  is  not  an  entirely  fair  comparison  because  experimentally  the  cracks  propagated  at 
an  increasing  bending  moment.  Therefore,  we  also  simulated  the  growing  cracks  under  an 
increase  of  externally  applied  load.  The  results  predict  a  larger  CTOA  for  both  cracks,  but  do  not 
show  any  sign  of  explaining  the  observed  difference  in  crack  opening  profile. 

The  fact  that  the  brittle  crack  opening  profile  is  larger  than  the  ductile  profile  can  be  par¬ 
tially  explained  by  noting  that  at  a  sufficient  distance  behind  the  crack  tip,  the  loading  is  one  of 
pure  bending  and  that  the  (1 1 1 )  slip  system  is  the  preferred  slip  system  for  plastic  deformation 
because  it  lies  closer  to  the  ±45°  than  any  other  slip  system.  Then  by  noting  the  direction  of  the 
(Ill)  slip  system  relative  to  each  crack,  it  is  evident  that  the  loading  would  tend  to  open  the  brit¬ 
tle  crack  and  to  close  the  ductile  crack.  Indeed,  the  experiments  show  exactly  this  difference  on  a 
macroscopic  scale;  the  fact  that  the  crack  opening  displacement  is  larger  than  that  of  the  ductile 
crack  is  visible  to  the  naked  eye.  Nevertheless,  the  interferometric  results  show  that  the  near  tip 
CTOA  of  the  ductile  crack  is  larger  than  that  of  the  brittle  crack. 

CONCLUSIONS 

We  consider  a  specially  oriented  copper/sapphire  bicrystal  which  exhibits  a  directional 
dependence  of  fracture  along  the  interface  and  show  that  the  experimentally  observed  orientation 
of  the  directional  dependence  is  opposite  to  that  predicted  by  Rice  et  at.  [1]  and  Beltz  and  Rice  [2] 
based  on  associating  the  ductile  direction  with  ease  of  dislocation  nucleation  at  the  crack  tip.  We 
show  that  previous  work  by  Beltz  and  Wang  [3]  which  reported  that  the  orientation  of  the  direc¬ 
tional  dependence  is  in  accordance  with  prediction  is  incorrect.  However,  even  though  they  mea¬ 
sured  the  orientation  of  the  directional  dependence  of  fracture  incorrectly,  their  experimental 
results  are  consistent  with  the  present  experimental  results. 

We  measure  the  crack  opening  profile  of  both  cracks  with  Crack  Opening  Interferometry 
and  with  Atomic  Force  Microscopy.  The  results  show  that  both  cracks  propagate  at  a  constant 
crack  tip  opening  angle  away  from  the  very  tip  of  the  crack.  The  crack  tip  opening  angle  of  the 
ductile  crack  is  about  twice  that  of  the  brittle  crack.  The  degree  of  blunting  directly  at  the  crack  tip 
is  shown  to  be  an  order  of  magnitude  larger  for  the  ductile  crack  than  for  the  brittle  crack. 

Finite  element  simulations  predict  that  the  opening  normal  stress  on  the  prolongation  of  the 
growing  brittle  crack  is  larger  than  that  of  the  growing  ductile  crack.  This,  in  and  of  itself,  could 
explain  the  directional  dependence  of  fracture.  The  FEM  computations  predict  opening  profiles  of 
growing  cracks  in  the  form  of  constant  angle  openings.  The  magnitude  of  the  calculated  crack  tip 
opening  angles  is  of  the  same  order  of  magnitude  as  the  experimental  measurements.  The  FEM 
results  are  not  able  to  predict  the  dramatic  difference  in  normal  crack  opening  profile  exhibited  by 
the  two  cracks,  as  measured  by  interferometry  and  atomic  force  microscopy. 
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ABSTRACT 

Recent  work  on  the  phenomenon  of  diffusion-controlled  quasi-static  brittle  fracture, 
known  as  dynamic  embrittlement,  is  reviewed  here  with  reference  to  sulfur-induced 
embrittlement  of  steel,  tin-induced  embrittlement  of  Cu-Sn  alloys,  and  oxygen-induced 
embrittlement  of  copper-based  and  nickel-based  alloys.  The  mechanisms  of  this  generic  form  of 
intergranular  brittle  fracture  are  discussed. 

INTRODUCTION 

The  common  conception  of  brittle  fracture  is  one  that  is  catastrophic,  in  which  a  crack 
propagates  at  velocities  on  the  order  of  102  to  103  m/sec.  Here  we  consider  a  class  of  brittle 
fracture  in  which  cracks  propagate  at  rates  eight  to  nine  orders  of  magnitude  slower.  The  fracture 
is  brittle  in  the  sense  that  it  occurs  by  decohesion,  with  negligible  plastic  deformation,  by  the 
growth  of  a  sharp  crack.  This  generic  type  of  brittle  fracture,  which  has  been  called  dynamic 
embrittlement  [1,2],  occurs  quasi-statically  as  a  result  of  stress-driven  diffusion  of  a  mobile 
surface-adsorbed  embrittling  element  along  grain  boundaries  in  polyciystalline  materials  that  are 
strong  enough  to  support  the  necessary  loads. 

To  understand  this  type  of  fracture,  one  should  start  with  the  phenomenon  of  diffusion 
creep,  in  which  surface  atoms  are  driven  inward,  in  exchange  with  lattice  vacancies,  by  an 
applied  tensile  stress,  a,  because  of  the  work  done,  a£2,  where  £2  is  the  volume  of  a  surface 
atom.  This  is  called  Herring-Nabarro  creep  when  the  diffusive  flux  is  carried  by  the  lattice,  and 
Coble  creep  when  it  is  carried  along  grain  boundaries.  This  process  leads  to  diffusive  (Hull- 
Rimmer)  growth  of  internal  cavities.  The  reverse  of  cavity  growth,  sintering,  occurs  in  the 
absence  of  a  tensile  stress  under  the  influence  of  the  surface  energy  of  the  cavities.  Dynamic 
embrittlement  occurs  when  the  diffusing  atoms  from  the  surface  are  embrittling  elements,  rather 
than  matrix  atoms,  and  usually  at  temperatures  where  the  matrix  atoms  have  low  mobility. 

Thus,  the  embrittling  elements  responsible  for  dynamic  embrittlement  are  generally  ones  with  a 
low  melting  temperature. 

STRESS-RELIEF  CRACKING  OF  STEELS 

This  phenomenon  was  first  recognized  as  a  distinct  form  of  brittle  fracture  in  a  study  of 
the  phenomenon  of  stress-relief  cracking  of  a  low-alloy  steel  [3],  where  it  was  realized  that  the 
brittle  mode  of  SRC  was  caused  by  sulfur  that  segregated  from  the  bulk  first  to  the  surfaces  of 
internal  cavities  and  later  along  the  free  surface  near  the  tip  of  a  growing  crack.  The  sulfur  had 
become  plentiful  along  the-prior  austenite  grain  boundaries  as  a  result  of  a  high-temperature 
excursion  that  was  meant  to  simulate  what  occurs  in  the  heat-affected  zone  of  a  weldment.  The 
heating  to  >1250°C  caused  sulfides  to  dissolve,  allowing  sulfur  to  segregate  to  grain  boundaries, 
and  the  air-cooling  allowed  the  sulfur  to  precipitate  along  the  grain  boundaries  as  very  fine,  not 
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very  stable,  sulfides.  The  identity  of  sulfur  as  the  embrittling  element  was  confirmed  by  Auger 
electron  spectroscopy  on  intergranular  facets  exposed  in  UHV  [3].  It  has  been  shown  that  the 
cracking  can  be  inhibited  by  treatment  of  a  steel  with  cerium,  which  can  reduce  the  sulfur 
activity  in  the  matrix  to  very  low  levels  [4]. 

In  later  work  [1],  the  progress  of  this  sulfur-induced  dynamic  embrittlement  was 
followed  using  DC-potential-drop  measurements  of  crack  growth  rates  in  pre-cracked  compact- 
tension  specimens.  An  example  of  a  result  is  shown  in  Fig.  1.  It  was  found  that  the  cracking  got 
started  in  bursts  in  which  patches  of  grain  boundaries  opened  amidst  regions  that  did  not  crack 
as  readily.  Later,  the  entire  cross  section  of  the  CT  specimen  had  essentially  cracked  through, 
but  uncracked  ligaments  were  left  behind  the  main  crack  front,  which  itself  was  quite  jagged,  as 
illustrated  by  Fig.  2.  Examination  at  high  resolution  in  the  SEM  of  the  crack  front  in  an 
interrupted  specimen  that  was  later  fractured  at  77K  showed  that  the  tip  was  sharp,  with  no 
evidence  of  blunting.  A  series  of  interrupted  tests  showed  that  the  uncracked  ligaments  were,  in 
fact,  slowly  cracking  as  the  test  proceeded.  These  results  were  interpreted  as  showing  that  the 
diffusivity  of  sulfur  varied  significantly  with  grain-boundary  structure  and  that  this  was 
responsible  for  the  variation  in  cracking  rate.  The  jagged  crack  front  was  a  manifestation  of  crack 
growth  by  a  kind  of  viscous  fingering  along  paths  of  most-rapid  sulfur  diffusion.  A  striking 
example  of  the  decisive  role  of  grain-boundary  structure  on  cracking  rate  can  be  illustrated  by 
Fig.  3,  which  shows  how  cracking  proceeded  along  the  terminating  surface  of  an  annealing  twin 
(in  the  prior-austenite  phase).  The  adjacent  regions  were  still  intact  at  the  end  of  the  test;  the> 
were  fractured  by  rupture  at  room  temperature. 
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Fig.  1.  Plot  of  crack  velocity  vs.  stress  intensity 
for  a  MnMoNiCr  steel  under  constant  load  at 
540°C  in  UHV.  Ref.  1. 


Fig..  2.  Distribution  of  uncracked  regions  in  a 
specimen  of  the  MnMoNiCr  steel  under  the 
same  conditions  as  in  Fig.  1  in  a  test  interrupted 
at  the  point  shown  by  the  v-K  curve  on  the  left, 
showing  the  jagged  main  crack  front  and 
uncracked  ligaments  behind  the  front.  Ref.  1. 


EXPERIMENTS  ON  COPPER-BASED  ALLOYS 

The  interpretation  of  SRC  in  steel  as  sulfur-induced  dynamic  embrittlement  was  tested 
by  an  analogous  set  of  experiments  [5]  on  a  Cu-8%Sn  alloy.  This  alloy  was  known  to  be  hot- 
short,  and  tin  is  a  well-known  embrittling  element  that  is  also  surface-active  in  Cu-Sn  alloys  [6]. 
It  was  found  that  the  Cu-Sn  alloy  at  265°C  mimicked  the  steel  tested  at  650°  in  every  way. 
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Later,  experiments  were  carried  out  [7]  on  bicrystals  of  a  Cu-7%Sn  alloy  made  by 
diffusion  bonding  of  single  crystals  to  examine  the  effect  of  the  anisotropy  of  diffusion  in 
symmetrical  E=5  tilt  boundaries  with  a  boundary  plane  of  (031)  and  a  tilt  axis  of  (100).  It  was 
found  that  cracking  at  265 °C  occurred  readily  along  the  tilt  axis,  which  is  a  direction  of  rapid 
diffusion  [8],  but  that  it  did  not  occur  at  all  perpendicular  to  the  tilt  axis.  The  cracking  was 
continuous,  with  no  sign  of  arrest  marks,  at  a  stress  intensity  of  less  than  4  MPaVm.  An 


Fig.  3.  Isolated  ligament  that  was  fractured  by 
rupture  after  the  test  depicted  in  Fig.  1;  the 
ligament  is  bisected  by  a  region  of  intergranular 
decohesion  along  the  terminus  of  an  annealing 
twin  in  the  prior-austenite  grain.  Ref.  1. 


Initial  net-section  stress  (MPa) 


Initial  net-section  stress  (%  of  the  yield  stress) 

Fig.  4.  Dependence  of  time  to  failure  on  the 
applied  stress  for  static  loading  of  a  notched 
Cu-0.25%Be  tensile  specimen  at  200°C  in  dry 
air.  Ref.  10. 


approximate  steady-state  model  [9]  using  reasonable  values  of  the  intergranular  diffusion 
coefficient  and  other  parameters  was  consistent  with  a  penetration  distance  on  the  nanometer 
scale. 

In  both  the  steel  and  the  Cu-Sn  alloy,  the  source  of  the  embrittling  element  was  the  alloy 
itself,  by  way  of  surface  segregation.  The  environment  can  also  serve  as  the  source;  oxygen  has 
been  found  to  produce  the  same  kind  of  cracking  in  Cu-Be  alloys  [10]  and  in  the  nickel-based 
superalloy  IN718  [1 1].  An  example  of  the  former  is  shown  in  Fig.  4.  The  time  to  failure  in 
oxygen  for  a  notched  tensile  specimen  became  very  short  when  the  applied  (static)  stress 
exceeded  half  the  net-section  yield  stress.  On  the  other  hand,  in  a  vacuum  of  about  10‘6  torr  the 
specimen  had  only  begun  to  crack  after  148h,  for  an  average  crack-growth  rate  of  about  one 
nanometer  per  second,  as  opposed  to  the  one  micrometer  per  second  found  in  1-atm  oxygen. 

EXPERIMENTS  ON  NICKEL-BASED  ALLOYS 

Intergranular  cracking  of  nickel-based  superalloys  is  a  serious  problem  in  gas-turbine 
applications,  and  it  has  been  studied  mainly  in  the  context  of  low-cycle  fatigue.  The  amount  of 
such  cracking  increases  as  the  cycling  frequency  decreases  and  also  with  periods  of  holding 
under  a  tensile  stress.  The  cracking  rate  was  found  to  decrease  by  several  orders  of  magnitude 
when  the  oxygen  pressure  was  reduced  below  about  10'2  torr.  Because  this  behavior  resembled 
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dynamic  embrittlement,  a  study  was  undertaken  using  some  of  the  same  methods  as  had  been 
employed  for  the  studies  described  above.  As  in  the  studies  of  the  copper-based  alloys, 
specimens  were  loaded  at  constant  displacement  in  pure  bending,  and  the  crack-growth  rates 
were  determined  by  the  drop  in  load  and  by  a  calibration  of  specimen  compliance  vs.  crack 
length  as  illustrated  in  Fig.  5.  As  in  both  the  copper-based  alloys  and  the  steel,  interrupted  tests 
showed  that  the  crack  front  was  irregular  and  that  uncracked  ligaments  were  left  behind  after  the 
crack  front  had  passed.  Evidence  for  preferential  cracking  along  certain  boundaries,  similar  to 
that  shown  in  Fig.  3,  was  also  found. 


K  (MPa-m1/2) 


Fig.  5.  (a)  Load  relaxation  due  to  cracking  in  IN718  in  lab  air  for  an  SEN  specimen  loaded  to 
displacement  at  650°C.  (b)  Corresponding  v-K  curve.  Ref.  11. 


fixed 


Time  (min)  Time  (min) 

(a)  (b) 


5.®*®;  (a)  Load-relaxation  curve  for  SEN  specimen  of  IN718  loaded  to  a  fixed  displacement  in  oxygen  at 
650  C  showing  the  effect  of  removal,  and  then  re-addmission,  of  the  oxygen,  (b)  Enlargement  of  the 
circled  region  in  (a),  showing  the  rapidity  of  response  to  the  change  in  environment.  Ref.  11. 

The  rate  of  crack  growth  showed  essentially  the  same  dependence  on  oxygen  pressure  as 
in  the  previous  studies  of  cyclic  intergranular  cracking  of  IN718  [12].  Cracking  was  extremely 
responsive  to  the  admission  and  removal  of  oxygen,  as  illustrated  by  Fig.  6.  Cracking  stop 
essentially  immediately  when  the  vacuum  pump  was  turn  on,  and  it  commenced  essentially 
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immediately  when  the  oxygen  valve  was  turned  on,  as  shown  by  Fig.  6(a).  This  is  consistent 
with  a  diffusive  penetration  zone  very  close  to  the  crack  tip.  The  threshold  stress  intensity  for 
crack  growth  was  less  than  10  MPaVm,  and  the  tips  of  cracks  in  interrupted  specimens 
appeared  to  have  been  sharp. 

The  intergranular  fracture  facets  of  the  IN71 8  cracked  at  oxygen  pressures  above  about 
10'3torr  exhibited  the  result  of  decohesion  with  no  apparent  plastic  deformation.  However, 
there  was  evidence  of  irregularly  spaced  crack-arrest  marks  on  the  sub-micron  scale.  Similar 
arrest  marks  have  also  been  observed  in  the  steel  [1]  and  in  the  Cu-Sn  alloy  [5].  We  believe  that 
these  are  essentially  artifacts  of  dynamic  embrittlement  of  polycrystals,  which  can  be 
considered  as  composites  made  up  of  a  few  regions  that  are  cracking  under  a  low  local  stress 
intensity  at  any  moment  of  time  surrounded  by  non-cracking  regions  that  are  deforming  by 
power-law  creep.  The  latter  carry  the  overall  stress  intensity,  which  rises  to  more  than  five 
times  that  needed  for  crack  advance,  cf.  Fig.  5,  and  they  thereby  shield  the  cracking  regions  from 
stress.  The  cracks  proceed  in  intermittent  jumps  only  as  fast  as  the  constraint  from  the  creeping 
regions  permits.  We  would  expect  that  cracking  would  be  continuous  in  a  bicrystal  of  the  IN718, 
in  which  such  constraint  would  be  absent. 

When  the  cracking  took  place  at  oxygen  pressures  below  about  1  (T  torr,  the 
intergranular  facets  showed  distinct  and  regular  arrests  marking  by  lines  of  fine  oxide  particles 
that  had  obviously  formed  each  time  the  cracks  stopped.  The  interpretation  of  this  is  that  the 
cracking  at  low  pressures  becomes  controlled  by  the  external  rate  of  delivery  of  oxygen  to  the 
crack  tip,  instead  of  by  the  rate  of  diffusive  penetration  into  the  crack-tip  region.  When  the 
supply  of  external  oxygen  becomes  too  low  to  sustain  continuous  cracking,  the  oxygen  that 
enters  the  grain  boundary  at  the  crack  tip,  in  effect,  leaks  away  by  diffusing  toward  the  region  of 
maximum  stress  ahead  of  the  somewhat-blunted  crack  tip.  Presumably,  cracking  occurs  in 
regular  jumps  when  the  internal  concentration  reaches  some  critical  value  over  this  larger 
penetration  distance.  Thus,  the  cracking  at  low  oxygen  pressures  becomes  inherently 
discontinuous,  in  contrast  to  the  inherently  continuous  mode  found  at  higher  pressures. 

SUMMARY 

The  oxygen  induced  cracking  of  IN718  is  similar  to  that  in  the  Cu-Be  alloy  studied  earlier 
[10]  and  is  presumably  similar  to  that  of  the  N^Al  intermetallic  alloy  [2],  It  is  essentially 
identical  to  the  dynamic  embrittlement  of  the  steel  by  sulfur  and  of  the  Cu-Sn  alloy  by  tin. 

Thus,  these  all  appear  to  be  examples  of  a  generic  phenomenon  that  can  be  considered  as  a 
separate  form  of  brittle  fracture.  The  source  of  the  external  embrittling  element  can  be  either  the 
alloy  itself,  by  way  of  surface  segregation,  or  the  external  environment.  There  seems  to  be  no 
reason  to  exclude  liquid  metals  from  the  list,  and  we  suggest  that  liquid-metal  embrittlement  is 
simply  another  manifestation  of  dynamic  embrittlement. 
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ABSTRACT 

Molecular  dynamics  simulations  using  a  bond-order  potential  were  carried  out  to  investigate 
the  behavior  under  load  of  several  <00 1>  and  <01 1>  symmetrical  tilt  grain  boundaries  in 
diamond.  Cohesive  energies,  work  for  fracture,  maximum  stresses  and  strains  as  functions  of 
the  type  of  grain  boundary  were  evaluated.  It  was  found  that  special  short-periodic  GBs  possess 
higher  strength  and  resistance  to  a  crack  propagation  than  GBs  in  the  nearby  misorientation 
range.  Crack  behavior  in  polycrystalline  diamond  samples  under  an  applied  load  was  also 
simulated,  and  found  to  be  predominantly  transgranular. 

INTRODUCTION 

The  present  study  is  aimed  at  understanding  the  influence  of  grain  boundaries  (GBs)  on 
the  integral  strength  of  polycrystalline  diamond  films.  It  is  established  experimentally  in  metals 
and  ceramics  that  different  types  of  GBs  behave  differently  under  mechanical  load  [1-3].  For 
example,  depending  on  their  structures,  GBs  may  have  different  resistance  to  crack  propagation. 
Therefore,  studying  the  mechanical  properties  of  different  GBs  one  could,  in  principle,  predict 
what  types  of  microstructures  enhance  film  toughnesses. 

Atomistic  modeling  techniques  are  widely  used  in  studies  of  intergranular  cohesion  [4- 
8].  The  quantities  used  for  the  estimation  of  relative  strength  of  grains  and  grain  boundaries  are 
cohesive  energies  of  grain  boundaries  and  bulk  material,  critical  fracture  stresses  and  work  for 
fracture.  In  the  present  paper  we  report  calculations  of  failure  properties  of  individual  <00 1> 
and  <01 1>  symmetrical  tilt  GBs  in  diamond.  It  was  found  that  GB  strength  depends  on  the  type 
of  GB  and  that  special  short-periodic  GBs  possess  higher  strength  than  GBs  in  the  nearby 

misorientation  range.  .  . 

Flaws  present  in  a  sample  often  influence  observed  strengths.  Therefore  it  is  important 
to  consider  the  behavior  of  a  system  with  a  pre-existing  crack.  Atomistic  simulations  provided 
important  insights  into  the  mechanisms  of  crack  propagation,  and  have  provided  support  for  the 
applicability  of  the  Griffith  condition  to  atomistic  scales  [9].  In  the  present  paper,  the 
propagation  of  a  pre-existing  crack  in  a  system  containing  a  GB  was  studied,  where  different 
initial  notch  orientations  relative  to  a  GB  were  modeled.  In  most  cases  transgranular  crack 
propagation  was  observed  unless  the  crack  was  inserted  directly  into  the  GB.  Finally,  crack 
propagation  in  a  system  with  realistic  microstructurai  features,  including  several  grain 
boundaries  and  their  triple  junctions,  was  examined. 

METHOD  OF  THE  CALCULATIONS 

Molecular  dynamics  simulations  were  carried  out  to  investigate  the  behavior  under  load 
of  several  symmetrical  tilt  GBs  with  <00 1>  and  <01 1>  misorientation  axes.  The  lowest-energy 
grain  boundary  structures  were  derived  from  a  coincident-site  lattice  model  in  which  each  atom 
is  four-fold  coordinated  [10].  To  estimate  theoretical  strengths  of  individual  GBs,  bicrystals 


319 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  539  ®  1999  Materials  Research  Society 


were  stretched  in  the  direction  perpendicular  to  a  GB  plane  at  a  constant  rate  of  1  %/ps,  without 
lateral  contraction.  Periodic  boundary  conditions  were  maintained  within  the  GB  plane.  The 
simulations  were  performed  on  systems  containing  approximately  4000  atoms.  The  quantities 
that  were  considered  in  this  set  of  simulations  were  maximum  fracture  stresses  of  the  GBs 
compared  to  the  ideal  structures,  and  GB  work  for  fracture  defined  from  the  areas  under  the 
stress-strain  curves. 

To  model  systems  with  pre-existing  flaws,  a  notch  30A  long  oriented  perpendicular  to  an 
applied  strain  was  inserted  into  a  sample  containing  a  GB.  The  applied  strain  was  increased 
until  a  crack  started  to  propagate.  Periodic  boundary  conditions  were  applied  only  along  the 
grain  boundary  tilt  axes.  Simulations  have  been  performed  for  several  80x180x20  A  diamond 
samples,  each  containing  approximately  50,000  atoms.  Different  GB  orientations  with  respect 
to  the  notch  were  considered;  this  was  to  induce  either  transgranular  or  intergranular  crack 
propagation. 

Crack  propagation  in  a  realistic  poly  crystalline  structure  containing  five-<01 1>  tilt  GBs 
and  two  triple  junctions  was  also  simulated.  The  microstructure  used  in  this  simulation  was 
constructed  to  mimic  those  observed  experimentally  in  CVD  diamond.  The  system  had 
dimensions  150x260x20  A,  contained  120,000  atoms,  and  was  periodic  along  <01 1>  axis. 

The  interatomic  interactions  in  the  simulations  were  modeled  by  an  analytic  many-body 
bond-order  potential  [11].  The  bond  order  functional  form  depends  on  local  coordination  and 
bond  angles,  as  well  as  terms  that  empirically  account  for  radicals,  conjugation,  and  dihedral 
rotation.  In  the  initial  version  of  the  potential  [1 1],  a  switching  function  cuts  off  the  interaction 
between  1.7  and  2.0  A.  This  nearest-neighbor  bonding  model  for  carbon  is  well  justified  by  the 
nature  of  covalent  bonding  and  works  well  for  most  equilibrium  structures.  However  the  fixed 
switching  function  approach  is  problematic  as  C-C  bonds  are  stretched  beyond  1.7  A  because  it 
significantly  influences  the  forces  in  the  vicinity  of  the  inflection  point  (~  1.85  A  in  diamond  for 
the  <1 1 1>  direction).  To  avoid  this  problem  in  the  present  study,  the  cutoff  distance  was 
extended  far  beyond  the  inflection  point.  To  preserve  the  nearest-neighbor  character  of 
interactions,  a  bond  list  using  the  original  (2  A)  cutoff  distance  was  constructed  for  the  initial 
system  that  was  left  unchanged  during  the  simulations.  This  ad  hoc  scheme  solves  the  cutoff 
problem  while  still  describing  bond  breaking  and  changes  in  the  chemistry  of  the  bond  during 
cleavage  (e.g.  formation  of  double,  triple  and  conjugated  bonds).  However,  its  application  is 
restricted  to  phenomena  that  involve  bond  breaking  but  not  new  bond  formation. 

It  is  well  established  [9]  that  the  area  bounded  by  the  curve  of  stress  as  a  function  of  the 
separation  between  atomic  planes  up  to  the  maximum  stress  should  approximately  equal  the 
surface  energy,  y.  With  the  new  cutoff  procedure,  this  area  calculated  for  separation  of  (1 1 1) 
diamond  planes  is  about  0.85y,  which  is  very  reasonable.  The  calculated  maximum  tensile 
strength  for  bond  breaking  in  the  <1 1 1>  direction  is  96GPa,  which  is  close  to  the  value 
calculated  by  Tyson  [12]  using  atomic  force  constants.  These  tests  demonstrate  the  reliability  of 
the  interatomic  potential  for  simulating  fracture. 

RESULTS  AND  DISCUSSIONS 

Grain  Boundary  Cohesion 

The  energy  required  to  cleave  a  brittle  material  along  a  GB  plane  without  plastic  deformation  is 
defined  as  a  difference  between  energies  of  the  two  unreconstructed  surfaces,  created  due  to 
cleavage,  and  the  GB  energy.  Plotted  in  Figure  1  are  GB  cohesive  energies  for  <00 1> 
symmetrical  tilt  GBs  as  a  function  of  misorientation  angle.  Free  surface  energies  were 
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Fig.l  Cleavage  energies  of  <00 1>  tilt  GBs. 


calculated  for  several  surface  orientations  and  then 
extrapolated  through  the  entire  misorientation  range. 
The  GB  energies,  which  are  necessary  for 
calculations  of  GB  cleavage  energies,  were  evaluated 
in  the  entire  misorientation  range  with  a  disclination 
structural  units  model  using  as  input  energies  of  a 
few  key  structures  [13].  As  it  can  be  seen  from  Fig.l, 
cleavage  energies  for  GBs  with  <00 1>  tilt  axes 
increase  with  the  misorientation  angle  so  that  from 
this  analysis  higher  strengths  are  expected  for  GBs 
with  misorientation  angles  close  to  90  degrees.  Also 
apparent  are  relative  peaks  in  the  cleavage  energy 
curve  in  the  vicinity  of  special  £= 5  GBs.  Cleavage 
energies  of  most  <00 1>  tilt  GBs  are  about  60-75%  of 
those  for  the  ideal  bulk  crystals  with  the  same 
orientation.  Cohesive  energies  of  some  <00 1>  and 
<01 1>  tilt  GBs  are  given  in  Table  I. 


Table  I.  Grain  boundary  strength  properties,  calculated  from  molecular  dynamic 
simulations  using  the  bond  order  potential.  C?cr  is  critical  stress  of  crack  propagation 
(30  A  length) _ _ _ _ _ __ 


0 

degrees 

£ 

boundary 

plane 

Young’s 

modulus 

(GPa) 

Maximum 

Stress 

(GPa) 

Maximum 

Strain 

(%) 

Relative 
Work  for 
Fracture 
(\A&t/Wiii) 

Cohesive 

Energy 
(J/m  ) 

(GPa) 

(111) 

1100 

96 

15.6 

1.0 

10.8 

44 

<001  >  STGB: 

0.0 

1 

(110) 

1000 

115 

19.5 

1.40 

6.7 

46 

12.68 

41 

(450) 

900 

52 

8.7 

0.29 

4.7 

27 

20.01  149 

(710  0) 

830 

53 

7.5 

0.26 

5.2 

36.87 

5 

(120) 

810 

62 

10.5 

0.42 

8.6 

46 

53.13 

5 

(130)S 

800 

73 

14.8 

0.67 

11.0 

54 

(130)Z 

800 

69 

13.7 

0.57 

11.2 

36 

73.74 

25 

(170) 

730 

46 

8.3 

0.23 

13.2 

38 

90.0 

1 

(100) 

850 

90 

24.0 

1.60 

22.0 

51 

STGB: 
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73 
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4.1 
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9.2 
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38 

Simulation  of  Single  Grain  Boundary  Strengths 

Strength  properties  of  different  GBs  with  <00 1>  and  <01 1>  misorientation  axes  calculated 
from  the  dynamic  simulations  are  summarized  in  Table  1 .  The  maximum  stress  for  samples  with 
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GBs  are  about  30-60%  lower  than  those  for  the  ideal  diamond  structure.  The  work  for  fracture 
for  various  types  of  GBs  (Wgb)  is  40-80%  lower  than  that  for  <1 1 1>  ideal  diamond  sample 

(W i !  I)  depending  on  GB  type. 

The  Orovan  criterion  [14]  was  used  to  investigate 
the  relationship  between  fracture  stresses  and 
cleavage  energies  of  GBs.  According  to  Orovan’ s 
criterion,  theoretical  fracture  stresses  depend  on  the 
cleavage  energies,  Young's  moduli,  and  the 
interplanar  spacing.  It  is  assumed  that  the  energy 
required  to  break  bonds  during  fracture  is  provided 
by  the  stored  elastic  energy  in  the  region  near  the 
fracture  plane.  GB  fracture  stresses  estimated  from 
Orovan’s  criterion  as  well  as  stresses  obtained  from 
the  dynamic  simulations  are  plotted  in  Fig.2.  It  is 
known  that  the  magnitude  of  the  theoretical  breaking 
strength  is  usually  overestimated  by  Orovan's 
approach  by  up  to  a  factor  of  two  [15];  therefore  the 
quantitative  difference  between  results  of  atomic 
simulation  and  analytical  approach  is  not  surprising. 
Nevertheless,  as  can  be  seen  from  Fig.2,  there  is  little 
qualitative  correlation  between  maximum  stresses  calculated  from  Orovan’s  criterion  and  those 
obtained  from  dynamic  simulations.  It  was  found  that  this  is  due  to  a  specific  mechanism  of 
fracture  initiation  within  a  GB.  At  the  critical  local  stress  (which  is  higher  than  the  applied 
stress),  nucleation  of  microcracks  occurred  within  the  dislocation  cores  at  the  GB,  which  are  the 
weakest  parts  of  the  system.  This  was  followed  by  bond  breaking  and  brittle  fracture  initiated 
along  the  interface.  Thus  Orovan’s  criterion  can  not  be  used  to  accurately  estimate  GBs 
theoretical  strengths  because  of  the  nonuniformity  of  cleavage  energy  distribution  along  the  GB. 

It  can  be  concluded  that  the  type  of  GB  determines  the  relative  theoretical  strengths  of  various 
GBs.  Apparent  from  Table  I  is  that  E=1  and  E=5  special  GBs  possess  about  a  30%  higher 
critical  stress  and  a  30%  higher  work  for  fracture  than  GBs  in  the  nearby  misorientation  range. 
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Fig.2  Fracture  stresses  of  <00 1>  tilt 
GBs  in  diamond. 


Crack  Propagation  in  Diamond  Samples  Containing  GBs 


Fig.3  Critical  stresses  of  a  crack  propagation 
within  <001  >  tilt  GBs. 


Because  diamond  is  a  brittle  material,  it  is 
expected  that  crack  propagation  will  result  in 
atomically  flat  surfaces,  and  that  critical  stresses 
evaluated  from  the  Griffith  criterion  using 
calculated  GB  cleavage  energies  will  correlate 
with  critical  stresses  from  dynamic  simulations. 
Critical  stresses  for  intergranular  propagation  of 
the  initial  crack  of  30  A  length  obtained  from 
molecular  dynamic  simulations  and  calculated 
with  the  Griffith  criterion  are  illustrated  in  Fig.3 
and  summarized  in  Table  I.  It  is  evident  from 
the  figure  that  the  dependency  of  critical  stress 
on  misorientation  is  similar  for  both  approaches. 
The  observed  agreement  between  values  derived 
from  the  Griffith  criterion  and  atomistic 
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simulations  (difference  is  about  20%)  is  quite  reasonable. 

Thus  the  results  indicate  that  GB  cleavage  energy  is  a  major  parameter  defining  GB  resistance 
to  crack  propagation. 

Critical  stresses  for  crack  propagation  within  GBs  are  about  30-40%  lower  than  those  for  an 
ideal  crystal,  except  for  2=5(012)  and  2=5(013)  special  GBs.  For  these  GBs,  maximum  stresses 
for  crack  propagation  exceed  those  calculated  from  Griffith  criterion,  and  are  very  close  to  the 
stresses  for  a  crack  propagation  in  ideal  samples  (Fig.3). 

Crack  propagation  in  a  system  with  different  initial  orientations  between  a  notch  and  GB 
plane  was  also  simulated.  In  general,  when  a  crack  reaches  a  GB,  it  can  propagate  within  the 
GB  (intergranular  fracture),  or  penetrate  into  the  second  grain  (transgranular  fracture).  Within 
the  second  grain,  the  crack  can  keep  moving  in  the  initial  direction  of  propagation  or  deviate 
into  an  easier  cleavage  plane.  These  events  depend  on  the  GB  cleavage  energy,  relative  bulk 
cohesive  energies  of  the  first  and  the  second  grains,  and  the  inclination  angle  of  the  GB  relative 
to  the  initial  plane  of  crack  propagation  [9].  From  the  balance  of  mechanical  energy  release  rate 
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and  the  relative  crack  resistance  of  a  GB  and  grains,  it 
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dependence  of  intergranular  versus  transgranular  crack  WMf- 
propagation  depending  on  the  GB  type  [17]. 
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<01 1>  GB  network  is  illustrated  in  Fig.4.  Among  the 
GB  in  the  systems,  the  2=27  and  2=3(2 1 1 )  GBs  are  the 
weakest  (possess  low  cohesive  energies).  Along  with  a 
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within  the  2=27  GB  (top  of  Fig.4)  as  the  applied  strain 
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junction  and  continued  to  propagate  along  the  2=9  GB.  ^(111)  W  1 
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plane  (Fig.4).  Thus,  both  trans-  and  intergranular  resulting  from  propagation  of  a  crack 
modes  of  a  crack  propagation  have  been  a realistic  m.crostructure. 

observed  in  this  set  of  calculations.  An  attempt 

to  evaluate  the  toughness  of  this  system  from  molecular  dynamic  simulations  is  currently  in 
progress. 


I  2=3(111) 


Fig.4  Illustration  of  the  fracture  surfaces 
resulting  from  propagation  of  a  crack  in 
a  realistic  microstructure. 


CONCLUSIONS 

Fracture  strength  and  resistance  to  crack  propagation  for  <00 1>  and  <01 1>  symmetrical  tilt 
GBs  in  diamond  have  been  studied  via  molecular  dynamic  simulations  based  on  a  bond-order 
analytic  potential.  It  was  found  that  the  theoretical  fracture  stress  of  an  individual  GB  is  defined 
primarily  by  the  type  of  GB  rather  than  by  GB  cleavage  energies.  In  particular,  special  GBs 
possess  higher  theoretical  fracture  stresses  than  GBs  in  the  nearby  misorientation  range.  It  was 
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also  found  that  the  mechanism  of  interface  failure  is  not  that  implied  by  Orovan  criterion,  which 
assumes  uniform  distribution  of  the  stored  energy  along  a  GB  plane  and  therefore  simultaneous 
reakmg  of  all  bonds  along  the  interface.  Instead,  the  atomistic  simulations  demonstrate  that 
failure  is  initiated  at  dislocation  cores  within  the  interface  due  to  critical  local  stresses  several 
times  exceeding  external  load. 

Critical  stresses  of  crack  propagation  within  a  GB  obtained  from  dynamic  simulations  were 
consistent  with  those  calculated  from  the  Griffith  criterion.  Higher  resistance  to  crack 
propagation  was  observed  for  special  GBs.  This  is  in  agreement  with  other  studies  and 
experiments  on  metals  and  ceramics  [3]. 

In  the  systems  containing  GBs  with  different  initial  orientation  relative  to  a  notch, 
transgranular  crack  propagation  was  observed  in  most  cases. 
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MINIMUM  SURFACE  FORMATION  ENERGY  FOR  THREE-DIMENSIONAL 
INTERGRANULAR  FRACTURE 
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ABSTRACT 

The  minimum  expended  energy  for  fracture  is  the  free  energy  required  to  form  two  new 
surfaces.  For  intergranular  fracture,  the  minimum  surface  formation  energy  is  complicated  by  the 
rough  fracture  surface,  with  area  greater  than  the  specimen  cross-section.  We  utilize  network 
optimization  algorithms  (max-flow/min-cut)  to  determine  the  minimum  surface  formation 
energies  and  surfaces  for  intergranular  fracture  in  3D  polycrystals.  For  equiaxed  grains  and 
uniform  boundary  strength,  the  minimum  energy  fracture  area  is  independent  of  grain  size  and  is 
45%  larger  than  the  specimen  cross-section,  and  intergranular  fracture  will  occur  when  surface 
energy  is  less  than  1 .6  times  the  grain  boundary  energy.  The  3D  fracture  area  is  larger  than 
projected  from  2D  systems.  In  systems  with  microcracked  boundaries,  the  fracture  surface 
deviates  to  preferentially  include  microcracked  boundaries,  creating  interlocking  grain 
configurations.  Two-dimensional  percolation  of  microcracks  occurs  at  about  80%  microcracked 
boundaries. 

INTRODUCTION 

In  brittle  materials,  the  energy  for  fracture  includes  a  variety  of  thermodynamic  and 
kinetic  contributions.  The  minimum  energy  E/ which  must  be  expended  to  fracture  a  specimen  is 
the  free  energy  required  to  form  two  new  surfaces 

Ef=  AEA  (1) 

where  AE  is  the  surface  formation  energy  per  unit  area  and  A  is  the  surface  area  of  the  fracture. 

For  a  material  which  fractures  by  cleavage  (transgranular  fracture),  AE  is  the  energy  of 
forming  two  new  surfaces  from  the  bulk,  2a,  where  a  is  the  surface  free  energy  per  unit  area.  For 
materials  which  fracture  along  grain  boundaries  (intergranular  fracture),  AE  is  the  energy  for 
forming  two  new  surfaces  minus  the  free  energy  per  unit  area  of  the  original  grain  boundary  y,  so 

AE=  2a-  y  (2) 

In  transgranular  fracture,  the  surface  formation  energy  is  computed  assuming  the  crack  is 
planar;  thus,  A  is  the  cross-sectional  area  of  the  specimen.  For  intergranular  fracture,  the  surface 
formation  energy  is  complicated  by  the  rough  fracture  surface,  with  area  greater  than  the 
specimen  cross-section. 

Dynamic  processes  such  as  plasticity,  crack  branching,  crack  bridging  and  healing  all  add 
to  the  fracture  energy.  However,  the  surface  formation  energy  E/  provides  a  minimum  expended 
energy  below  which  fracture  cannot  occur.  Therefore,  it  is  useful  to  characterize  Ef  for  systems 
and  fracture  processes  of  interest.  In  this  paper,  we  determine  and  analyze  Ef  for  intergranular 
fracture  in  three-dimensional  (3D)  equiaxed  polycrystals  with  and  without  microcracks. 

FRACTURE  MODEL 

To  find  the  minimum  surface  formation  energy  for  intergranular  fracture,  we  must 
identify  a  surface  which  divides  a  polycrystal  into  two  parts  while  conforming  to  the  grain 
boundaries  and  minimizing  surface  formation  energy.  Such  surfaces  may  be  found  by  various 
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network  algorithms.  A  two-dimensional  (2D)  approach,  which  uses  Djikstra’s  algorithm  on  the 
graph  of  grain  vertices  and  edges,  is  described  in  [1].  That  scheme  cannot  be  used  on  3D  grain 
structures,  however. 

To  solve  the  3D  problem,  we  use  a  graph  which  is  the  dual  of  the  grain  boundary 
structure.  The  grain  centroids  are  the  nodes  of  the  graph.  Centroids  of  neighboring  grains  are 
connected  by  edges  of  the  graph,  so  that  each  edge  represents  the  boundary  between  two  grains. 
Each  edge  is  given  a  capacity  that  corresponds  to  the  surface  formation  energy  for  fracturing  that 
boundary.  This  scheme  is  shown  in  Figure  1 . 

This  graph  is  a  capacitated  network,  defined  as  a  graph  consisting  of  nodes,  edges  which 
connect  nodes,  and  capacities  associated  with  each  edge.  The  top  and  bottom  surfaces  of  the 
sample  are  defined  as  source  and  sink  nodes.  The  maximum  flow  (max-flow)  a  network  can 
sustain  is  the  largest  numerical  flow  which  can  move  from  the  source  to  the  sink,  node  to  node 
via  the  connecting  edges,  with  no  edge  carrying  more  flow  than  its  capacity.  The  minimum  cut 
(min-cut)  is  the  separation  of  the  network  into  two  networks,  with  the  source  in  one  new  network 
and  the  sink  in  the  other,  such  that  the  sum  of  the  capacities  of  the  broken  edges  is  minimal.  Ford 
and  Fulkerson  [2]  proved  that  the  max-flow  in  a  network  occurs  across  the  min-cut  and 
developed  a  polynomial-time  algorithm  to  determine  the  max-flow.  Edmonds  and  Karp  [3] 
modified  the  algorithm  to  guarantee  convergence  in  the  case  of  non-integer  capacities. 

The  max-flow/min-cut  algorithm  proceeds  by  associating  a  flow  value  with  each  edge  in 
the  network,  initially  set  to  zero.  An  attempt  is  made  to  push  an  infinite  amount  of  flow  out  of 
the  source,  limited  by  the  flow  available  in  the  edges  leaving  the  node.  This  process  is  repeated 
for  each  node  reached  by  the  new  flow  until  some  incremental  flow  reaches  the  sink.  When  this 
happens  the  flow  values  of  all  edges  in  the  path  that  this  new  flow  took  are  updated  to  reflect  the 
increase.  This  procedure  is  repeated,  each  time  augmenting  the  flow  from  the  source  to  the  sink, 
until  a  path  to  push  even  the  smallest  flow  increase  to  the  sink  cannot  be  found.  The  resulting 
flow  reaching  the  sink  is  the  max-flow,  and  also  the  value  of  the  min-cut. 

For  the  a  grain  structure  graph,  the  minimum  surface  formation  energy  fracture  is  the 
surface  which  divides  the  graph  into  two  pieces  while  cutting  edges  with  the  minimum  total  edge 
capacity,  i.e.  the  min-cut.  Therefore,  the  max-flow/min-cut  algorithm  can  provide  both  the 
position  and  surface  formation  energy  for  the  minimum  energy  fracture. 


Figure  1.  A  grain  structure  (gray  lines)  represented  by  the  graph  of  its  dual.  Nodes  of  the  graph 
(dots)  are  the  grain  centroids;  edges  (black  lines)  connect  centroids  of  neighboring  grains.  The 
capacity  of  an  edge  is  its  surface  formation  energy.  Here,  the  boundary  between  grains  x  and  v 
has  surface  formation  energy  of  m  units. 
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All  grain  structures  in  this  study  were  equiaxed,  single  phase  polycrystalline 
microstructures  produced  using  a  3D  Monte  Carlo  Potts  Model  grain  growth  simulation  [4-6]. 
Although  the  fracture  model  can  operate  on  digitized  experimental  microstructures,  simulated 
microstructures  were  used  to  allow  a  consistent  3D  representation  and  to  ensure  equivalence 
between  specimens  in  all  but  the  desired  varying  characteristics. 

Because  we  are  interested  only  in  surface  formation  energy,  we  ignore  mechanical 
processes  in  crack  propagation,  including  plasticity,  crack  branching,  crack  bridging  and  healing. 

RESULTS  AND  DISCUSSION 

Eauiaxed  Polvcrvstals 

Figure  2  shows  a  typical  intergranular  fracture  surface  which  globally  minimizes  surface 
formation  energy  in  an  equiaxed  microstructure  with  uniform  boundary  strength.  The  crack 
forms  a  relatively  smooth  surface,  and  interlocking  grain  configurations  which  could  cause  crack 
bridging  are  absent. 


Figure  2.  Intergranular  fracture  surface  of  minimum  surface  formation  energy  for  an  equiaxed 
3D  polycrystal  with  uniform  boundary  strength.  Sample  size  is  200x100x100  sites,  and  the 
average  grain  radius  is  6.6  sites. 

The  minimum  energy  fracture  area  is  about  1 .45  times  the  cross-sectional  area  and  does 
not  vary  with  grain  size,  as  shown  in  Figure  3.  Therefore,  in  equiaxed  structures,  the  minimum 
energy  intergranular  crack  surface  is  about  45%  larger  than  a  cleavage  fracture. 

Also  plotted  in  Figure  3  is  the  minimum  surface  formation  energy  crack  length  for  2D 
grain  structures.  In  two  dimensions,  the  minimum  energy  fracture  is  about  1.1  times  the  sample 
width  (very  close  to  the  length  expected  for  a  perfect  hexagonal  array  of  grains)  and  does  not 
vary  with  grain  size  [1].  A  2D  path  1.1  times  as  long  as  its  end-to-end  width  extrapolates  to  a  3D 
surface  of  area  1.2  times  the  cross-sectional  area.  Actual  3D  fracture  surfaces  are  of  considerably 
larger  area.  This  indicates  that  2D  and  3D  fracture  surfaces  are  fundamentally  different.  This  is 
not  surprising  considering  the  difference  in  boundary  topology  in  two  and  three  dimensions.  In 
particular,  the  requirements  of  connectivity  prevent  each  slice  of  the  3D  surface  from  being  a 
minimum  length  2D  path.  Since  the  3D  minimum  energy  fracture  is  not  a  composite  of  2D 
minimum  fractures,  its  area  is  necessarily  larger  than  that  extrapolated  from  the  2D  results. 
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Figure  3.  Minimum  surface  formation  energy  intergranular  fracture  surface  size  as  a  function  of 
equiaxed  grain  size  in  2D  (diamonds)  and  3D  (circles).  Fracture  size  is  shown  normalized  by  the 
sampte  width  (2D)  or  cross-sectional  area  (3D).  Fracture  size  does  not  change  with  grain  size  In 
2D,  fracture  length  is  approximately  the  same  as  for  a  perfect  hexagonal  grain  array  (dotted  line) 
In  3D,  fracture  area  is  much  larger  than  extrapolated  from  the  2D  result  (solid  line). 

The  observation  that  the  minimum  energy  intergranular  fracture  is  1 .45  times  larger  than 
a  transgranular  cleavage  plane  allows  us  to  calculate  an  energetic  criterion  for  intergranular 
fracture  in  3D.  Intergranular  fracture  is  preferred  when  the  intergranular  fracture  energy  Et  is  less 
than  the  transgranular  cleavage  energy  Et.  From  equations  (1)  and  (2),  this  occurs  when 

(2a  -  y)A  <  2a  Ao  (3) 

where  A  is  the  intergranular  fracture  area  and  A0  is  the  cross-sectional  area  of  the  specimen.  If 
A  -  1.45 A0,  intergranular  fracture  is  energetically  preferred  when 

a<1.6y  (4) 

When  surfaces  are  energetically  inexpensive,  the  crack  will  follow  a  more  tortuous  path  to 
eliminate  grain  boundary.  In  typical  pure  metals,  a~3y  [7];  therefore,  we  do  not  expect 
intergranular  fracture  in  equiaxed  microstructures.  This  is  consistent  with  experimental 
observations.  However,  if  the  grain  boundary  energy  is  increased  or  the  surface  energy  is 
decreased  (i.e.  by  contamination  of  grain  boundaries),  intergranular  fracture  can  and  does  occur. 
Microcracked  Polv crystals 

Anisotropic  effects  such  as  thermal  expansion  anisotropy  or  preferential  solute 
segregation  can  cause  grain  boundaries  to  non-unifonn  properties.  In  particular,  the  surface 
formation  energy  of  boundaries  may  vary  across  a  polycrystal,  with  some  boundaries  having  a 
very  low  surface  formation  energy.  As  surface  formation  energy  decreases,  boundaries  become 
similar  to  microcracks  and  can  dramatically  affect  intergranular  fracture. 

We  consider  a  system  in  which  special  boundaries  have  a  surface  formation  energy  AES 
which  is  much  lower  than  the  surface  formation  energy  for  normal  boundaries  AE„;  here 
AES  -  0.01  AEn.  We  assign  a  fraction/of  the  boundaries  in  the  system  at  random  to  be  special 
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boundaries,  and  the  average  surface  formation  energy  in  the  system  is  <AE>  -  fAEs  +  (1  -j) 
AEn. 


Figure  4.  Intergranular  fracture  surface  of  minimum  surface  formation  energy  for  an  equiaxed 
3D  polycrystal  with/=  0.8  very  low  surface  formation  energy  boundaries  (microcracks).  Sample 
size  is  200x100x100  sites,  and  the  average  grain  radius  is  6.6  sites.  Note  the  convoluted  fracture 
surface  which  includes  geometrically  interlocking  grains. 


a* 


Figure  5.  Intergranular  fracture  surface  area  (circles)  and  surface  formation  energy  (diamonds)  as 
a  function  of  fraction  microcracked  boundaries.  Fracture  area  is  shown  normalized  by  the  cross- 
sectional  area.  The  maximum  surface  area  fracture  occurs  at  the  2D  percolation  threshold  for 
microcracks,  pc.  Surface  formation  energy  is  lower  than  predicted  from  the  average  surface 
formation  energy  per  unit  area  in  the  system  (dashed  line),  indicating  that  low  surface  formation 
energy  boundaries  are  preferentially  included  in  the  fracture  surface. 

Because  the  special  boundaries  have  significantly  lower  surface  formation  energy  per 
unit  area,  the  fracture  surface  may  deviate  in  order  to  include  them,  as  shown  in  Figure  4.  These 
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deviations  may  lead  to  geometrically  interlocking  grains  (i.e.  crack  bridging).  The  minimum 
energy  fracture  area  is  significantly  higher  than  the  uniform  boundary  case  for  all  mixtures  of 
special  and  normal  boundaries,  with  a  peak  near /=  0.8,  as  shown  in  Figure  5.  In  addition  the 
surface  formation  energy  for  fracture  is  smaller  than  predicted  from  the  average  surface 
formation  energy  in  the  system,  indicating  that  fracture  surfaces  preferentially  choose  the  low 
surface  formation  energy  special  boundaries.  There  is  no  effect  of  grain  size  on  these  results. 

The  percolation  threshold,  where  a  connected  surface  of  special  boundaries  spans  the 
system  occurs  when/-  0.8.  At  this  point,  the  minimum  energy  fracture  surface  has  the  largest 
area  and  the  highest  roughness.  Note  that  typical  percolation  problems  entail  the  formation  of  a 
one-dimensional  path  across  a  specimen.  Fracture  percolation,  however,  is  the  formation  of  a 
continuous  2D  surface.  Such  percolation  problems  are  computationally  challenging;  in  fact  the 
max-flow/min-cut  algorithm  used  here  is  an  efficient  way  to  fmd  such  percolation  thresholds. 

CONCLUSIONS 

Max-flow/min-cut  network  optimization  algorithms  allow  efficient  determination  of  the 
minimum  surface  formation  energies  and  surfaces  for  intergranular  fracture  in  3D  polycrystals. 
For  equiaxed  grains  and  uniform  boundary  strength,  the  minimum  energy  fracture  area  is 
independent  of  grain  size  and  is  45%  larger  than  the  specimen  cross-section.  For  such  systems, 
intergranular  fracture  will  occur  when  surface  energy  is  less  than  1.6  times  the  grain  boundary’ 
energy.  The  3D  fracture  area  is  larger  than  projected  from  2D  systems,  indicating  that  the 
propagation  of  linear  and  planar  cracks  is  fundamentally  different.  In  systems  with  microcracked 
boundaries,  the  fracture  surface  deviates  to  preferentially  include  microcracked  boundaries 
allowing  interlocking  grain  configurations.  Two-dimensional  percolation  of  microcracks  occurs 
at  about  80%  microcracked  boundaries. 
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